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“When mankind needs it – maybe a short time before the
first thermonuclear reactor would start its work.”
Lev Artsimovich (1909 – 1973)
1
Introduction
In 2014 the estimated global final energy consumption was provided by three
main energy sources: fossil fuels (78.3 %), renewables (19.2 %) and nuclear en-
ergy (2.5 %) [1]. The fossil fuels: oil, gas and coal are finite resources. It is pos-
sible that cheap oil and gas will run out in our lifetime. Moreover, burning fossil
fuels strongly affects the climate due to the vast CO2 production and subsequent
greenhouse effect. The distribution of the sources of fossil fuels is not uniform
around the globe with different nations having different access to the resources.
A fossil fuels based economy is vulnerable to decisions of the supplier leading to
political instabilities and conflicts around the world. In other words, fossil fuels
are limited and are far from being a clean and secure energy source. Thus there is
a need for alternatives.
Currently the two main used alternatives are renewable energy and nuclear
power. Renewables include biomass, hydro, geothermal, solar and wind power
sources. However most of them have the caveat of intermittency: the source is
not continuously available and cannot be dispatched (i.e. cannot be turned on
and off or adjust their power according to the need). Nuclear power based on
nuclear fission does not have this disadvantage. However, it has the potential for
very dangerous accidents and produces radioactive waste and spent fuel, which, in
addition, can be used as a material for nuclear weaponry. Another type of nuclear
energy – nuclear fusion – can be a clean, secure and virtually unlimited alternative
energy source of the future.
1-2 INTRODUCTION
1.1. Magnetic confinement fusion
In a nuclear fusion reaction, energy is produced when two light nuclei are
fused together to form a heavier nucleus. This is the same process that provides
the energy in the sun and other stars. In order to make nuclear fusion reaction
happen, one has to bring two nuclei as close as 10−14 − 10−15 m. However, to do
this it is necessary to overcome the electrostatic or Coulomb’s repulsion between
the positively charged protons in the nuclei. This fact is the main reason of the
colossal obstacles standing on the way towards controlled nuclear fusion.
The Coulomb’s interaction increases with the charge of a particle. Theoreti-
cally it is possible to fuse any particles lighter than iron. However, the difficulty
in overcoming the electric repulsion limits the selection of practically possible fu-
sion reactions to reactions between light particles: isotopes of hydrogen, lithium
and helium. Fusion reactions involving these isotopes provide an energy gain in
order of a few MeV and have a low value of the Coulomb’s barrier in the range
of 0.1 − 0.5 MeV. However, the reaction between two hydrogen isotopes: deu-
terium (D) and tritium (T) has the highest cross section. In nuclear physics the
value of cross section is used to characterize the probability of a nuclear reaction:
the higher the cross section, the higher the probability of the reaction. Thus the
following reaction between hydrogen isotopes was chosen as the most favourable
for controlled nuclear fusion:
T +D → 42He+ n+ 17.6 MeV (1.1)
For hydrogen isotopes the energy of the Coulomb’s repulsion is around 0.15
MeV. This is a very large value. Hydrogen atoms in gas heated up to ∼ 1.6× 109
Kelvin will have comparable values of the average kinetic energy. It is not easy to
achieve such temperatures. Historically it was achieved first in a hydrogen bomb
where a fission based nuclear explosion was used as a sort of match to ignite the
fusion reaction. On top of that there is no material on Earth that can sustain such
a high temperature without being destroyed. The best known refractory metals
are not able to sustain even ten thousands of degrees. This brings the problem of
confinement – the way to hold fusing matter together. In sun and other stars this
problem is solved by the enormous size. The particles are confined by means of
gravity. For obvious reasons this way of confinement is not achievable on Earth.
At fusion relevant temperatures matter transforms in the state of plasma. In
this state, the atoms are fully ionized, meaning that all electrons are separated
from the nuclei. The difference with the gas state is that plasma fully consists of
charged particles. Charged particles can be controlled by electric and magnetic
fields. Thus it is possible to confine hot fusion plasma by strong magnetic fields.
The implementation of this idea is called magnetic confinement. There are several
types of devices that utilize magnetic confinement: magnetic mirrors, stellarators
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and tokamaks. The most promising one is the tokamak where powerful magnetic
fields in the shape of torus are used.
Figure 1.1: Magnetic fields in tokamak from left to right: toroidal component, poloidal
component and resulting helical magnetic lines.
The name tokamak comes from Russian acronym that stands for "toroidal
chamber with magnetic coils". The magnetic coils are used to create a toroidal
magnetic field around the torus. A poloidal magnetic field (orthogonal to the
toroidal direction) is created by inducing toroidal electric current that flows inside
the plasma. The resulting magnetic field lines travel around the torus in a helical
way, required for achieving plasma equilibrium. Toroidal, poloidal and resulting
magnetic fields in tokamak are schematically shown in figure 1.1.
1.2. Modern tokamaks
The first experiments with a toroidal configuration started in 1956 in the USSR
with a device called "TMP". The first tokamaks were very small with the major
radius of around 40 cm. However already at that time theoretical estimations of
the design of a thermonuclear reactor predicted a device with the major radius of
12 meters and 1000 m3 of plasma volume [2, 3]. The increase of the size of the
device is necessary for the improvement of three components needed for effective
energy production: plasma temperature, plasma density and confinement time.
Currently the biggest tokamak in operation is Joint European Torus (JET) located
in the Culham Centre for Fusion Energy in Oxfordshire, UK. It has the major
radius of 2.96 meters and holds the record of fusion power of 16 MW achieved in
1997. The image of the internal of the JET vacuum chamber is shown in figure 1.2
together with a comparison of the cross sections of the plasma volumes of different
tokamaks.
One of the most ambitions energy projects in the world today is the construc-
tion of the world’s largest tokamak called ITER (the acronym for International
Thermonuclear Experimental Reactor and also “The Way” in Latin). The exper-
imental campaign planned at ITER aims at testing the integrated technologies,
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Figure 1.2: Internal view of JET chamber combined with image of plasma taken with
visible spectrum video camera (left). Comparison of the cross sections of vacuum vessels
of different tokamaks (right).
materials and physical regimes necessary for the commercial production of fusion
based electricity. The size of the cross section of ITER’s vacuum chamber is com-
pared with JET and other tokamaks in the right part of figure 1.2. ITER aims to be
the first device to produce a tenfold return in energy, i.e., the ratio between total
input power to the fusion power (Q) will be ten. For the current record of 15 MW
of fusion power achieved at JET, the value of Q was only 0.67. Superconductive
magnets cooled to 4 K will be used in ITER for producing the magnetic field. The
whole magnetic system will be surrounded by a cryostat for thermal insulation.
ITER’s tokamak configuration surrounded by the cryostat is shown in figure 1.3.
The purpose of the device is to bridge the gap between today’s smaller fusion de-
vices to the demonstrational power station of the future or DEMO project. The
final goal of the long term strategy is the PROTO project – prototype fusion based
power plant.
1.3. Plasma facing materials and divertor
The choice of the plasma facing materials is extremely important for the per-
formance of a fusion device. It was hardly possible to obtain a plasma discharge in
the first toroidal configuration device "TMP" due to the poor choice of the plasma
facing material. The vacuum chamber was made of porcelain. The evaporation
of porcelain during the operation of the device polluted the plasma with silicon.
Due to excitation, ionization and recombination with plasma electrons, atoms of
impurities emit electromagnetic radiation which carries away the energy from the
plasma and can be a serious problem for plasma heating. This effect is more pro-
nounced for heavy impurities and thus light elements are usually chosen as plasma
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facing materials. In figure 1.4(a) a schematic image of ITER’s vacuum chamber
from [4] is shown. As can be seen from the picture, in ITER beryllium (Be) will be
used as a first wall material and tungsten (W) will be used for the divertor armour
material.
Figure 1.3: The configuration of ITER inside the cryostat. The purple image in the center
of the picture represents plasma inside the vacuum chamber.
Since impurities enter the plasma from the exterior, they first appear in the
outer layer of the plasma. Thus it is possible to fight plasma pollution if one
could continuously extract impurities form the outer layer of the plasma. This
was the idea behind the device proposed by the inventor of the stellarator concept
– Lyman Spitzer [5]. He named the device “divertor”. In ITER, the divertor is
located at the bottom of the vacuum chamber. Additional magnetic coils are used
in the divertor to modify the magnetic field in order to extract the outer part of the
magnetic field lines from the vacuum chamber. As can be seen from figure 1.4(a),
closed magnetic field lines form a D shape in the middle of the chamber where
the core plasma is located. The outer magnetic field lines close to the wall are not
closed and intersect the divertor plates. The first non-closed magnetic field line is
called separatrix and marks the border between the divertor plasma layer (marked
with pink colour in figure 1.4(a)) and the rest of the plasma. Plasma particles in the
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divertor layer follow the magnetic lines and reach the divertor plates. After cooling
down the plasma particles are pumped out of the chamber. The use of the divertor
allows reducing plasma contamination with impurities, extracting heat and helium
ash produced in fusion reactions together with protecting the surrounding walls of
the vacuum chamber.
Figure 1.4: The schematic picture of the ITER’s vacuum chamber from [4] (a). Beryllium
is shown with green colour and tungsten is shown with red colour. Black lines represent an
example of magnetic field lines in the core plasma and a separatrix. The light pink region
between the separatrix and the walls of the chamber represents the divertor plasma layer.
An image of a divertor cassette (b) and an image of the W monoblock and flat tile
configurations (c) from [6]. The tungsten monoblock geometry will be used for inner and
outer vertical targets, while the flat tile geometry will be used for the dome umbrellas and
the particle reflector plates.
The ITER divertor will be composed out of 54 "cassette assemblies" shown in
figure 1.4(b). Each cassette has three plasma facing components: the inner and the
outer vertical target and the dome. Current design of the divertor uses a tungsten
monoblock geometry for inner and outer vertical targets and a flat tile geometry
for the dome umbrellas and the particle reflector plates [6]. Both configurations
are shown in figure 1.4(c). The inner and outer vertical targets are positioned
at the intersection of the magnetic field lines and particle bombardment will be
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particularly high in ITER. The tungsten monoblock is required to be able to sustain
heat loads of 10 MW/m2 in steady state and 20 MW/m2 during transients (less
than ten seconds). The number of stationary loads on the tungsten monoblock
surface is 5000 cycles for 10 MW/m2 and 300 cycles for 20 MW/m2 [7, 8].
Currently the biggest challenge in terms of materials for ITER is the risk of melting
of tungsten in the divertor that may occur in case of unmitigated plasma disruptions
[8]. Since the choice of materials has been fixed it will be necessary to develop
disruption detection and mitigation techniques in order to exclude such events.
1.4. Tritium retention problem and this thesis
Together with the demonstration and testing the technologies for the fusion
power plant, ITER was designed to demonstrate the safety characteristics of a
fusion device. In 2012, the ITER Organization was licensed as a nuclear operator
in France. One of the main goals of operation of ITER is to demonstrate the
control of fusion plasma with negligible consequences for the environment. From
this point of view special attention is drawn to tritium (T).
Tritium is a toxic and radioactive material. Thus a limit of 700 g of tritium
accumulated in ITER’s chamber was set by the safety authorities [9] in order to
limit possible environmental consequences in case of the unlikely event of T re-
lease. It is thus important to understand the physical mechanisms governing T
penetration, accumulation and retention in the materials that are in direct contact
with the plasma. In this thesis, the behaviour of hydrogen isotopes in tungsten is
studied. The focus on tungsten is made because tungsten will be used in ITER as
the armour material in the divertor where the most harsh conditions are expected
and also because tungsten is the main candidate for the divertor armour and the
first wall material for DEMO reactor [10].
Unfortunately, until ITER itself starts operating it is very difficult to achieve
exposure conditions close to the expected one in ITER in terms of particle loads,
cyclic thermal loads and neutron irradiation. Up to now, linear deuterium plasma
devices are used to mimic the effects of tritium under ITER relevant conditions.
Thus, many experimental studies reported in the scientific literature are based on
this technique [11–13]. Computational methods of materials science can be very
useful as a complementary technique. A commonly used approach in computa-
tional material science is to create physical models based on and validated with
available experimental results and then use these models to predict the behaviour
of materials under unexplored conditions.
The aim of this thesis was to create a physical model of hydrogen isotopes re-
tention in tungsten under ITER relevant exposure conditions, specifically address-
ing very high flux of plasma particles, and implement it in a numerical simulation
tool. The results of the numerical simulations were tested and validated by com-
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parison with available experimental results. In this thesis the so-called multiscale
modelling approach described in detail in the next section was used.
1.5. Multiscale modelling approach
The modelling and simulation of materials can be very challenging due to the
extreme range of length and timescales of the physical mechanisms that govern the
behaviour of the material. Length scales may span from nanometers and atoms to
meters of physical constructions. Similarly, time scales can range from femtosec-
onds of atomic vibrations to the decades of the material’s exploitation. Given the
range of the length- and time-scales, it is natural that no single technique will work
for all scales. Many methods have been developed with the focus on a specific set
of physical phenomena appropriate for a given range of length and time-scales.
Figure 1.5 summarizes the multi-scale paradigm with respect to the problem of
hydrogen retention in tungsten. The bottom left corner of the figure represents the
smallest scale while the top right corner represents the largest scale. Introduction
to computational material science describing the techniques used in this thesis can
be found in [14].
In the range of length scales of 1 Ångström (0.1 nm) to 100 nm, the bonding
between atoms dominates the behaviour of the material. A description of the bond-
ing requires the use of quantum mechanics in order to calculate the distribution of
electrons. These methods are often called first principles or ab initio calculations
meaning that there are no empirical approximations in the simulation. One of the
most popular ab initio methods is based on Density Functional Theory (DFT) for-
mulation of quantum mechanics. In DFT, the energy is written as a function of
the electronic density, which is a function of a position, thus the energy is a func-
tional of the electronic density. This method allows calculating the energies of the
ground states of different atomic systems. Therefore, this method is extremely effi-
cient in extracting local energy barriers/bonds such as migration energy of an atom
or interaction energy of a foreign atom with a lattice defect. The method itself is
computationally costly and its applicability is typically limited to systems of few
hundreds of atoms (a few nm). An image of an electronic density distribution for
two hydrogen atoms in tetrahedral positions in a tungsten lattice from [15] is used
as an illustration of the technique in figure 1.5(a).
To consider large scale atomic systems one has to approximate, due to the com-
plexity of DFT methods for the description of atomic bonding, the atomic bonding
by introducing empirical functions that are called Interatomic Potentials (IAP).
One of the methods that employ interatomic potentials is called Molecular Dy-
namics (MD). It can be described as a simulation of the behavior of a large atomic
system by numerical integration of Newton’s equations of motion for the atoms
where forces on the atoms are defined by their relative positions via the applied
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interatomic potentials. Nowadays MD is used to study systems of up to billions of
atoms (hundreds of nm) at finite temperatures for times of few nanoseconds. As
an illustration of the method, a binding energy map of a hydrogen atom to an edge
dislocation from [16] is shown in figure 1.5(b) and a snapshot of a simulation of
H accumulation at a screw dislocation at a finite temperature is shown in figure
1.5(c).
Figure 1.5: Summary of simulation techniques used at different length and time scales
within the multiscale modelling approach. Quantum mechanical methods of calculation of
electronic structure are presented with the picture of electron density distribution for H
atoms in tungsten lattice obtained with Density Functional Theory in [15] (a). Molecular
Dynamics method is presented with a binding energy map of a hydrogen atom to an edge
dislocation from [16] (b) and a snapshot of a simulation of H accumulation at a screw
dislocation at a finite temperature (c). Rate Theory method is presented with results of
simulation of evolution of H concentration in tungsten sample during isochronal annealing
(d). Finite Element methods are presented with a finite element model of tungsten
monoblock from [17].
At larger length scales where there are too many atoms to consider, one has to
move to continuum scale techniques. One of the continuum scale techniques, usu-
ally applied to study the microstructural evolution, is called a kinetic Rate Theory
approach, which allows simulating the evolution of concentrations on the timescale
of days and years. As an illustration of the technique the evolution of H concen-
tration in a tungsten sample during isochronal annealing is shown in figure 1.5(d).
An example of a method that can simulate a real space and time scale is the fi-
nite element method. As an illustration of the method a finite element model of a
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tungsten monoblock from [17] is shown in figure 1.5(e).
One of the most challenging parts of any modelling task is the identification
of the physical mechanisms that govern the phenomenon of interest. A complete
picture of the fundamental phenomenology of the problem may not be available.
At this point, modelling at small scale may be very helpful for identifying the ba-
sic underlying physical processes, which are then to be transferred to a large-scale
approach. For instance, DFT calculations provide the database for fitting the inter-
atomic potentials for larger scale MD simulations. Such stepwise development of
the model going from a small scale to larger scale is called multiscale modelling
approach. It is important to note that close examination of experimental data and
trends also leads to clearer understanding of physical mechanisms. Thus the feed-
back from larger scale to smaller scale is also an important part of the multiscale
modelling chain. In this thesis the development of the model of hydrogen reten-
tion in tungsten started with DFT calculations (chapter 3). After identifying the
key mechanisms for the model, an interatomic potential was developed. A num-
ber of MD simulations at finite temperatures were performed in order to obtain
parameterizations for upper scale models (chapter 4). Finally, the model was im-
plemented in the Rate Theory-based approach to simulate hydrogen retention at
full-scale and validate the method by comparison with available experimental data
(chapter 5).
The author of the thesis did not perform the DFT calculations himself, his main
contribution at this part was processing the data and the development of the physi-
cal model based on the DFT results. The author’s contribution to the development
of the interatomic potential was mainly testing the multiple versions of the poten-
tial and providing the feedback to achieve the required accuracy. All Molecular
Dynamics and Rate Theory simulations reported in the thesis were developed and
performed by the author together with the subsequent analysis of the results.
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2
Hydrogen in tungsten as plasma facing
material
This chapter gives an overview of the behavior of H in W as a plasma fac-
ing material. Prior to considering fusion relevant experiments, a review of basic
properties of H in tungsten such as diffusivity, solubility and trapping properties
obtained by both experimental and simulation techniques is given. This is followed
by a short overview of effects of fusion relevant plasma exposure on tungsten and
a description of experimental techniques typically used to study the phenomenon
of concern. Finally, a summary of different modelling techniques conventionally
applied to interpret experimental data is presented.
2.1. Hydrogen in bulk tungsten
Before considering the mechanisms of hydrogen retention in tungsten, it is
important to understand the basic properties of H in the material. Figure 2.1 shows
a schematic energy diagram of H in W. The uptake of H in W is an endothermal
process meaning that there is an energy barrier for the absorption. Molecular H
must dissociate prior to being adsorbed by the surface. After that, atomic H on the
surface has to overcome the barrier from surface to bulk (S-B) ∆ES−B in order
to enter the lattice. At the same time, there is an alternative for recombination
with another adsorbed H atom by overcoming the energy barrier ∆ERec to form
H2 molecule and leave the surface. Diffusion of H in a W lattice is a thermally
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activated and is characterized by the energy barrier ∆ED. H can also be trapped by
different defects in the bulk material characterized by the energy barrier ∆ETrap.
The values of these barriers define the behavior of H in the material.
.
Figure 2.1: Schematic energy diagram for H in W. ∆ES−B is the energy barrier for
moving of H from the surface to the bulk, ∆ERec is the recombination barrier for two H
atoms adsorbed at the surface to form H2 molecule and leave the surface, ∆ED is the
diffusion barrier for H in the bull, ∆EBin is the binding energy of a H atom to a defect in
the material, ∆ETrap is the trapping energy of H to a defect ∆ETrap = ∆EBin + ∆ED
The status of the data for these parameters was reviewed by Causey and Ven-
haus [1] and more recently in works of Roth and Schmid [2] and Tanabe [3]. Sev-
eral papers report the H diffusion coefficient in tungsten obtained by means of Gas
Driven Permeation (GDP) [4–8], Plasma Driven Permeation (PDP) [7, 8] and Ion
Driven Penetration (IDP) [9, 10] techniques. However there is a large discrepancy
in the data as shown in figure 2.2 adapted from [3]. The data points obtained at
low temperatures are influenced by both surface and trapping effects. The Fraun-
felder’s data obtained at elevated temperatures is usually considered as the most
reliable [2, 3]. The Arrhenius fit to the data gives the following expression for H
diffusion coefficient in W:
D = (3.8± 0.4)× 10−7 × exp
(
− (0.39± 0.02)
kT
)
(2.1)
Moreover the data for lower temperatures recently obtained by the Tritium
Tracer Technique (TTT) [7, 8] is in agreement with the extrapolation of the Frauen-
felder’s data. A number of first principles studies reported a significantly lower
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value of the diffusion barrier ∆ED of 0.2 eV [11, 12] while in [13] a value of 0.4
eV was declared. A recent summary of modelling activities on H in tungsten [14]
reported that the reason for these discrepancies is not known, however a specula-
tion about possible influence of slight difference in methods of reaction coordinate
detection was made. The discrepancy between experimental and computational re-
sults was related to the effect of trapping on defects in the experiments especially
at lower temperatures. In addition, in [12, 15] it was demonstrated that removing
two lower temperature points out of ten points of Frauenfelder’s dataset from the
Arrhenius fitting gives the value of the migration barrier of 0.25 eV. Thus the au-
thors suggested using the barrier of 0.25 eV instead of 0.39 eV. In this thesis, both
values were tested and it was found out that in the temperature range of interest,
both values give similar results. In order to be able to compare the simulation
results with other continuum scale models where Frauenfeder’s values are more
commonly used, equation 2.1 was used.
Figure 2.2: Comparison of values of H diffusion coefficient obtained by means of Gas
Driven Permeation (GDP) [4–8], Plasma Driven Permeation (PDP) [7, 8] and Ion Driven
Penetration (IDP) [9, 10] techniques.
Another important parameter that should be considered is the surface recom-
bination rate. Causey [1] and more recently Tanabe [3] reported that there is very
limited reliable data for this parameter predicting very low value of the recombi-
nation energy barrier (fast recombination). In addition, recombination rates may
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be strongly affected by the impurities on the surface. Nevertheless Roth [2] stated
that at fusion relevant exposure conditions recombination happens instantaneously
and the assumption of the boundary condition on the surface CS = 0 will not
underestimate the retention. It is possible to conclude that at a fusion relevant tem-
perature range H diffuses very fast with low solubility and instantaneous surface
recombination. Therefore, retention of H in W must be significantly influenced by
trapping on the defects in the material.
2.2. Interaction of hydrogen with defects in tungsten
Figure 2.3: Schematic representation of the defects in tungsten with strong trapping
properties: vacancies and their clusters, voids, dislocation and grain boundaries. Red
circles represent trapped H atoms and grey circles represent W lattice atoms. Schematic
pictures of positive edge dislocation formed by inserting an extra half plane of atoms
ABCD and right-handed screw dislocation formed by displacing faces ABCD in perfect
crystal relative to each other in direction BA from [16]. Black lines represent bonds
between atoms.
As was mentioned before, H can be immobilized by various defects in the
material. These defects can be intrinsic, i.e. naturally present in the material or
extrinsic, i.e. introduced by interaction of energetic particles with the material.
Point defects (interstitial and vacancies), their clusters, voids and dislocation loops
work as trapping sites for solute H in the bulk. However open volume defects such
as vacancies, vacancy clusters and voids provide the strongest trapping and can trap
multiple H atoms. Grain boundaries and dislocations can act either as trapping
sites or enhanced diffusion paths for H. The most important defects in terms of
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H trapping are schematically presented in figure 2.3. Due to the importance of
dislocations for the model of H retention in tungsten developed in the thesis, a
schematic picture explaining the core structure of a screw and edge dislocation is
also shown in figure 2.3.
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Figure 2.4: Incremental hydrogen binding energy with defects in tungsten. Values for
vacancy clusters obtained with empirical model in [17] are shown as yellow stars. Black
square represents the value for voids obtained with ab initio in [13]. Ab initio values for
vacancies from [13, 18, 19] are shown with triangles, values for grain boundaries [20] are
represented with blue diamond and dislocations [21, 22] are represented with circles. The
right hand side Y axis shows the estimation of temperature of release peaks during thermal
desorption measurements corresponding to binding energy reported on the left hand side Y
axis.
Trapping of H in W has been extensively studied by atomistic simulations, a
thorough review of recent modelling activities can be found in [14]. The values
of incremental binding energy for different defects in tungsten are summarized in
figure 2.4 where the data on the X axis is arranged from left to right going from the
strongest to weakest trapping. Number on the X axis represents the number of H
atoms trapped at a certain defect. The mechanism of H trapping at large vacancy
clusters and voids is similar to chemisorption on a surface giving 2.0 eV as a value
for the binding energy as was first predicted by ab initio calculations in [13] and
later confirmed by the semi-empirical "adsorption model" in [17]. Thus vacancy
clusters (yellow stars) and voids (black square) are the strongest H traps in tungsten
and are shown on the left part of the graph in figure 2.4. Ab initio calculations for H
interaction with a single vacancy predict multiple trapping of up to 6 H atoms with
a binding energy in a range of 1.24 − 0.5 eV [13, 18, 19] shown with triangles in
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figure 2.4. A value for the binding energy of 1.1 eV for Grain Boundaries (GB) was
calculated in [20] where the interaction of H with a [100]{013}Σ5 symmetric tilt
GB was studied by means of DFT calculations (data is shown with blue diamonds).
At the same time, edge and screw dislocations exhibit the weakest trapping with
the binding energy in a range of 0.45− 0.9 eV [21, 22], shown by circles. As can
be seen from the figure 2.4, there is a large number of possible H trapping sites in
W giving a wide range of possible binding energies.
2.3. Experimental studies of hydrogen retention in
tungsten
Figure 2.5: Surface and sub-surface modifications of W after irradiation up to fluence of
1027 D/m2 and flux of 1022 1/m2s at 480 K (a) and 600 K (a) [23]. The arrow (b)
indicates the direction of material transport from the cavity to the surface structure.
The effect of plasma exposure on W has been extensively studied [24–32].
During high flux plasma exposure the H concentration can easily exceed the solu-
bility limits in the subsurface area. Plastic deformation of the W matrix caused by
H super-saturation is assumed to result in H bubble and void formation. For exper-
iments at low fluxes direct observation of the bubbles was not possible, however, at
higher fluxes (1022 1/m2s) and fluence (1027 1/m2) surface and subsurface struc-
CHAPTER 2 2-7
tures can be resolved. The observed surface morphology showing blister like struc-
tures varies with flux and exposure temperature and depends on grain orientation.
Figure 2.5 shows an example of Scanning Electron Microscopy (SEM) images
combined with sputter cross sectioning by Focused Ion Beam (FIB) from [23]. It
can be seen that at 480 K small cracks within the grain are observed with a length
of few µm while at 600 K a large cavity on the grain boundary corresponding to a
large surface blister is formed.
To summarize the visual observation available in literature [24–27, 30], the
blister formation domain and size distribution depending on exposure flux and
temperature from [29] is shown in figure 2.6. In all considered cases, the total
fluence was of order of ∼ 1026 1/m2 while the exposure temperature varied in
the range 350 − 870 K and ion energy varied from 30 to 70 eV. The number next
to the symbols shows the blister size in µm. The graph is split in two regions of
blister size distribution: the blue squared region represents exposures performed
at low fluxes and temperatures where a significant variation of blister diameters
was observed. No blisters were observed at temperatures higher than 700 K [2]
for low flux exposures, however for high fluxes blisters were observed at higher
temperatures. These findings demonstrate the strong variation (and even principal
observation) of W surface blistering depending on the exposure temperature and
flux.
Figure 2.6: Blister formation domain in terms of exposure temperature and flux as
obtained in [24–27, 30]. The number next to the symbols show the blister size in µm.
However systematic studies are scarce and large scattering of the data is usu-
ally attributed to different material preparation procedures, material microstructure
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and impurity levels in different studies [29]. A number of mechanisms of bubble
growth were proposed in [3, 33] including a shift of the whole grains due to the
H accumulation on the grain boundaries or punching out interstitial loops by pres-
surized bubbles (loop punching mechanism). However all of these mechanisms
assume localized H pressure build up in the material. Given the high H diffusivity
at exposure temperatures, the mechanism implying accumulation of H into clusters
growing to bubbles with the high localized pressure is not clear.
The two main experimental techniques used to study H retention in tungsten
are Thermal Desorption Spectroscopy (TDS) and depth profiling by Nuclear Reac-
tion Analysis (NRA). During TDS measurement an exposed sample is heated lin-
early and the released gas is detected by a mass-spectrometer giving a desorption
spectrum. There are two possible regimes of TDS measurements schematically
shown in figure 2.7: when the gas is pumped out of the chamber during the mea-
surement giving the instantaneous release (a) and when the cumulative H release
is detected (b). The first regime is reported more often where the integral over the
spectra gives the information about the total amount of retained H and the peaks
on the spectra can be interpreted as the release of H from different trapping sites
in the material. NRA allows one to obtain a depth profile of retained H up to a
depth of 10 µm and give the information about the total amount of retained H in
the sample.
Figure 2.7: Schematic representations of the results of TDS measurements in two regimes
(a) the released gas is extracted from the chamber during the measurement giving
instantiations H release and (b) released gas is not extracted during the measurement
giving the cumulative H release from the sample.
The graph of the total retention as measured by NRA and TDS in [27] with
its dependence on the exposure temperature is presented in figure 2.8. As can be
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seen from the picture, there is a significant difference in total retention measured
by TDS and NRA marked by the red arrows. Thus it can be concluded that a
significant amount of retained H is located deeper than ∼ 10 µm, i.e., beyond the
NRA resolution. Another important trend is a significant decrease of H retention
with an increase of exposure temperature starting from 700 K. Together with the
absence of blisters at temperatures above 700 K (see figure 2.6), it is a strong
indication of the influence of increased H diffusivity together with increased H
detrapping from defects on H retention and H bubble formation.
Figure 2.8: Total retention of H in tungsten as measured by NRA and TDS techniques [27].
Red arrows indicate the discrepancy between values obtained by NRA and TDS.
As has been recently summarized by Tanabe [3], H depth profiles under high
flux exposures typically consist of three components, namely: (1) top-most layer:
several nanometers; (2) saturated sub-surface layer: several micrometers and (3)
bulk: from several micrometers to millimeters depths, basically across the whole
sample. Due to the small thickness of the top-most layer, the fraction of trapped
H is usually rather low as compared to the total retention. Therefore upon high
flux/fluence and high temperature exposures, the retention is defined by the par-
tition of H trapped at plasma-induced microstructural defects (e.g. cavities, bub-
bles), established in the saturated sub-surface layer and in the bulk. The bulk
retention, in turn, is defined by the initial microstructure of the material and by the
H flux coming through the subsurface layer.
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2.4. Modelling and interpretation of the experiments
TDS measurements are used to obtain information about the total amount of
retained H in the sample but also about the trapping sites in the material since
on can attribute the release stage in a TDS profile to certain trapping energies.
However, the number of peaks, their positions and intensities in a TDS spectrum
is the result of an interplay of detrapping, diffusion with possible re-trapping and
surface desorption. Hence, the assignment of the peak to a certain trap can be
rarely done based solely on the knowledge of the dominant process.
Detrapping of H is a thermally activated process and is usually described by an
Arrhenius type equation:
R− = CHν exp
(
− ∆ETrap
kT
)
(2.2)
where CH is concentration of trapped H, ν is an attempt frequency usually
assumed to be equal to the Debye frequency (1013/s), k is the Boltzmann constant,
T is temperature and ∆ETrap is the trapping energy. The trapping energy ∆ETrap
is usually calculated as a sum of binding energy ∆EBin and H migration barrier
∆ED as can be seen from the H energy diagram presented in figure 2.1. The easiest
estimation of the release of H from a trap during TDS can be done by integrating
the equation ∂CH∂t = −R− with a proper heating rate where R− is defined by
equation 2.2. This method was used to estimate release peak temperatures for
different defects presented in figure 2.4 on right hand side Y axis. However this
approach does not take into account diffusion and re-trapping and cannot be used
for the interpretation of TDS profiles especially for low temperature release stages.
In order to take into account the diffusion and trapping processes, H behaviour
during plasma exposure and TDS measurements should be described by a set of
1-D rate equations following a classical reaction-diffusion approach [34]. The
evolution of solute H in the bulk is described by:
∂CbH
∂t
=
∂
∂x
(
DH
∂CbH
∂x
)
+ SbH +
N∑
i=1
R−i −
N∑
i=1
R+i (2.3)
The first term on the right hand part of the equation describes the diffusion of
mobile hydrogen in the bulk, CbH is the concentration of mobile H in the bulk and
DH is the diffusion coefficient usually described by equation 2.1. SbH is the source
term describing the increase of H concentration in the bulk due to the implanta-
tion. Implantation profiles obtained by binary collision approximation codes such
as SDTrimSP [35] can be used to determine SbH . The term
∑N
i=1R
−
i describes
the release of H from traps. The summation is done over N type of traps in the
material. The H release rate R−i for a certain trap is defined by equation 2.2. The
term
∑N
i=1R
+
i describes trapping of mobile hydrogen on defects in the material.
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The trapping rate R+i for a certain trap is defined by R
+
i = k
2
iC
b
HD
b
H , where k
2
is the so called sink strength used to describe the tendency of a reaction to occur.
With units of [m−2] sink strength reflects the strength or affinity of the defect to
capture mobile H [34]. Physically it means the mean distance that mobile H travels
before becoming trapped by the defect of type i.
One of the most widely used implementation of a reaction-diffusion model is
the computational tool called Tritium Migration Analysis Program (TMAP7) [36].
A schematic representation of the TMAP7 model of the material containing H is
shown in figure 2.9. TMAP7 features three different traps and up to ten diffus-
ing elements, which are reduced to three H isotopes for fusion applications. The
main difficulty of modelling H implantation is related to the fact that the spatial
distributions of trapping sites should be defined prior to the simulation and is fixed
during the simulation. At the same time, even at incident energies lower than the
displacement damage threshold, plasma exposure leads to creation of defects with
subsequent H bubble formation. These effects imply a dynamic creation of de-
fects in the material during plasma exposure and these kind of phenomena cannot
be modelled by TMAP7. Similar reaction-diffusion model is implemented in a
Coupled Reaction Diffusion System Code (CRDS) [37] which has a potential for
taking into account the dynamics of defect formation, their migration and evolu-
tion [29]. Another implementation of a reaction-diffusion model is a computa-
tional code created by Dr. Tommy Ahglren [38] which features dynamic vacancy
creation by displacement damage together with their migration and clustering. The
code was successfully used to interpret the results of ion beam experiments with
energies 5− 30 keV. However, the mechanism of defect creation by displacement
damage is not applicable for fusion relevant plasma exposure where the ion energy
is by far too low (∼ 50 eV vs 1 keV) for creation of displacement damage.
Figure 2.9: Schematic representation of TMAP7 model of a material containing H
from [36]
A computational assessment of H retention by reaction-diffusion codes like
TMAP7 [36, 38, 39] allows one to fit the TDS spectra by assigning three trapping
site energies of 0.45 eV, 1.05 eV and 1.44 eV to dislocations, vacancies and pores,
respectively [39–41], however the amount of traps used in these models is limited.
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A thorough theoretical study highlighting how characteristic temperatures of TDS
spectra depend on hydrogen retention parameters, such as trap concentration depth
distribution or activation energy of a detrapping processes was reported in [42].
Following ab initio studies [18, 43], trapping of multiple H atoms in one vacancy is
possible and the binding energy of subsequent H atoms decreases from 1.28 eV for
one trapped atom down to 0.32 eV for six atoms. In order to utilize these results,
a number of works aiming on the extension of the reaction diffusion models for
higher amount of traps treating a vacancy filled with different number of trapped
H atoms as a separate traps were done in [17, 44–46], as well as an introduction of
traps with continuum binding energy distribution [17, 47, 48]. Using the multiple
trap model with an NRA profile as trap concentration depth distribution allowed an
accurate fit of TDS spectra at different fluencies in [44] with a possible attribution
of the traps to vacancies located near the surface. Special attention to the role
of voids and blisters in the molecular H release during TDS was drawn in [49].
However the mechanism of the formation of such voids remains unclear.
2.5. Conclusion
From the above listed experimental data and current status of computational
tools describing H trapping and release, it is possible to conclude that H reten-
tion in tungsten under high flux fusion relevant exposure conditions is a complex
physical phenomenon. Despite many studies available in literature, the experimen-
tal data have significant scattering and there is a lack of complete understanding
of the basic physical mechanisms governing H retention under high flux expo-
sure conditions. On top of that, conventional modelling tools used to interpret
the experiments, where strong modification of the surface microstructure takes
place upon exposure, do not provide an adequate physical insight into the prob-
lem. Hence, there is a need for alternative models employing physically-justified
mechanisms explaining sub-surface trapping of fast diffusing hydrogen and for-
mation of H clusters despite the inability of self-trapping (opposite to He). The
demonstration of the relevance of the newly discovered mechanisms requires their
implementation into the full scale computational methods and their application
to simulate the H retention and release by taking a currently available well es-
tablished set of experimental data. In the next chapter a new model of hydrogen
retention in tungsten based on the hypotheses of H trapping and bubble formation
on dislocations is proposed.
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“Thermonuclear fortress is surrounded on all sides by
equally tall wall. If for the supporters of a new path it
seems to be that from their side the wall is lower, or there
is a gap in the wall, it indicates the immaturity of the
path.”
Igor Golovin (1913 – 1997)
3
New model based on
dislocation-mediated H retention
As was already explained in the introduction section, there is a lack of un-
derstanding for the mechanisms of H retention and bubble formation (blistering)
in tungsten (W) under ITER relevant plasma exposure conditions. However, ex-
perimental trends suggest that dislocations may be an important microstructural
feature of the material defining the behaviour of H isotopes. H interaction with
Screw Dislocations (SD) in W was studied by means of ab initio calculations using
Density Functional Theory (DFT) in order to test this hypothesis. In this chapter
the results of this study are presented and analysed. On the basis of the analysis
of the DFT results a so-called "jog-punching" mechanism of H bubble nucleation
on dislocations is proposed. A Rate Theory model of H retention in W based on
the proposed mechanism is developed. The model is then tested by comparing the
trends predicted by the model with experimental results available in the literature.
3.1. DFT study of H interaction with screw disloca-
tion
To assess H-SD interaction the Vienna Ab initio Simulation Package (VASP)
[1] was used. The projected augmentation wave [2] and the generalized gradient
approximation [3] were used for the pseudopotential and the exchange-correlation
potential, respectively. The 1s state for H and 5d6s states for W were treated as va-
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lence states. The atomic relaxation was carried out using the conjugate-gradient al-
gorithm with the force convergence criterion of 0.03 eV/Å. The dislocation dipole
approach [4] was applied to model a 12 〈111〉 SD in a periodic crystal. A principal
unit cell consisted of three non-equivalent (111) atomic layers and has dimensions
of 41.01 × 38.82 × 2.75 Å3 in the [112¯] (x), [11¯0] (y) and [111] (z) directions,
which amounts to 135 W atoms in total. The binding energy (i.e. the difference
between total energies of two stable configurations of the system as schematically
shown in figure 2.1) of H with dislocation was defined as:
∆EHDBin = EH + ED − EHD −NatEcoh (3.1)
where EHD is the total energy of the relaxed system when H is attached to the
defect, EH and ED are the total energies of the relaxed system (i.e. a vacancy,
another interstitial H atom or dislocation in BCC W) respectively. NatEcoh is
introduced to respect the particle number balance and to compensate for the differ-
ence in number of matrix W atoms present in the configurations corresponding to
EHD, EH and ED energies. Thus, Nat is the number of atoms, Ecoh is the energy
per atom in pure BCC W. In this notation, a positive value of the binding energy
corresponds to attraction between defects.
The binding energy map shown in figure 3.1 reveals three deep (equivalent)
energy minima configurations for H atom inside the core and six particularly
favourable (and again equivalent) positions adjacent to the core, numbered 1 to
9 in the figure. An H atom occupying these positions is bound to the core with the
energy of ∼ 0.55 eV as compared to a reference H tetrahedral interstitial position
in bulk W. Analysis of the charge distribution reveals that these positions coincide
with the regions depleted of charge density.
3.2. Migration barrier along the SD core for H at-
tached to the dislocation
A possibility of migration of a H atom trapped on the SD core by jumping be-
tween the positions with strong attraction was explored. Two migration trajectories
were studied, namely: ’in-core’ and ’out-core’ paths taking into account the site
preference near the SD core, shown in figure 3.1. The ’in-core’ migration mode
involves jumps between positions ’1-2-3’. The ’out-core’ migration from the in-
ner to outer part of the core requires a jump from ’2’ to ’O’ positions (a group of
positions also seen as a peak in binding energy distribution histogram near 0.47
eV in figure 3.1) and from ’O’ to ’5’. By performing a sequence of ’O-5-O’ jumps
H atom may migrate along the dislocation line adjacent to its core. According to
the estimations, shown in figure 3.2, the migration barrier does not exceed 0.1 eV,
proving a possibility for fast 1-D migration of H along the SD line at room tem-
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Figure 3.1: H-SD binding energy map. The colour convention presented in a form of a
histogram on the right hand side of the figure denotes the binding energy value in eV as
well as the binding energy distribution of H positions presented on the map. Filled
triangles display all metastable H positions, black circles display W atoms. Three dashed
arrows represent displacement of the atoms along 〈111〉 direction indicating the 1
2
〈111〉
SD core. Positions with the highest values of binding energy are numbered from 1 to 9 in
the figure.
Figure 3.2: Migration energy paths between the metastable positions indicated in figure
3.1. The legend denotes the path between positions in the notation used in figure 3.1.
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perature and above. In addition, H can occupy any of the nine trapping positions
(see figure 3.1), as the transition barriers are also extremely low.
3.3. Interaction of HN clusters with screw disloca-
tion studied by DFT
Figure 3.3: Incremental binding energy of H to HN−1 cluster attached to the dislocation
core. Reference states were taken to be either an H atom in a tetrahedral position in the
bulk (’Bulk’), or an H atom attached to the dislocation core (’Core’).
It is important to investigate the behaviour of HN clusters attached to the dis-
location core in order to understand the mechanism of H accumulation on SD.
Therefore the binding energy and site preference for multiple HN clusters when
forming on a SD line was explored. It was found that a cluster of nine H atoms on
the dislocation core exhibits a local minima, i.e., forming a (111) platelet (hence-
forth denoted HN-SD cluster). For each relaxed HN-SD configuration, the incre-
mental binding energy for a H atom to a HN−1 cluster on the SD core, taking the
case of a tetrahedral H in bulk W as reference state, was computed. The results
are presented in figure 3.3. A progressive removal of the electron density depleted
zone begins once the size of a H cluster added to the core is N > 3. The most
energetically favourable sequence to add H atoms can be appreciated in figure 3.1.
It is more favourable to continue growing the cluster along the dislocation line
starting from the seventh H atom (i.e. place H in the next in-core position) rather
than to build a (111) platelet.
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Due to the low migration energy for H between the attraction sites along the SD
core, it is interesting to consider the stability of HN clusters on the SD core taking
an H atom attached to the SD core as a reference state. The resulting binding
energy is shown with blue circles noted as ’Core’ in the figure 3.3, together with
schematic explanation of the considered processes. It can be seen that starting
from three H atoms, the binding energy becomes negative, meaning a repulsive
interaction. This means that on a perfect dislocation line, the accumulation of H
clusters into a compact 3-D structure is not a favourable process, and H atoms
would prefer to form chains attached to the dislocation core. (Note that H chains
also remain trapped by the dislocation). Therefore the formation and growth of
compact larger HN clusters requires the presence of nucleation sites, such as jogs
or dislocation intersections, in which H atoms become immobilized.
3.4. Jog-punching bubble formation mechanism
Figure 3.4: Excess energy needed for jog-punching mechanism to occur on a screw
dislocation core in the presence of a HN cluster, depending on the cluster size.
An analysis of the atomic configuration of HN clusters at a SD core after re-
laxation showed that after adding the 8th H atom a considerable reconstruction
of the HN-D cluster, accompanied by a shift of the W atoms, occurs. This effect
was attributed to the formation of a pair of jogs, namely: a vacancy jog (VJog)
occupied by HN cluster and an interstitial jog (IJog) pushed aside. This process is
analogous to the interstitial punching mechanism in the case of He self-trapping in
bulk Fe [5]. To validate this hypothesis, the energy excess of the process (∆EEX )
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was computed as:
∆EEX = [EHN−SD + ESD]− [EHN−V Jog + EIJog] (3.2)
here, ESD and EHN−SD are the total energies of the crystals containing, re-
spectively, SD dipole and HN cluster attached to SD core, while, EHN−V Jog and
EIJog are the energy of crystals with HN cluster attached to a vacancy jog and SD
dipole containing an interstitial jog. The process is schematically shown in figure
3.4. A positive value of implies that the jog-punching is not favourable, while a
negative value points to an exothermic reaction expected to occur spontaneously.
The vacancy (VJog) and interstitial jogs (IJog) were constructed, respectively,
by removing and adding one W atom from/to the core of the SD. The formation
energies for IJog and VJog were computed to be 7.2 eV and 2.23 eV, respectively.
Their sum (9.43 eV) is 3.8 eV lower than the Frenkel pair formation energy in W
bulk (13.23 eV) which is the sum of formation energy for a vacancy (3.5 eV) and a
self-interstitial atom (9.73), computed in a 128 atomic supercell. As the creation of
a pair of anti-jogs requires less energy than the Frenkel pair formation, a threshold
for jog-punching on SD core may occur for a relatively low number of H atoms
(HN) still affordable for DFT techniques. ∆EEX as a function of HN is shown in
figure 3.4, which proves that the spontaneous jog-punching occurs once N = 8.
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Figure 3.5: Incremental binding energy of H to a screw dislocation core (magenta
triangles), vacancy jog at dislocation (green stars) and vacancy in bulk tungsten from
literature (blue circles [6], black squares [7] and red triangles [8]).
In addition, the incremental binding energy of H to a HN cluster in a vacancy
jog was calculated. The comparison of the incremental binding energy of H atom
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to VJog with incremental binding energy of H to vacancy from literature [6–8] is
shown in figure 3.5. As can be seen from the graph, the trapping of H atom for
a pre-existing jog is much stronger than for a undisturbed dislocation and is com-
parable to the binding energy for a single vacancy. Therefore, jogs on dislocation
lines, formed due to e.g. cyclic deformation under transient heat loads, or via jog-
punching mechanism during plasma exposure, will act as additional trapping sites
for hydrogen and its isotopes.
3.5. Model for describing H plasma exposure
The experiments from [9, 10] were considered as a set of studies performed
with ITER relevant plasma exposure conditions. In these experiments, the W sam-
ples were exposed to plasma with a flux of 1024 H/m2s, the pulse duration was 70
s, and the sample surface temperature was maintained at 460 K. In these experi-
ments, the average ion energy coming from the plasma was about 50 eV. Particles
with this energy have an implantation depth (R) of several nm in W [11]. After
implantation, the particles start to diffuse deep into the material as well as towards
the surface of the material. At a certain point, the diffusion flux out of the material
will counterbalance the particle flux coming from the plasma thereby establishing
a steady state (see schematic image in figure 3.6). This condition can be expressed
as:
F = D
∂C
∂x
(3.3)
where F is the plasma flux on the surface, D is the diffusion coefficient and C
is the H concentration at a depth x. It is assumed that all the implanted atoms are
thermalized after they reach the implantation range R. Thus, the diffusion flux of
H from the material is determined by the value of H concentration at implantation
depth CR. Approximating the derivative in equation 3.3 by finite differences, we
write:
F = D
(CS − CR)
R
(3.4)
A common assumption is that as soon as H atoms reach the surface, they im-
mediately form H2 molecule and leave the surface, i.e. the process of desorption
is not limited by surface recombination. The surface concentration is therefore
assumed to be CS = 0. We thus write:
CR =
FR
D
(3.5)
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The time evolution of H concentration in the material for the case of H diffu-
sion, given the sink strength k2 associated to traps, writes (see Ref. [12]):
∂CH
∂t
= D
∂2CH
∂x2
− k2DCH (3.6)
Here, CH is the distribution of the hydrogen concentration over depth x. Re-
garding the previous discussion, based on DFT calculations predicting the impor-
tance of dislocations for the bubble formation mechanism, dislocations were con-
sidered as uniformly distributed traps. In this case the sink strength is k2 = ρ [12],
where ρ is the dislocation density. Because the particle implantation range is of
the order of a few nm and the typical depth at which H is detected after plasma
exposure is of the order of a few µm, the boundary condition for the solution of
equation 3.6 was taken as C(0) = CR = FRD . For the second boundary condition,
C(∞) = 0 was taken. For the steady state solution, i.e., times long enough to
ensure H atoms reach depth x, ∂C∂t = 0 was taken. Given the duration of plasma
exposure (70 s), the H migration energy (0.4 eV) and sample temperature (460
K), a steady-state profile is established after H atoms diffuse through the region
of interest (H covers 10 µm per second). The assumption of ∂C∂t = 0 is thus
appropriate. Taking all elements mentioned above into account, the solution of
equation 3.6 describing the H concentration during plasma exposure of a sample
with dislocations writes:
CH(x) = CR exp(−x√ρ) (3.7)
One can use this equation in order to estimate a steady state depth profile of
H in the material during plasma exposure. For instance, the concentration profiles
defined by equation 3.7 for three typical values of dislocation density are shown in
figure 3.6. It can be seen that the H concentration decreases rapidly with the depth
and ceases at a depth of a few tens of µm depending on dislocation density.
3.6. Model for describing H trapping and bubble for-
mation along dislocations
A model for describing H trapping and bubble formation along dislocations
was proposed on the basis of the results described in the previous sections. The
mean free path λ0d, that H travels along the dislocation core before release, can be
estimated given the binding energy ∆EBin, the migration energy ∆EdD along the
core and the migration energy ∆EbD in the bulk [13]:
λ0d = b exp
(
∆EbD −∆EdD + ∆EBin
2kT
)
(3.8)
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Figure 3.6: Concentration profiles during plasma implantation for different values of
dislocation density (ρ).
Here, b is the length of the dislocation burgers vector ∼ 2.8 Å, and k is Boltz-
mann’s constant. At 460 K, λ0d exceeds 10 µm, indicating that trapped H atoms
practically do not dissociate from the dislocation core prior to reaching a grain
boundary or a free surface. While migrating along the core, H atoms in fact form
HN-SD clusters.
The rate of formation of HN-SD clusters in a dislocation segment of length
λ0d located at a depth x is given by the product of the H flux from bulk to the
dislocation unit length JdH (in units of particles per m and per second), and λ
0
d:
ω+HN = J
d
Hλ
0
d (3.9)
JdH =
Zd
ω
DCH(x) (3.10)
where Zd is the dimensionless dislocation capture efficiency for H atoms dif-
fusion from the bulk, D is the H diffusion coefficient in the bulk W and ω is the
atomic volume ∼ 15 3. ω+HN depends on the depth via the bulk H concentration
CH(x) defined by equation 3.7.
The balance of trapping and release of H atoms to/from HN-SD clusters define
the condition for the formation of critical H8-SD clusters and the condition for the
jog-punching. The release rate, ω−H is independent of depth and is defined as:
ω−H = ν exp
(
− ∆EBin + ∆E
d
D
kT
)
(3.11)
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here, ∆Ebin is the incremental binding energy of HN cluster to the dislocation
core, ν is an attempt frequency factor taken as 1013 m−2 and ∆EdD is a migra-
tion energy along the dislocation core. The rates, ω−H , obtained for the relevant
exposure conditions [10] are plotted in figure 3.7. For medium dislocation density
(i.e. typical for annealed BCC metals 1012 m−2) H permeation extends to several
µm thick layer and therefore the supercritical clusters are expected to form there,
which is in a good agreement with the NRA profiles reported in [14].
Figure 3.7: Reaction rates for HN -SD cluster formation versus depth calculated using
equations 3.8-3.10 at 460 K, varying dislocation density in the range 1011 − 1013 (m−2).
Horizontal dashed lines reveal dissociation rates, ω−H , of H from HN -SD clusters with
N = 1− 3 (∆EBin = 0.55 eV),N = 4− 6 (∆EBin = 0.45 eV), N = 7− 9
(∆EBin = 0.35 eV) obtained using equation 3.11. The orange area specifies the depth
threshold until which the nucleation of supercritical H8-SD clusters takes place given the
dislocation density and exposure temperature. The right hand side Y axis displays the
concentration of H isotope, deuterium, as a function of depth measured using nuclear
reaction analysis techniques applied to the samples exposed to high flux plasma at 460 K
as described in [9, 10].
When the clustering process starts, the actual linear number density of HN-SD
clusters (NC [m−1]) will define λd as soon as NC exceeds ρλ0d. Accordingly,
the trapping rate will decrease inversely proportional to NC , which will limit the
number density of HN-SD clusters. The maximum value of NC was estimated to
be NmaxC ≈ 1019 − 1020 m−3, corresponding to the mean cluster density spacing
λd ≈ 100− 10 nm using the DFT results on HN-SD binding described above.
This estimations are in agreement with Transmission Electron Microscopy (TEM)
study of plasma exosed samples in [15]. As an example, a typical dark field image
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showing SD lines decorated by cavities is given in figure 3.8. The amount of
visible hydrogen clusters was rather low for an accurate statistical determination,
but based on the inspection of dozens of images, a mean linear spacing of 100±20
nm was obtained, which is in the range estimated using the rate theory analysis.
Figure 3.8: Dark field TEM image of screw dislocations decorated by H clusters. Two
examples are indicated by the white circles.
3.7. Conclusion
A comprehensive mechanism for the nucleation and growth of hydrogen bub-
bles on dislocation lines under high flux plasma exposure of tungsten was pro-
posed. The mechanism comprises the following stages: (1) interstitial H atoms
getting trapped at dislocation lines thanks to favourable energetics; (2) their very
fast 1-D migration along the dislocation core thanks to low migration energies; (3)
the growth of multiple HN clusters, eventually resulting in the creation of a va-
cancy jog on the dislocation core. DFT calculations suggest that the jog-punching
operates spontaneously once at least eight atoms have clustered. This information,
coupled with a continuum rate theory model, provides an adequate description of
the depth profile typically observed after high flux plasma exposure in W. The
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density of supercritical hydrogen bubbles, predicted by the proposed model, was
also confirmed by the TEM study. Hence, the proposed mechanism reconciles
long-standing experimental observations of hydrogen isotopes retention and de-
bates about its dependence on W microstructure. Moreover, further extension of
the model allows one to explain the saturation of the retention with implantation
together with the interpretation of experimental TDS spectra. The description of
further details goes beyond the scope of the thesis and can be found in appendixes
H and I.
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“Product of optimism and knowledge is a constant.”
Lev Landau (1908 – 1968)
4
Mechanisms of retention characterized
by Molecular Dynamics simulations
According to the multi-scale modelling approach and in order to provide tem-
perature dependent parameterisations for upper scale models, the mechanisms of
H retention predicted by Density Functional Theory (DFT) should be investigated
for larger model systems at finite temperatures. Among different modelling tools,
large-scale atomistic simulations such as Molecular Dynamics (MD) are suitable
for this. At the core of MD simulations lies the interatomic potential, which en-
ables computation of the forces between interacting atoms. In order to study fusion
relevant conditions one has to consider the W-H-He system.
In this chapter, the process of the development of the interatomic potential to-
gether with a number of MD simulations employing the potential are reported. It
starts with the selection of the base W-W potential from the literature and its ex-
tension to the W-H-He system. The developed potential is carefully benchmarked
by comparison with DFT values and predictions of the W-H-He potential in the
framework of Bond Order Potentials (BOP) prior to the application of the poten-
tial for simulations. Finally the developed potential is applied to perform a number
of simulations studying H and He interaction with defects in W, H and He diffusion
properties in the bulk material and attached to the dislocation core and Frenkel pair
formation initiated by H and He in the material.
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4.1. Selection of the W-W interatomic potential to
study the interaction of H with dislocations
Presently, for the W-H-He system only the potential in the framework of bond
order model is available in literature [1]. Bond Order Potentials (BOP) are compu-
tationally more demanding than potentials created in the framework of Embedded
Atom Method (EAM). Moreover, it is always a good practice to test the perfor-
mance of the potentials by comparison with other types of the potentials. Thus
there is a need for a new interatomic EAM potential for the W-H-He system. Prior
to considering the properties of H and He in tungsten the first step is the choice of
the base W-W potential. Currently more than 30 potentials for W are available in
the literature in different forms. Each potential comes with its strength and weak-
nesses and since all results depend on the quality of the interatomic potential, it is
important that its properties are well understood.
Figure 4.1: Comparison of Vitek differential displacement maps as predicted by DFT. [2]
(a), DND [3] (b) and MVG1 [4] (c) potentials.
Here the focus was made on the many-body central force formalism, which of-
fers a good compromise between transferability/predictability and computational
speed, which is especial when it comes to large-scale finite-temperature simu-
lations. The many-body central force framework was developed independently
under the forms: ‘embedded atom method’ [5], ‘Finnis-Sinclair formalism’ [6]
and ‘glue model’ [7]. Properties of 19 such potentials for W found in the litera-
ture [3, 4, 6, 8–21] were reviewed. As basic features relative lattice stability, elastic
constants and point-defect properties were considered and benchmarked against
experimental data and density functional theory (DFT) calculations. In addition,
extended lattice defects, namely: free surfaces, symmetric tilt grain boundaries, the
1
2 〈111〉{110} and 12 〈111〉{112} stacking fault energy profiles were investigated.
Special attention was drawn to the performance of the potentials with regard to the
1
2 〈111〉 Screw Dislocation (SD) core due to the importance of dislocations in the
proposed model of H retention in W.
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For all Body-centered Cubic (BCC) transition metals and W in particular, DFT
predicts a compact isotropic dislocation core [2, 22–25]. The dislocation core
structures were analysed using Vitek differential displacement maps [26]. The
examples of the maps predicted by DFT [2], MVG1 [4] and DND [3] potentials
are shown in figure 4.1. On the maps, different colours of atoms represent non-
equivalent atomic planes along 〈111〉 direction and arrows represent a displace-
ment of atoms along 〈111〉 direction with respect to ideal BCC structure. As can
be seen from the figure, the MVG1 potential predicts the compact core structure
consistent with DFT, while the DND potential predicts three fold core structure.
Property FS JO FOI ZWJ KLL ZSG DLK DND MVG1 MVG2 MVG3 WZL
C C C C IC C C C C C C C
C C C C C C C C C C C C
UE C IC C C IC C C C UE C UE
IC IC IC IC IC IC IC UE UE IC UE UE
IC IC IC IC IC IC C C C C C
C OE IC OE OE IC OE IC OE C OE C
IC IC C C IC C C IC C C C IC
IC IC IC C IC IC IC IC C C C IC
C C IC C C IC C IC C C C C
Free surface UE UE UE UE UE UE UE UE UE C UE UE
UE C C C C C C UE C UE C UE
UE C IC C C IC UE IC C UE C UE
2nn 2nn 2nn 2nn 2nn 2nn 6nn 2nn 5nn 4nn 5nn 2nn
IC - Inconsistent with experimental or DFT data
C - Consistent with experimental or DFT data
OE - Overestimation compared to experimental or DFT data
UE - Underestimation compared to experimental or DFT data
Elastic 
constants
Ef (Vac)
Em (Vac)
Eb (Vac)
Ef (SIA) UEa
<111> row 
potential
Screw 
dislocation 
core
Screw 
dislocation
glide
Edge 
dislocation
glide
Grain 
boundary
Gamma 
surface cuts
Rcut
Table 4.1: Summary of the performance of the potentials for different physical properties.
The following nomenclature is used in the header of the table: FS – Finnis and
Sinclair [6]; JO – Johnson and Oh [9]; FOI – Foiles [10]; ZWJ – Zhou et al.) [12]; KLL –
Kong et al. [13]; ZSG – Zhang et al. [16]; DLK – Dai et al. [18]; DND – Derlet et al. [3];
MVG1, MVG2, MVG3 – ’EAM-2’, ’EAM-3’, ’EAM-4’ by Marinica et al. [4] respectively.
The W-W potential, which gives the best ’global performance’, i.e. ’EAM2’
from the work of Marinica et al. [4] noted as MVG1 in table 4.1 was selected for
the base of the new W-H-He potential. As key features, this potential provides
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elastic constants, point-defect, edge and screw dislocation properties as well as
grain boundary energies consistent with DFT calculations and experiments.
4.2. Development and validation of W-H-He poten-
tial
In the literature three semi-empirical potentials exist for W-He [20, 27, 28]
and two for W-H [1, 29]. From those potentials, the ones by Wilson et al. [28]
and Henriksson et al. [27] predict opposite stability for He in an octahedral and
tetrahedral position. The one by Juslin and Wirth [20] provides a He migration
barrier of 0.21 eV, which overestimates the DFT value (0.06 eV) by more than a
factor three. The W-H potential by Juslin et al. [29], on the other hand, predicts
the 〈110〉 dumbbell self-interstitial to be more stable than the 〈111〉 one in BCC
W, which is in contradiction with DFT data. The one by Li et al. [30] is a part
of the ternary W-H-He BOP that is used as a benchmark throughout this work.
At this point it should be noted that none of the potentials for pure W used in the
above works reproduce the key features as good as ’EAM2’ by Marinica et al. [4].
In addition, a 12 〈111〉 screw dislocation in BCC W relaxed by BOP provides a
threefold degenerate core structure, which is contradictory to DFT results [2] and
‘EAM2’ by Marinica et al. [4].
The H-H interaction in bulk W is essentially different from its description in
vacuum. In vacuum, two H atoms form the strongly bonded H2 molecule (Hb =
4.75 eV) [29]. In bulk W, on the other hand, two H atoms exhibit repulsion or
weak binding [31] as they cannot form the strongly bonded H2 molecule due to
interactions with the surrounding W atoms. The modulation of such behaviour
within the EAM framework is difficult to achieve. Therefore, it was decided to
focus on the effective interaction of H (and He) in bulk W. As a consequence, the
here derived potentials for H and He should not be used in vacuum.
Property Hydrogen HeliumDFT EAM1EAM2BOP DFT EAM1EAM2BOP
∆E(Octa-Tetra) (eV) 0.38 0.35 0.38 0.32 0.22 0.19 0.23 0.17
∆E(〈100〉-Tetra) (eV) 0.39 0.35 0.38 0.32 0.23 0.19 0.23 0.17
∆E(〈110〉-Tetra) (eV) 0.21 0.22 0.21 0.22 0.07 0.09 0.06 0.02
∆E(〈111〉-Tetra) (eV) 1.51 2.1 2.7 2.29 0.51 1.4 0.98 0.75
∆EBin(X-Vac) (eV) 1.19 1.24 1.33 2.03 4.55 4.55 4.54 5.04
∆ED(X) (eV) 0.2 0.22 0.21 0.22 0.06 0.09 0.06 0.02
Table 4.2: Point defect properties of H and He in BCC W calculated by DFT and the
potentials
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Two sets of W-H-He potentials were created, namely, EAM1 and EAM2. Both
potentials were fitted to reproduce the relative stability between tetrahedral (T) and
octahedral (O) sites as well as between tetrahedral and 〈110〉 dumbbell position,
with the latter serving as saddle for T-T migration. In addition, the binding between
H-H, He-He and H-He pairs in bulk W and the binding between vacancy-H and
vacancy-He pairs were fitted. For EAM1, emphasis was put on a quantitative
reproduction of DFT data of the binding between H-H, He-He and H-He pairs.
The off-centre position of a H atom in a vacancy as predicted by DFT [32] was
not considered, and therefore both H and He are described by pair potentials only.
For EAM2 the focus was made on stabilizing H in an off-centre position in the
vacancy and therefore an embedding function was added for H. For both H and He
no density function is defined, i.e., only W adds to the electron density at a given
site and there is no contribution to it by H or He.
In table 4.2 the point defects properties of H and He in bcc W calculated with
the potentials are compared to DFT [31] and BOP [30]. Clearly, DFT predicts the
tetrahedral position to be the most favourable for both H and He, which is repro-
duced by all considered potentials. In addition, all potentials predict the correct
ordering in interstitial formation energies, although EAM1 and EAM2 show the
best quantitative agreement with DFT. With respect to the binding energy between
a H or He to a vacancy, both EAM1 and EAM2 closely reproduce the DFT values,
while BOP underestimates and overestimates the binding for H and He, respec-
tively. The migration energy for H is well reproduced by all potentials, but the one
for He is only reproduced by EAM1 and EAM2, and underestimated by BOP by a
factor three.
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Figure 4.2: Comparison of the binding energy of H-H (a) and H-He (b) pairs in tetrahedral
positions as a function of distance as calculated by DFT [31] and the potentials.
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In figure 4.2 the binding energy between H-H (a) and H-He (b) pairs as a
function of separation distance is plotted as calculated by DFT and the potentials.
The considered configurations were taken from [31] and only the final distance
between the pairs was considered. As with both DFT and the potentials the dis-
tance between H and He pairs changed considerably during atomic relaxation, a
comparison of binding energy with distance was more sensible than a one-to-one
comparison between the specific configurations. According to DFT He-H attract
with a maximum value of the binding energy of 0.20 eV, while H-H pairs repel
with a maximum of −0.47 eV. This behaviour is qualitatively reproduced by all
potentials and also quantitatively by EAM1. Both BOP and EAM2 have a too
long interaction range for H-H pairs and overestimate (BOP) the H-He binding or
underestimate (EAM2) the H-He interaction range.
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Figure 4.3: Comparison of H-Vacancy binding energy as a function of number of H atoms
as calculated by DFT [31, 33] and the potentials.
In figure 4.3 the binding energy of a H atom to H-Vacancy clusters calculated
by the potentials is compared with DFT values from [31, 33]. The binding energy
slightly decreases with increasing cluster size. For EAM1, the values for the bind-
ing energy are within the DFT range. For EAM2, the values for the binding energy
are also within the DFT range, and qualitatively, also the binding energy decreases
with cluster size. For BOP, the binding energy for H is overestimated by about
a factor two. Qualitatively, BOP reproduces the decrease in binding energy with
cluster size.
From the validation results presented above, the EAM2 potential was chosen
for further calculations regarding Vac-H-He clusters. VacK-HL-HeM (K, L, M
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are number of vacancies, H atoms and He atoms in the the clusters respectively)
clusters containing up to K = 12 vacancies with a H to Vac ratio, XH = N/K,
and He to Vac ration, XHe = M/K, in the range of 0.1− 6 were considered. The
sequential binding energy was calculated for 2087 clusters in total. Based on the
dissociation energy of various Vac-H-He clusters of nano-metric size, a parame-
terization for a simple Liquid-Tear Drop (LTD) model applicable to up-scale mean
field or kinetic Monte Carlo simulations was suggested. The obtained results show
that the dissociation of mixed Vac-H-He clusters primarily takes place by emission
of H, whose trapping energy is not essentially changed by the presence He in the
clusters. Hence, the H-He interaction does not affect the thermal stability of H in
the vacancy-stabilized H-He clusters. Therefore it was concluded that the origin
of the H-He synergy expressed by the enhanced H uptake should be investigated
at the stage of the nucleation of H-He defects. The details of parametrizations for
the LTD model as well of the both versions of EAM potentials can be found in the
attached paper in appendix F.
4.3. Interaction of H and HN clusters with disloca-
tions
In order to study the interaction of H with screw and edge dislocations the
model systems described below were used. For calculations involving a 12 〈111〉
screw dislocation model box with size 152.9 × 78.1 × 32.6 containing 25920
atoms with axis orientations [11¯0], [112¯], [111], respectively for X, Y, Z principal
axes was used. Free surfaces along the X and Y were introduced, while periodic
boundary conditions were applied along the Z direction, coinciding with the ori-
entation of the dislocation line and dislocation Burgers vector. For the calculations
involving a 12 〈111〉{110} edge dislocation, the box size was 80.9× 38.8× 111.7
(22155 atoms). The X, Y, Z axes orientations were [111], [112¯], [1¯10] with periodic
conditions imposed along the X and Y directions and free surfaces perpendicular
to the Z direction. The dislocation line was oriented along the [112¯] direction. The
calculations were done using Large-scale Atomic/Molecular Massively Parallel
Simulator (LAMMPS) [34].
Position type Binding energy (eV)EAM1 EAM2 BOP DFT
A 0.0 0.0 0.41 0.55
B 0.42 0.66 1.03 0.54
Table 4.3: Binding energy of H atom to a screw dislocation core as predicted by the EAM,
BOP and DFT methods.
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As was reported in chapter 3, DFT calculations revealed two types of energy
minimum configurations for the H atom: inside the core and adjacent to the core.
Inside the core positions are numbered from 1 to 3 in figure 3.1 and will be re-
ferred as A type in this chapter. Adjacent to the core positions are numbered from
4 to 9 on the figure 3.1 and will be referred as B type positions. According to the
DFT results, the binding energy in the two configurations amounts to 0.55 eV and
0.54 eV, i.e., practically identical. Neither the BOP, nor the EAM potentials could
completely reproduce the DFT data, see table 4.3. While the BOP model predicts
reasonable agreement for the binding energy in position A, it overestimates the
binding energy by a factor of two in position B. Both versions of the EAM poten-
tial do not predict the binding in position A, instead the interaction is practically
neutral. The binding energy in the position B was calculated to be 0.42 eV and
0.66 eV for the two versions of the EAM potential, which bounds the DFT result.
Note that the BOP potential predicts the three-fold split structure for the disloca-
tion core, which contradicts the DFT result (see figure 4.1). Both versions of the
EAM potential gives the isotropic non-degenerate core structure, which complies
with the DFT data.
Figure 4.4: Distribution of the binding energy of H with the core of the edge dislocation
obtained using the EAM2 potential. The geometric position of the dislocation core (i.e. the
end of the extra atomic plane) is shown by the symbol ’⊥’. Red area in the figure
represents positive values of the binding energy i.e. area with attractive interaction, blue
areas represent repulsive interaction.
The relaxed structures for an edge dislocation were found to be symmetric and
extended in the {110} glide plane. It was similar with all the applied potentials. An
example of the distribution of the binding energy is provided in figure 4.4, which
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was obtained using the EAM2 potential. The binding energy maps calculated us-
ing the other potentials are similar. From figure 4.4 it follows that the maximum
binding energy is realized if H is placed in between the two planes forming the
imaginary dislocation glide plane. The attractive interaction (red area) sharply
vanishes as the H atom is moved above or below the glide plane. While inside the
glide plane, the range of the strong interaction is spread over ∼ 10 Å, which can
be expected given the rather extended structure of the dislocation core. The maxi-
mum binding energy is found to be 0.63, 0.81 and 1.64 eV for the EAM1, EAM2
and BOP, respectively. As in the case of the interaction with the SD (in position
B) and H-Vacancy, the BOP predicts a binding energy of a factor two higher than
the EAM potentials. Even there is no reference DFT data available, it was consid-
ered that the BOP model overestimates the binding energy following the previous
trends.
The next step was to characterize the formation of HN clusters on dislocations
and deduce the incremental binding energy as a function of cluster size depending
on the character of the dislocation. First, the results for the SD is presented since
it was also studied by DFT calculations reported in chapter 3 providing important
reference data to judge on the quality of the interatomic potentials (see figure 3.3).
The incremental binding energy as a binding energy of H atom to HN−1 cluster on
the SD core (HN−1-SD) with respect to a tetrahedral H in bulk W (Hb) as a refer-
ence state was computed for each relaxed HN-SD configuration. The methodology
used in the chapter is essentially the same as one described in section 3.3 of chapter
3, which allows direct comparison of the results with the DFT data.
The incremental binding energy of HB to HN−1-SD complex (referred as
"Bulk" on the figure 4.5) i.e. binding of an interstitial H added from the bulk
to the HN−1 cluster placed on the SD is presented in figure 4.5(a). As can be seen
from the figure, the BOP potential predicts much stronger binding for the second
H atom as compared with DFT, while the binding energy for the larger clusters is
adequately described up to size N = 6. The EAM1 also provides a reasonable
description but does not capture the reduction of the binding energy at N > 6.
The EAM2 predicts a flat curve for the binding energy function, similar to EAM1,
but overestimates the result by about 0.1− 0.2 eV as compared to the DFT data.
The incremental binding energy of a HSD to a HN−1-SD complex, i.e. binding
of an interstitial H attached to the SD core with the HN−1 cluster placed on the SD
(referred as ’Core’ in the figure), is presented in in figure 4.5(b). DFT data suggest
that only two H atoms may form a stable compact complex. Adding more H atoms
should result in the formation of the HN clusters ’stretched’ along the dislocation
line. Both BOP and EAM potentials correctly predict this trend, however, the
strength of the interaction differs. The BOP potential provides much lower values
for the binding energy, in absolute terms, as compared to both EAM potentials.
It can be concluded that both types of the potentials predict correctly qualitative
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trends obtained from the DFT calculations, while none of the potentials provides
a good quantitative agreement.
Figure 4.5: Incremental binding energy of HB to a HN−1 cluster placed on the SD core
(’Bulk’) (a). Incremental binding energy of HSD to a HN−1 cluster placed on the SD core
(’Core’) (b). Inset figures schematically demonstrate the partition of Hb, HSD and HN−1.
The results for an edge dislocation showed that the incremental binding energy
of HN clusters is of the order of the H-ED binding energy, which implies that H
atoms inside the HN cluster can accommodate inside the Edge Dislocation (ED)
core practically not disturbing each other. This was not the case of the screw dislo-
cation, for which the reduction of the attractive interaction of HB to the HN−1-SD
was seen already staring from N = 2. This result reflects that the space avail-
able for the formation of the energetically stable HN cluster is essentially larger
in the core of the ED as compared to that in the SD core. The incremental bind-
ing energy of a HED to a HN−1-ED complex suggests the absence of attractive
interaction between H atoms moving along the ED core. Just as in the case of
the screw dislocation, HN clusters are expected to grow preferentially forming
configurations ’stretched’ along the dislocation line. All three interatomic models
predict the same trend, but according to the EAM1 the interaction of a HED with
a HN−1-ED cluster is practically neutral.
4.4. Diffusion of H in the bulk crystal and attached
to a dislocation
MD simulations studying the diffusion of H in a crystal containing an ED were
done only using the EAM2 potential. Since these calculations were computation-
MECHANISMS OF RETENTION CHARACTERIZED BY MOLECULAR DYNAMICS
SIMULATIONS 4-11
ally heavy (due to large crystal and a relatively long MD run necessary to achieve
satisfactory statistic), the BOP potential was excluded because of the larger com-
putational demand as compared to the EAM potentials and also due to the poor
performance regarding the properties of dislocations.
In order to estimate the diffusion parameters of H atoms and validate DFT
predictions regarding the preferential one dimensional H migration along the dis-
location core, a number of MD calculations were performed at finite temperature,
T. The main goal was to obtain the diffusion coefficient as a function of tempera-
ture, which would allow one to extract the pre-exponential factorD0 and activation
energy ∆ED using the Arrhenius type equation:
D = D0 exp
(−∆ED
kT
)
(4.1)
In each MD run that lasted for a time τ , the trajectory of the H atom was
followed and visualized to quantify the dimensionality of the H motion, which de-
pends on the ambient temperature and type of defect present in the system. Then,
the mean square displacement of the position of the H atom was calculated to
obtain the diffusion coefficient using the well-known Einstein equation:
Dn(T ) =
R2n
2nτ
(T ) (4.2)
where n is the dimensionality of the motion (i.e., n = 1 for one dimensional
migration along a dislocation core, and n = 3 for three dimensional bulk diffu-
sion), τ is the simulation time.
By following and visualizing the movement of a H atom it was found that it
exhibits one dimensional migration along the dislocation core moving by jumping
between the planes bounding to the imaginary dislocation glide plane. At temper-
atures below 1300 K, H was attached to the ED core for the whole time span of
the MD run. This behavior is consistent with the strong attractive interaction of a
H to a ED (∆EBin = 0.63/0.89 eV depending on the potential). Above 1300 K,
a detachment of the H atom was regularly registered. The trajectory of the H atom
whilst migrating along the dislocation core was therefore reconstructed to obtain
the diffusion coefficient from high temperature MD simulations. The resulting dif-
fusion coefficient for 1D-migration along the ED core is drawn in figure 4.6 as a
function of temperature. The extracted prefactor D0 and migration barrier ∆ED
are, respectively, 8.1×10−9 m2/s and 0.17 eV. Note that this value is significantly
smaller than the migration energy of a H in W bulk, estimated experimentally to
be 0.4 eV [35] and obtained by MD: 0.23 eV. The experimentally measured [35]
and calculated here with the same potential 3-D bulk diffusion coefficient is also
drawn in figure 4.6 for comparison. Due to the scale of the graph the error bars are
not seen, however, the relative error is in range of 5 − 10 % of the absolute val-
ues. The calculated value of ∆ED is 0.23 eV and is lower than the experimentally
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obtained value, but is consistent with the values of the migration barrier between
tetrahedral positions, which is 0.21 eV as predicted by the potential, and 0.2 eV as
obtained by DFT in [31]. Clearly, the diffusivity of H attached to the dislocation
line is much higher than the bulk diffusivity, especially at low temperatures as can
be seen in figure 4.6.
Figure 4.6: 1-D diffusion coefficient of H in the core of the edge dislocation and 3-D bulk
diffusion coefficient as calculated using the EAM2 potential and drawn according to the
experimental measurements [35]
Unfortunately, simulations with screw dislocations did not reveal one dimen-
sional migration of a H atom along the core. This is related to the fact that inter-
atomic potentials used do not fully reproduce all attractive positions of H at the
screw dislocation core as was reported in the previous section. Thus the potentials
do not reproduce the migration paths studied by DFT and reported in section 3.2.
4.5. Effect of He on H retention: He assisted Frenkel
pair formation and HeM-HN cluster bonding
DFT studies of He-H interaction [31, 36, 37] showed that there is an attractive
interaction between He clusters and H atoms suggesting synergetic effects under
mixed He-H plasma implantation. Suppressing of blistering, confirmed by ex-
perimental studies [38, 39], is one of the effects seen under simultaneous H and
He exposures. The suppression of blistering was attributed to a decrease of H
permeability through the subsurface region due to He bubble formation. Another
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remarkable effect was the detection of nanometric He bubbles at a depth signifi-
cantly larger than the He implantation range [38], not seen in pure He exposures.
However, comprehensive physical mechanisms leading to these synergetic effects
are so far not clear.
The interaction of HeM-HN clusters of different sizes and chemical morphol-
ogy was assessed by means of Molecular Static (MS) and MD simulations in order
to contribute to the understanding of the He-H interaction in a W lattice. The ob-
tained MS results were compared with available DFT data to validate and substan-
tiate the application of central-force interatomic potentials for the studied prob-
lem. The diffusion and thermal stability of mixed HeM-HN clusters were studied
by means of MD simulations in order to gain an understanding of the mechanisms
causing the above mentioned synergetic effects under mixed He-H implantation
conditions.
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Figure 4.7: Incremental binding energy of He atoms to a HeM cluster in bulk tungsten (a)
and incremental binding energy of H atom to H-HeM cluster in vacancy (b) as predicted
by DFT, BOP and EAM potentials.
In figure 4.7(a) the results for the incremental binding energy of a He atom to
a cluster of He atoms (HeM) in bulk tungsten, predicted by the potentials and DFT
values from [40] are compared. As was shown before, EAM1 gives better agree-
ment for the He-He pair interaction and EAM2 underestimates the corresponding
binding energy. However, as can be seen from figure 4.7(a), EAM1 shows a rapid
increase of the binding energy with increasing cluster size, which is not in agree-
ment with the trend coming from DFT data. At the same time EAM2 and BOP
potentials give reasonable agreement for the binding energy function. In figure
4.7(b) the results for incremental binding energy of a H atom to a H-HeM cluster
in a vacancy are compared. As can be seen from the figure, the BOP potential
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overestimates the binding energy almost by a factor two for clusters containing
one to three He atoms. EAM1 gave reasonable agreement for clusters with one
and two He atoms with an overestimation of the binding energy for bigger clus-
ters, failing to reproduce the DFT trend of the binding energy drop for cluster with
four atoms. At the same time the EAM2 potential reproduces the DFT trend well
with some underestimations for small clusters. The adequate reproduction of bind-
ing He and mixed HeM-HN clusters is important for the correct description of the
thermal stability of the clusters during MD simulations. Since the focus was made
on the modelling of mixed HeM-HN clusters, it was concluded that EAM2 is the
most suitable potential for this purpose.
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Figure 4.8: Frenkel pair formation energies in presence of He as predicted by BOP and
EAM potentials and DFT method in [41]
An important process that affects the diffusivity of HeM clusters is the so called
self-trapping mechanism. After a cluster of HeM atoms of a certain size (number
of atoms in the cluster M ) is created, it becomes energetically more favourable
to create a Frenkel pair in order to release the stress created by the interstitial He
atoms. After the Frenkel pair is created, He atoms occupy the vacancy and become
immobile. Thus it is important to test the ability of the potentials to reproduce this
mechanism for reliable simulations of HeM-HN clusters mobility. MS calculations
were used to assess the energy balance of a system containing a HeM cluster in an
ideal W matrix and a system where the same HeM cluster is placed in a vacancy
close to a W self-interstitial atom (SIA). The same energy balance calculations
were also performed by DFT techniques in [41]. The results from this work are
compared with MS calculations in figure 4.8. It can be seen that all considered
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versions of the interatomic potential are in good agreement with the DFT val-
ues. Regarding the threshold size of the HeM cluster at which the formation of a
Frenkel pair becomes more favorable the potentials predict a value for M between
five and six atoms. Despite the significant difference in description of bonding of
HeM clusters in bulk tungsten and H-HeM cluster in a vacancy (see figure. 4.8),
both versions of the EAM potentials together with BOP potential give very simi-
lar values for the formation energy of Frenkel pairs. Since there is no difference
between both EAM and BOP potentials with respect to the He self-trapping mech-
anism, but the EAM2 potential describes the energetics of HeM clusters in the bulk
W and H-HeM clusters in vacancy better, the EAM2 potential was chosen for the
finite temperature simulations.
4.6. Diffusion and thermal stability ofHeM-HN clus-
ters
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Figure 4.9: Incremental binding energy of a H atom to HeM -HN clusters in the bulk W as
predicted by the EAM2 potential.
Prior to studying the mobility of HeM-HN clusters, it is important to first assess
the binding energy of He and H atoms in these clusters by MS calculations. In
figure 4.9, the results for the incremental binding energy of a H atom to HeM-HN
clusters are presented. It is important to note that the He binding energy is higher
than for a H atom because of the strong He-He bonding (1.03 eV), while the He-H
bond strength is only 0.2 eV. Thus, the stability of the mixed HeM-HN clusters is
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determined by the binding energy of a H atom as it has the lowest binding energy.
It can be seen from figure 4.9 that there is a rapid decrease of the binding energy as
the number of H atoms in the cluster increases. Starting from three H atoms in the
cluster, the binding energy becomes negligible, indicating that the cluster becomes
unstable. This result is in agreement with DFT data from [37] where low stability
of clusters containing more than three H atoms was demonstrated. These static
calculations defined the configurations that should be studied by MD simulations.
The energy needed for He-induced Frenkel pair formation becomes quite low (∼ 2
eV) if the cluster contains four He atoms (see figure. 4.8). When the fifth He atom
is added to the system, spontaneous generation of a Frenkel pair occurs. This
means that the punching of a tungsten self-interstitial is also possible for HeM-HN
clusters containing four He atoms at sufficiently high temperature, as was actually
demonstrated in [41]. Thus, it was decided to study only clusters containing at
most four He atoms to avoid the transformation caused by self-trapping. Figure
4.9 shows that starting from three H atoms in the cluster it becomes unstable which
means that it will decay during MD runs at finite temperatures. Thus for further
MD studies, the pure and mixed clusters containing from one to four He atoms and
up to two H atoms were considered.
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Figure 4.10: Arrhenius plot of the decay frequency of HeM -HN clusters with one to four
He atoms in the cluster obtained from MD simulations. The error bars represent 95 %
confidence interval around the mean.
A set of MD simulations was performed in order to obtain information on the
diffusivity and thermal stability (i.e. lifetime) of the HeM-HN clusters. Only the
time and trajectories where the atoms were clustered together were taken into ac-
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count. Some weakly bound clusters have limited stability at finite temperature
and therefore they frequently decay and bond back during the simulation. Only a
set of separate segments where the cluster was stable and moved as a whole ob-
ject was considered by applying a post-processing algorithm. If the number of
such independent segments was higher than ten, an average value of the diffusion
coefficient calculated over these segments was used. If the number of these seg-
ments was lower than ten, the method described in section 4.4 was applied to the
longest time segment. The average time length of the segments when the cluster
remains stable t¯ allows one to calculate a decay frequency as ν = 1t¯ . An Ar-
rhenius expression ν = ν0 exp
( − ∆EDisskBT ) was fitted to the dataset for decay
frequency as a function of temperature in order to deduce the dissociation energy,
∆EDiss and pre-exponential factor ν0. The decay frequency together with Ar-
rhenius fits for the HeM-HN clusters are presented in figure 4.10. The slope of
the plot corresponds to the dissociation energy ∆EDiss. The error bars corre-
spond to 1.96 times the standard error around the average, which corresponds to
the 95 % confidence interval of the mean value. Following the standard assump-
tion, the dissociation energy ∆EDiss is a sum of binding energy and migration
barrier (∆EDiss = ∆EBin+∆ED). The average discrepancy between the values
of the dissociation energy ∆ED obtained by fitting the MD data and the results of
the static calculations for binding energies ∆EBin (see figure 4.9) is 0.21 ± 0.03
eV. This is in excellent agreement with the H migration barrier (0.21 eV) in bulk W
both predicted by the potential and obtained with DFT calculations (0.2 eV) [31].
Figure 4.11: Migration energies for HeM -HN clusters extracted form MD simulations.
The error bars represent the 95 % confidence interval.
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The migration energies of different HeM-HN clusters as well as of pure He
clusters obtained by applying the above described techniques are summarized in
figure 4.11. It can be seen that the migration energy of He clusters increases with
the size of the cluster (black curve). It is important to note that for the He4 cluster
an event of self-trapping was detected during the MD run at 1700 K, which is in
agreement with the MS predictions as well as with the MD results from [31]. If H
atoms are added to a He cluster, the migration energy increases almost by a factor
of two and gets close to the value of the migration energy of a single H atom,
denoted by the green area in the graph. The increase of the migration energy of
the mixed clusters compared to pure He clusters is consistent with the fact that it
is defined by the slowest constituent of the cluster, which is a H atom. Hence, the
formation of mixed clusters will have a strong impact on the diffusivity of pure He
clusters, which migrate extremely fast in a H-free tungsten lattice. On the other
hand, pure HeM and mixed HeM-HN clusters would act as trapping sites for freely
migrating H atoms, which do not feature self-clustering in bulk W. The obtained
values for the migration barriers and dissolution energies are summarized in table
4.4.
Cluster type Migration barrier (eV) Dissolution energy (eV)
He 0.07± 0.07 –
He2 0.09± 0.01 –
He3 0.17± 0.01 –
He4 0.28± 0.02 –
He-H 0.21± 0.03 0.52± 0.02
He-H2 0.25± 0.03 0.51± 0.04
He2-H 0.23± 0.02 0.79± 0.01
He2-H2 0.25± 0.04 0.77± 0.08
He3-H 0.40± 0.03 0.98± 0.09
Table 4.4: Migration barriers and dissolution energies for He and mixed HeM -HN
clusters.
4.7. H bubble formation in W in presence of HeM
clusters
As it was demonstrated in the previous sections of this chapter, He atoms ex-
hibit strong attraction in bulk tungsten leading to so-called self-trapping, i.e., He
assisted Frenkel pair formation (see figure 4.8). This means that a cluster of He
atoms can push out a lattice W atom creating a vacancy and a self-interstitial atom.
On the other hand, H atoms exhibit weak interaction between each other in bulk
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tungsten (see figure 4.2(a)) and require a high concentration in order to be able to
generate defects in W [42]. The synergetic effects of these two different mecha-
nisms of defect creation in tungsten during simultaneous presence of H and He in
the material was studied at finite temperature by means of MD simulations.
The computational cell was a cube with size of 10 × 10 × 10 lattice units in
which the crystal’s 〈100〉 directions were aligned with the coordinate axes. Peri-
odic boundary conditions were applied in all three directions. The needed number
of He atoms were assigned random positions in the crystal at the beginning of the
simulation, and H atoms were added to the computation cell in random positions
with a certain periodicity. The temperature was kept constant in all the simulations
and was equal to 800 K. The interatomic potential EAM2 and NVT ensemble were
used. The initial number of He atoms varied from zero to six, the Hydrogen In-
come Periodicity (HIP) was varied in 30−90 ps/atom range in all the simulations.
A lattice site was considered empty if no W atoms were detected inside the sphere
of radius equal to 0.2 × a0, encircled around the site, where a0 is the lattice pa-
rameter. The value of 0.2 was chosen so as the sphere radius was larger than the
thermal oscillation amplitude. Only a persistently empty lattice site corresponds
to a vacancy, which is why the W atom ejection is detected only if an empty lattice
site was detected repeatedly in 80 % of the 300 ps timespan.
Figure 4.12: The critical atomic H concentration variation with the number of He atoms in
the W crystal for three values of HIP
The simulation series results regarding H concertation at the moment of detec-
tion of vacancy formation are shown in figure 4.12. For every considered combina-
tion of the initial number of He atoms and HIP a number of successful simulation
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runs varied from eight to 14 with an exception of simulations with six He atoms
with low and middle values of HIP, where the number of successful runs was two.
Due to the small number of the data points, the best way to represent such dataset
is so-called box-and-whiskers plot [43]. The bottom and the top of the box indicate
H-spread or Interquartile Range (IQR), i.e., the area containing 50 % of the data.
The band inside the box represents the median of the data and “whiskers” indicate
the extremes of the dataset. The plus symbols on the graph show outliers, i.e. the
data points that lie further than a border value of 1.5×IQR from the median. The
box-and-whiskers plot gives an opportunity to visually represent the properties of
the distribution of the data such us spread and symmetry. For the two cases where
number of data points in dataset was two, the raw data was plotted (coloured stars)
since boxplot for such datasets is misleading. For better visualization of the trend
of critical H concentration evolution, a red dashed line connecting median values
for HIP = 50 ps/atom was added.
The results presented on the figure 4.12 show a decrease of the critical H con-
centration with an increase of the number of helium atoms present in the simulation
box. The spread of the data allows to estimate the decrease of the critical H con-
centration approximately by the factor of eight, thus showing the clear evidence of
the synergy between hydrogen and helium atoms when they eject a tungsten atom.
At the same time the hydrogen income periodicity presented by different colours
on the figure has a small effect on the critical H concertation with a tendency to
higher values for low HIP and lower values for high values of HIP. The helium
atoms were found to bond together at the very beginning of the simulation, thus
causing lattice distortion and facilitating the tungsten atom ejection. It was con-
cluded that if more than four He atoms were present in the computation cell, then
the vacancy formation process was not primarily driven by hydrogen concentra-
tion anymore, but by the helium atoms themselves. Thus the presence of small
clusters of He atoms in the material during H implantation enhances the H bubble
formation. Clusters containing more than four He atoms act as additional traps
for H atoms. Both of these effects would increase the overall H retention in the
material. However, to give a qualitative estimations of the effect a full scale mean
field theory simulations of mixed He-H implantation in the material is needed. MS
and MD simulations presented in this chapter provide the necessary input for this
type of simulations such as diffusion parameters of HeN and HeM-HN clusters and
parametrization of Frenkel pair formation mechanisms.
4.8. Conclusion
Two versions of a new interatomic potential for W-H-He system in the frame-
work of EAM model were developed. On the basis of the benchmarking of the
potentials by comparison with DFT data and predictions of BOP potential it was
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concluded that version EAM2 of the potential is the most suitable for further MS
and MD simulations. Based on MS calculations regarding the stability of Vacancy-
H-He clusters, a LTD parameterisation for binding energy of the constituents of
large Vacancy-H-He clusters (bubbles) was proposed. Results of MD simulations
at finite temperature allowed to parametrize diffusion of H atom in the bulk tung-
sten as well as in the vicinity of an ED core confirming fast one-dimensional mi-
gration along the dislocation core. In the case of a SD one dimensional migration
was not observed which was related to the fact that the potential does not predict
all the attractive position of H at the SD core. The thermal stability and diffu-
sion properties of HeN and HeM-HN clusters were also studied and parametrized.
The dissociation energies were found to be in an excellent agreement with MS
and DFT predictions of binding and migration energies. The obtained migration
barriers of mixed HeM-HN clusters were higher than for pure HeN clusters, being
close to the values of the H migration barrier. Finally, an effect of He atoms on
the H bubble formation mechanism in bulk W was investigated. It was found that
the presence of He atoms in the material facilitate defect formation by decreasing
the critical H concentration needed for Frenkel pair formation. On top of that,
due to the self-trapping mechanism He atoms can create vacancies thus being the
additional source of traps for H. The results reported in this chapter provide a thor-
ough insight into the mechanisms that determine H retention in W. However, in
order to properly investigate the effect of all the considered mechanisms on the H
retention during real experiments one has to perform a full scale mean field theory
simulation using the obtained parametrizations. The next chapter focuses on such
simulations.
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5
Macroscopic retention assessed by
mean field rate theory
In the chapters 3 and 4 the results of atomistic simulations of H behaviour
in W were reported. Unfortunately, due to computational limitations, atomistic
techniques do not allow to perform full scale simulations of experiments involv-
ing plasma exposure of W. However, these techniques provide parametrizations of
the key processes guiding H retention in tungsten. After careful selection of these
parametrizations, they can be used in the core of mean field theory techniques for
full scale simulations. In this chapter a numerical Rate Theory [1] simulation in the
framework of dislocation driven H retention in W is described. The parametriza-
tions of the key processes for the model were taken from atomistic simulations and
benchmarked prior to the application of the tool for full scale simulations. Finally,
the simulation tool was used to analyse the experimental results in terms of predic-
tion of H bubble and blister formation and H release during Thermal Desorption
Spectroscopy (TDS).
5.1. Numerical model of bubble nucleation on dislo-
cations
The rate theory model previously formulated in chapter 3 was implemented in a
numerical simulation tool in order to investigate the exposure conditions (i.e., flux
and temperature) resulting in the bubble growth and blister formation. A schematic
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picture of the numerical system used in the simulations is shown in figure 5.1. The
system is one-dimensional where material is divided into slabs of equal width λd.
Each slab corresponds to a single nucleation site and is fed with H by a source
term S(x) defined from the steady state solution for the bulk concentration of H
atoms discussed in section 3.5 (see equation 3.7). H atoms accumulate into HN
clusters at dislocation trapping sites following a binding energy function, and a H
atom can be dissolved from a HN cluster at a rate defined by the equation:
R−(i) = νC(i) exp
(
− ∆EBin(N) + ∆ED
kT
)
(5.1)
where ν is the attempt frequency, C(i) is the trap (or trapped cluster) con-
centration at slab number i, ∆EBin(N) is the binding energy of a H atom to
the trapped HN cluster, ∆ED is the H migration barrier in bulk tungsten, k is
Boltzmann’s constant. The amount of H atoms that escapes from the traps is redis-
tributed between neighbouring slabs. Thus, the amount of trapped H in a certain
slab i is defined by the balance of a source term S(x), dissolution rate (R−) and
exchange between neighbouring slabs (numbers i-1 and i+1):
∂CH(i)
∂t
= S(x) +
1
2
[
R−(i− 1) +R−(i+ 1)]−R−(i) (5.2)
Figure 5.1: Schematic picture of the model
The size of HN clusters growing during the exposure is determined by a simu-
lation that follows the number of vacant sites generated by the jog punching mech-
anism. To introduce the jog punching mechanism that allows a bubble to grow, one
has to introduce a threshold value for the number of trapped H atoms per vacancy
(N/K) in a VacKHN complex as beyond which the jog punching mechanism starts
to operate. The main parameters of the model, which define the conditions for the
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bubble growth, is the binding energy of a H atom to a trapped VacKHN com-
plex, and the threshold size for a HN cluster beyond which it is converted into a
HN+1-VJog configuration (see figure 3.4 for the schematic picture of the process).
5.2. Parametrization of binding energy of a H atom
to a vacancy type dislocation jog and threshold
for loop punching mechanism
Firstly, the binding energy of a HN cluster to a screw dislocation and to a
vacancy jog (VJog) on a screw dislocation was considered. Figure 5.2 compares
the binding energy of a H atom to a HN-1 cluster trapped at a vacancy (Vac) [2–4]
and trapped at the dislocation vacancy jog, obtained by ab initio and reported in
chapter 3 [5]. As can be seen from the figure, there is no significant difference
between the evolution of the binding energy at a vacancy and at the dislocation
jog. The red dashed line represents a function numerically fitted to these ab initio
results, which are valid for small HN clusters forming as nuclei for H bubbles. For
the well-developed H bubbles, one cannot apply the ab initio fitted function. The
formula obtained within the so-called Liquid-Tear Drop (LTD) model [6] reported
in section 4.2 was used as a limiting case for large bubbles. The model is based on
the balance of volume and surface energies and is shown with the blue dashed line
in figure 5.2.
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Figure 5.2: H binding energy to a vacancy (H-Vac) and to a vacancy type dislocation jog
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To define the threshold number of H atom per vacancy (N/K) that would allow
a H bubble to grow, the loop punching mechanism when a pressurized gas bubble
increases its volume by pushing out dislocation loops was considered. Pressure is
exerted on the bubble surface and the critical one needed to create a dislocation
loop was defined as [7]:
Plp =
2γ + µb
Rb
(5.3)
where γ = 2.65 N/m is the surface tension, µ = 158.6 GPa is the shear
modulus, b = 2.7 is the Burgers vector of the 12 〈111〉 loop, and Rb is the bubble
radius. The values for the surface tension (γ) and shear modulus (µ) were taken
from [8, 9]. The variation of the critical pressure as a function of the bubble size
(expressed as a number of vacant sites K) is plotted in figure 5.3 on the right-hand
side Y axis. To estimate the critical concentration of hydrogen contained in the
bubble needed to induce the dislocation loop emission, the following equation of
state for hydrogen from [10] was used:
Nb =
4piR3bNa
3ν(p, T )
(5.4)
where Rb is the bubble radius, Na is the Avogadro constant, and ν(p, T ) is the
molar volume from the equation of state.
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Figure 5.3: Estimation of the threshold value for the loop punching mechanism
The resulting number of H atoms per vacancy N/K corresponding to the loop
punching pressure is shown in figure 5.3 on the left Y axis. As one can see, the
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ratio obtained using elasticity theory and equation of state goes from six to four
with increasing bubble size up to∼ 4 nm (1000 vacancies). On the other hand, the
critical ratio obtained from ab initio calculations is eight. Here, the sensitivity of
the results by varying the N/K value within these two limits should be explored.
5.3. Defining the parameters of the model with ex-
perimental results
Prior to the performing the simulations, it is important to understand the influ-
ence of the choice of the binding energy function on the nucleation of a H bubble
(i.e. punching out the first lattice atoms and creating a vacancy jog on the dislo-
cation). As it was said in the previous section, there is an uncertainty associated
with the binding energy and N/K ratio for the jog punching. The first uncer-
tainty comes from the two models for the binding energy function, namely: LTD
model from [6] and the fit to ab initio results from [5], shown in figure 5.2. These
two models were applied in order to investigate the evolution of the growth of
HN clusters and see whether the condition for the jog-punching is met. To define
the simulation system, the experimental conditions were considered. The inten-
sive blistering (presumably originating as a result of loop punching) was reported
in [11] after exposure at 450 K with an ion flux of 1024 m−2s−1. It was found that
using the LTD model the average size reached by the clusters is 3.6 H atoms per
trapping site, while using the ab initio fit it is 7. Clearly, the LTD model does not
satisfy the condition for the jog-punching in the nucleation regime when H clus-
ters are still very small. That was expected because the parametrization for LTD
model was obtained for large vacancy clusters and it’s application to describe the
binding in atomic-size bubbles is inappropriate. The ab initio parametrized model
allows for the jog punching mechanism to take place. However, the ab initio data
are available only for the punching of the first jog. Thus, the information about the
binding energy function for the transition from atomic-scale bubbles to classical
bubbles should be filled using empirical interatomic potentials.
A parametric study varying the threshold for jog punching hydrogen to vacancy
ratio N/K from five to seven was performed in order to provide a physical choice
for the critical pressure. The depth distribution of H deposited in the material for
the experimental conditions applied in [11] was computed. In the original experi-
ment the H depth profile was measured by means of the Nuclear Reaction Analysis
(NRA) technique. In particular, the plasma exposure of 50 eV ions at 450 K with a
flux of 1024 m−2s−1 was considered. In these calculations, the critical nucleation
depth was the primary result of interest. Experimental profiles practically ceased
at a depth around 4− 5 µm. Three different profiles for threshold N/K values of
5.0, 6.5, and 7.0 are shown on the figure 5.4. In case of a low value of the threshold
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Figure 5.4: Sensitivity of the system on the loop punching parameters
(5.0), the evaporation of H atoms from the trap at 450 K is too low to influence the
growth of the bubble and the threshold value for jog-punching is reached easily
(this also explains the fact that there are almost no fluctuations in this depth pro-
file). The calculations were performed for the system with a depth up to 5 µm, but
it can be stated that in case of N/K = 5.0, the growth of the bubble continues at a
depth deeper than several tens of µm, which is not in line with the NRA measure-
ments. In the case of the highest value of the threshold (7.0), nucleation of bubbles
ceased at a depth around 2.5 µm meaning that beyond this level dislocations do not
serve any more as nucleation sites for bubbles and act as migration networks for H
diffusion. The best fit for the experimental profile is obtained for N/K, at which
the nucleation stops at a depth around 4.5 µm.Therefore, this threshold was used
for the calculations addressing the effect of temperature and flux on the nucleation
of stable bubbles.
5.4. Prediction of flux-temperature conditions for the
jog-punching mechanism to function
A parametric study employing the above formulated kinetic model and here
derived binding energy function was performed in order to study the conditions for
the bubble formation and growth. The incident flux and ambient temperature were
varied to cover the ranges relevant for ITER conditions. The value of the critical
temperature was defined for every value of the flux. At a temperature higher than
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the critical value, no bubble formation at dislocation networks by the jog- and then
later by loop-punching is foreseen. Boundaries corresponding to the conditions in
which the loop punching is expected to function and in which H clusters do not
convert into stable bubbles are provided as a results of these calculations. The
boundaries obtained for W with dislocation density of 0.5 × 1012 m−2, which is
typical for a stress-relieved BCC metal, is shown in figure 5.5.
Figure 5.5: Exposure temperature vs. flux required for the bubble growth
Several experiments that addressed the effect of a low energy ion beam or
plasma on the surface of tungsten reported blistering [11–13]. The range of doses
and temperatures in which blisters were reported is shown in figure 5.5 by coloured
boxes. In general, the observation of blisters is registered below 700 K for fluxes
up to 1024 m−2s−1, which is in line with the prediction of our model.
5.5. Modelling TDS release: universal binding en-
ergy fit depending on the bubble size
In the framework of the above mentioned dislocation-driven model of H trap-
ping, one can distinguish the formation of four types of defects: (I) sub-critical H
clusters (up to eight H atoms), which are not yet capable to punch out W matrix
atoms; (II) super-critical H clusters, whose transformation into a HNVJog config-
uration is energetically favourable; (III) large super-critical clusters, which have
already released several jogs for itself and grow further; and finally (IV) nanomet-
ric bubbles attached to a dislocation line, whose properties (in terms of H trapping)
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are equivalent to the usual bubble in W bulk. Here, the trapping and release from
the defects of type I was not considered, since these clusters are unstable above
450 K, while the latter being the lower bound of the relevant temperature range.
In work [14], a rate theory model of H desorption from a tungsten surface and
subsurface defects demonstrated that H release at temperatures, higher than 600 K
is not affected by surface recombination. Here, the high temperature desorption
stage (above 600 K) was assessed, and therefore an immediate release of H from
the surface after detrapping from the nano-cavities and vacancies was assumed.
The main parameter of the model that defines the release rate of H from a cer-
tain type of trapping defect is the binding energy (∆EBin). As it was mentioned
before, ab initio calculations showed that dislocation jogs exhibit trapping proper-
ties similar to vacancies (see figure 3.5). The corresponding value of the binding
energy is 1.24 eV for one H atom and it decreases with an increase of H atoms
trapped at the jog. The dependence of HNV Jog binding energy on number of H
atoms (N ) in a cluster is plotted in figure 5.6. These data points were fitted in
order to generate a family of ∆EBin functions for super-critical clusters. Similar
to equation 5.1 for the release rate from such defects was defined as:
R−J = νCH exp
(
− ∆EBin + ∆ED
kT
)
(5.5)
whereCH is concentration of trapped H atoms (assuming that each H in a clus-
ter has equal probability for detrapping event), ν is the Debye frequency, ∆EBin
is the binding energy, ∆ED is the migration energy (0.4 eV is taken from Frauen-
felder’s data [15]), k is Boltzmann constant, T is temperature.
For large vacancy clusters (i.e. nano-voids, type IV defects in the above no-
tation) it is reasonable to consider that the binding energy is equal to the perme-
ation energy, i.e., ∼ 2.0 eV [4]. Under this assumption, one can assign the high
temperature TDS peak (usually seen in low flux exposures around 700 − 900 K)
to the release from bubbles [16]. However, the TDS spectra obtained after the
high flux exposures, at high temperature (above 600 K) and/or high dose (above
1026 D/m2), reveal broadening or presence of extra peaks above 900 K [17, 18].
These high temperature release stages cannot be simply explained by detrapping
from voids with the binding energy of 2.0 eV, while there are no reasons to assume
the presence of any stronger traps than voids/cavities.
To address the issue of the high temperature detrapping stage, the informa-
tion available from atomic scale was analysed. Ab initio and Molecular Dynamics
simulations showed that H tends to occupy off-centred position in a vacancy, ex-
periencing weak attraction to W atoms [3, 19]. This implies that H atoms, when
filling a void, first should occupy the inner surface positions and then fill the centre.
Thus, for the binding energy corresponding to the H trapped at nm size bubbles
(type IV defects) the results of ab initio calculations for the transition of H atom
from adsorbed state on W surface into the bulk material [4] were used. These
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Figure 5.6: Illustration of binding energy master curve used in simulations. R is the defect
open volume radius, K is the corresponding number of vacancies that defect occupies.
calculations reported 1.96 eV as a value of the adsorption barrier and attempt fre-
quency of 1.07× 1013 s−1. However, the expression for the release rate should be
different from equation 5.5, since only atoms in adsorbed state on the inner sur-
face of the bubble are available for the detrapping reaction. Thus, the release from
nm-scale bubbles was defined by:
R−B = CTNSνAds exp
(
− ∆EAds
kT
)
(5.6)
where CT is the trap concentration, NS is the number of available sites for the
reaction. This was estimated as the ratio between an inner surface area of the bub-
ble and unit surface for the reaction reported in [4] (
√
2a0, a0 is the lattice unit),
νAds, ∆EAds are the attempt frequency and adsorption barrier from [4] respec-
tively. To create a universal binding energy master curve accounting for a size of
the trapping defect (i.e., number of vacancies released), the following expression
was proposed:
R− = R−B + (R
−
J −R−B) 3
√
K (5.7)
hereR−B andR
−
J are the release rates for a bubble (equation 5.6) and jog (equa-
tion 5.5) correspondingly, K is the number of vacancies which the trapping defect
occupies. The illustration of the binding energy variation as a function of K is
presented in figure 5.6. To compute the H release profile from a defect (of a given
size and for a given temperature ramp), it was assumed that after the exposure the
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defect is filled with H up to a critical pressure (6.5 H atoms per W site), following
the analysis reported in section 5.2 based on the jog-punching mechanism. Then,
the H release rate from the defect was calculated as a function of increasing tem-
perature. The goal of such calculations was to define the position of the release
peak, depending on the size of the defect and concentration of trapped H.
5.6. Modelling TDS release: linking bubble size with
release stage and mechanism of bubble forma-
tion
The TDS spectra obtained in [17] were analysed using the above formulated
equations. In figure 5.7, a comparison of three normalized TDS spectra with the
release rate according to the calculations is represented. Normalization of the TDS
spectra was done by dividing each one by the maximum release rate value, since
the focus was on the correspondence of the peak positions, but not the absolute
values of H release. As can be seen from figure 5.7, TDS spectra for the low flux
(b) and high flux high temperature exposures (a) reveal similar single peak as in the
spectrum measured after ∼ 870 K exposure. The temperature position of the peak
corresponds to the release from 5 − 10 nm bubbles according to our calculations.
The TDS spectrum for high flux low temperature exposure (blue triangles) shows
two peaks at lower temperature, whose positions can be well fit by imposing the
release rate from 1.5 nm and 0.5 nm defects (blue and green lines in figure 5.7(a)).
Figure 5.7: Comparison of normalized TDS spectra from work [17] with results of
simulation for high flux (5× 1023 D/m2s at 530 K and 870 K) (a) and low flux
(9× 1021 D/m2s at 530 K and 630 K)(b) exposures.
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The difference in the shape of the peak and peak position of the TDS spec-
tra can be related to a size of releasing defects, and in turn interlinked with the
trapping mechanism, governing H retention depending on exposure conditions. In
section 5.4, the prediction of experimental flux-temperature combination for the
dislocation-driven H trapping leading to the formation of super-critical H clus-
ters (contributing to the TDS release at high temperature) was made. The flux-
temperature combination favouring the nucleation of super-critical H bubbles is
represented by a grey area in figure 5.5. As one can see, only high flux low tem-
perature exposure is within the range of the dislocation-mediated retention. At
the same time, all three other dots are outside the defined area. This is consistent
with the fact that only the TDS spectrum after high flux low temperature exposure
exhibits two peaks (low temperature peak can be attributed to 1 nm size defects).
Whereas, all other spectra show only one peak corresponding to bubbles of 5− 10
nm size. Small (1 nm scale) defects can be seen as traces of bubble nucleation on
dislocation and their subsequent growth. While, if only large defects contribute to
the TDS spectra, it is very likely that other mechanisms (such as triple junctions,
natural porosity, etc.) but dislocation-driven trapping govern H retention and bub-
ble formation.
The proposed modification for the H release rate from nano-metric pressur-
ized bubbles allows one to relate positions of TDS peaks and explain a shift of
the high-temperature peak up to 200 K under exposure conditions favouring the
growth of the bubbles. The occurrence of a single peak or multiple peaks in TDS
spectra can be related to the mechanism of H bubble formation, depending on
plasma flux and surface temperature. The here proposed computational analysis
was applied to experimental data from [17]. According to it, only a combination
of high flux and low temperature exposure (530 K − 5 × 1023 D/m2s) promotes
the nucleation and growth of H bubbles on dislocations, as proposed earlier by
the jog punching mechanism. In these exposure conditions, the TDS spectra ex-
hibit two well defined peaks attributed to 1 nm size H clusters (presumably, H is
trapped in jogs on dislocation lines) and H bubbles (resulting in the high temper-
ature release peak). The three other TDS spectra exhibit only one peak (at high
temperature) to be attributed to H bubbles with a size of 5 − 10 nm, nucleated at
other "natural" traps such as random grain boundaries and their junctions. Val-
idation of the dislocation-driven mechanism and here proposed H release model
can be realized by performing dedicated exposures in 450 − 650 K temperature
range at flux of 1023 D/m2s (blue rectangle on figure 5.5), which should result
in the dislocation-driven trapping below ∼ 500 K to be seen in the TDS spectrum
as a peak conventionally attributed to vacancy like defects (i.e. positioned around
600− 700 K).
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5.7. Hybrid model of H retention after high flux high
temperature exposure
As was demonstrated in section 5.4 (see. figure 5.5), the dislocation-driven
trapping mechanism can operate only at a certain plasma flux and material tem-
perature combination: the higher is the temperature – the higher must be the flux
to sustain the jog nucleation. According to the estimations, plasma exposure at
temperatures above 800 K requires a flux of at least 1025 m−2s−1 for the H
clustering to take place. However, recent experiments employing fluxes of about
1024 m−2s−1 at 50 eV biased D plasma exposure of polycrystalline tungsten (non-
recrystallized grade with average grain size of 20 µm [17]) demonstrated the pres-
ence of blisters with high surface density and the high temperature TDS release
peak around 800− 1000 K, suggesting the presence of hydrogen filled bubbles.
Dome-shaped blisters, observed on the exposed surface, also support the as-
sumption of the presence of bubbles growing by plastic deformation. Secondary
Ion Mass Spectrometry (SIMS) measurements have confirmed significant trapping
of deuterium within the first 200 nm under the surface. At the same time, NRA
analysis shows that the uptake does not vanish beyond 200 nm and in fact remains
constant at a level of 5×10−4 atomic fractions through the maximal probing depth
of 10 µm. These experimental facts suggest that non-equilibrium trapping in the
sub-surface leading to the formation of bubbles also occurs at high temperature
exposures where the trapping on bulk dislocation lines should be ineffective.
The hypothesis of H trapping at Low Angle Grain Boundaries (LAGB) was
proposed to explain the high temperature retention. LAGB, in fact, represent a
network of edge, screw and mixed dislocations with a relatively small spacing [1].
The network nodes were suggested to act as trapping sites, which attract and emit
hydrogen atoms simultaneously. Hydrogen atoms escaping from LAGB trapping
sites diffuse along LAGB interfaces either towards the surface or deeper into the
bulk and can be captured only by stronger traps such as open volume sites on ran-
dom (high angle) grain boundaries. Hence, a two-zone model is proposed. The
sub-surface trapping (within the first sub-grain) occurs as a non-equilibrium pro-
cess, i.e., via over-saturation with H leading to the formation of H-filled bubbles.
While beyond the first sub-grain H diffuses in a field of static traps and its result-
ing depth distribution is defined by the concentration and strength of intrinsic traps
(e.g., open volume sites on High Angle Grain Boundaries (HAGB)).
In the framework of the above described model, a computational analysis of the
H trapping and release by combining the two trapping processes: non-equilibrium
and diffusion-based ones. The high flux D plasma exposure at 1000 K of well
pre-characterized polycrystalline tungsten of 1 mm thickness was simulated. The
exposure was performed at Pilot-PSI [20] plasma generator. The exposure was
applied in a single plasma shot of 70 s with the particle flux in the centre of the
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sample in the range (0.8− 1.0)×1024 m−2s−1. The first 10 µm (i.e., the first sub-
grain) was treated using the non-equilibrium retention model, while the trapping
in the rest of the sample was accounted for by the diffusion-based approach.
In particular, the nucleation of bubbles was assumed to take place on the dislo-
cation networks (triple junctions) made of screw, edge and mixed dislocations with
frequent nodes, where trapping is expected to be especially strong. The similar set
of equations as was reported in section 3.6 was used. The value for the binding
energy to dislocation was taken to be 1.0 eV, considering that edge dislocation
segments of LAGB will provide the strongest trapping [21, 22]. According to the
estimations, the total H concentration stored in LAGB traps lies in the range of
(1.0− 8.0)×10−5 at−1 depending on the size of the grain boundary. This amount
of trapped H represents 15 to 45 percent of the total H in the material for LAGB
sizes from d = 10 µm to d = 100 µm. These values for the fraction of H retained
in the sub-surface and bulk regions were used as a starting approximation to model
H release upon TDS cycle.
An initial depth distribution of trapped H is an important input for the sim-
ulation of the release during TDS experiment. As has been discussed above, all
trapped H can be subdivided into two fractions corresponding to two regions: sub-
surface and bulk, as schematically shown on the right part of figure 5.8. The sub
surface region is characterized by non-equilibrium trapping and bubble formation,
while bulk region is described by classical diffusion-trapping model, so that bulk
retention is defined by filling natural traps (cavities and open volumes at HAGB).
Given the known fraction of H stored in the subsurface region, the concentration of
H trapped in the bulk can be defined by the following expression: CB =
(1−f)RT
d−X1 ,
where RT – total amount of retained H (as measured experimentally), f is the
fraction of trapped H in the subsurface region as estimated here, d is the sample
thickness, X1 is the thickness of the subsurface region. This procedure ensures
that the total amount of H released in the simulation will be the same as in the
experiment.
For the simulation of H release during the TDS experiment the following set of
parameters was used: depth of the subsurface region (i.e. region characterized by
non-equilibrium trapping) X1 = 10 µm, fraction of H trapped in the subsurface
region f = 0.23, subsurface concentration of trapped H CS = 1.16× 10−5 at−1,
bulk concentration of trapped H:CB = 3.92×10−7 at−1. The initial guess for the
f parameter was 0.15 on the basis of the estimations given in the previous section.
However, a limited variation of the f parameter revealed the best agreement with
the experiment by taking f = 0.23. The detrapping rate is calculated following
the Arrhenius expression. Where, detrapping energy was assumed to be Et = 2.0
eV, prefactor (attempt frequency) as assumed to be ν = 1013 s−1.
The importance of the subsurface plasma-induced defects was demonstrated
by analysing different initial depth distributions of trapped H. Subsurface plasma-
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Figure 5.8: Comparison of modelling of H release during TDS with experimental results.
The sample was exposed to plasma for 70 s with a particle flux in the centre of the sample
in the range (0.8− 1.0)×1024 m−2s−1. The sample temperature was monitored by
infra-red camera and was kept at 1000 K. The heating rate during TDS measurements was
0.5 K/s.
induced defects act as a primary release source and also retrap H diffusing from
the bulk towards the surface. The blue curve in figure 5.8 depicts the release of
H from a flat H distribution profile over the whole sample depth. Such a profile
would correspond to the situation when no plasma-induced defects would be cre-
ated and natural traps would be filled homogeneously. One can see the classical
release peak from a trap with a fixed trapping energy and uniform distribution.
The comparison provided in figure 5.8 demonstrates that assigning a two-zone
depth distribution of trapped H and assuming only one type of traps (bubbles in
the present case), one can reproduce well the TDS spectrum composed of two
peaks. Note that the impact of H trapped in the sub-surface region on the appear-
ance of the TDS spectrum can be experimentally revealed by careful polishing the
surface (i.e. removing 10 − 20 µm) prior to performing the TDS measurement.
The change of the spectra from the red to the blue curve as demonstrated in figure
5.8 is expected after applying such a procedure.
5.8. Conclusion
The model of dislocation driven H retention in tungsten was implemented in a
numerical simulation tool using the parametrization obtained from atomistic sim-
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ulations. Based on the benchmark calculations a fit to DFT results from [5] was
chosen over the LTD model [6] for the description of H binding energy to a bub-
ble. The threshold value for jog punching mechanism of 6.5 H atoms per vacancy
was used. The parametrized model was used to predict the exposure conditions
for the nucleation of stable bubbles, their growth and subsequent blister forma-
tion. Extension of the model with a universal binding energy function describing
binding of H to a bubble depending on the growth stage of the bubble allowed
one to analyse high temperature release stages of TDS spectra. The shape of the
considered spectra was related to the mechanism of H bubble formation and the
size of the bubble. Finally a two-zoned depth distribution model of H retention
in W with non-equilibrium trap nucleation in the subsurface region was proposed.
The model was combined with a classical diffusion-trapping code in order to sim-
ulate and analyse TDS spectra obtained after high flux high temperature expo-
sures. From the computational analysis performed, it was concluded that high flux
high temperature exposures (T = 1000 K, flux = 1024 D/m2s and fluence of
1026 D/m2) result in the generation of sub-surface damage and bulk diffusion, so
that the retention is driven by both sub-surface plasma-induced defects (bubbles)
and trapping at natural defects (such as cavities and HAGB). Experimental con-
ditions and procedures for further validation of the predictions of the simulations
were proposed.
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“One day I will find the right words, and they will be
simple.”
Jack Kerouak (1922 – 1969)
6
Conclusions and outlook
6.1. Conclusions
Main objective of this thesis was to develop a physical model of H retention
in tungsten and perform continuum scale simulations in order to analyse and in-
terpret available experimental results recently obtained using European high flux
plasma-testing facilities. This allowed one to gain understanding of the physical
mechanisms governing H retention under fusion relevant plasma exposure con-
ditions in tungsten with a variety of initial microstructures. The physical model
is based on data coming from ab initio calculations of H interaction with dislo-
cations, which unravel the complex H-dislocation interaction depending on local
atomic arrangement and local hydrogen concentration. Estimations, made using
the macroscopic model for retention and release, which was based on the bind-
ing and migration energy for the H-dislocation interaction, point to the capability
of the model to reproduce experimental trends in a wide temperature range. Fur-
ther advances of the model were performed to implement the data obtained by
large-scale atomistic simulations using semi-empirical interatomic potentials. The
interatomic potential for the W-H-He system was developed and allowed studying
mixed H-He exposures at finite temperature by means of MD simulations. The
parameters obtained from MD simulations were used to perform a number of con-
tinuum scale simulations and analyse experimental results of tungsten exposed to
D plasma.
6-2 CONCLUSIONS AND OUTLOOK
6.1.1. Ab initio calculations
Ab initio results can be summarized as follows:
An interstitial H atom is attracted to the core of the screw dislocation with
the binding energy of 0.5 eV:
The attractive interaction remains when more H atoms are added, slowly
decreasing with the number of H atoms added and reaching 0.1 eV for the
seventh atom in the cluster;
When the number of H atoms accumulated on the dislocation core exceeds
eight the re-arrangement of lattice W atoms occurs resulting in the formation
of the interstitial-vacancy jog pair on the dislocation core and referred here
as "jog-punching" mechanism;
The binding properties of a vacancy jog in the dislocation core appeared to
be very similar to a bulk H-Vacancy interaction with the binding of 1.24 eV
for a single H atom decreasing to 0.7 for seven H atoms;
All of the above suggests that nucleation of H bubbles is possible on screw
dislocations by means of "jog-punching" mechanism.
However, binding between H atoms in compact clusters attached to the screw
dislocation core is rather weak if calculated for H atoms escaping to the dislo-
cation core and even becomes negligible for clusters containing more than three
H atoms. Accounting for a low value of the migration energy of H atoms along
the dislocation core (∼ 0.1 eV), the formation of the cluster elongated along the
core rather than the formation of a compact (spherical) cluster needed for "jog-
punching" mechanism is more favourable. This fact indicates that homogeneous
nucleation of H bubbles on straight dislocation lines is questionable. Thus, the
nucleation of the spherical clusters (precursors of bubbles) most likely occurs on
some imperfections at the dislocations such us dislocation junctions, kinks and
jogs, which always present in the commercially available materials due to fabrica-
tion process.
6.1.2. Model of dislocation mediated H retention in tungsten
Motivated by the above-noted results of the ab initio calculations a model of H
trapping at dislocations in tungsten was developed and numerically implemented.
The model is based on the following assumptions:
Low energy plasma implantation process is equivalent to a diffusion of H
in a field of traps (dislocations) with a boundary condition of constant con-
centration of H on the surface of the sample. This process is described by a
differential equation with a steady state solution for H depth distribution;
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Binding of H atoms to the dislocation lines together with low migration
barrier along the dislocation core suggests that H quickly migrates along the
dislocation core before getting trapped by another microstructural defect;
Nucleation and growth of H bubbles occurs by means jog-punching mech-
anism on the dislocation core or on pre-existing imperfections on the dislo-
cation core;
Balance rate theory calculations within the model allow one to reproduce the
following experimental qualitative trends:
Experimental H depth profiles in a range of few micrometres as measured
by NRA techniques;
Mean distance between H bubbles attached to dislocation lines (being 80−
250 nm) in good agreement with TEM investigations;
Saturation of the total amount of retained H in the sub-surface with the in-
crease of the dose;
Profiles of the TDS spectra, revealing the two channels of H release from
the bubbles attached to dislocations, namely: release to the bulk from the
bubble surface and release via dislocation lines;
6.1.3. Molecular static and molecular dynamics simulations
In order to study mechanisms of H retention on a large scale and at finite tem-
peratures, the EAM interatomic potential for the W-H-He system was developed.
The base potential for W-W interaction was chosen by assessing 14 already avail-
able potentials. Since the main interest was the interaction of H with dislocations,
the potential with the best performance regarding stability and symmetry of the
screw dislocation core was chosen. The potential was validated by comparison
of the results with ab initio and the BOP model regarding H-H and H-He pair
interaction in bulk tungsten and vacancy/dislocation-H-He interaction.
The results of the MD simulations can be summarised as follows:
Parameters of H and He diffusion in the bulk as well as at the dislocation
core were obtained;
Diffusion parameters of pure He and mixed He-H clusters were obtained in
a wide temperature range;
He and H assisted Frenkel pair formation (self-trapping and punching of
self-interstitial) was studied;
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Based on the results of Vacancy-H-He interaction, the parametrisation set
(so-called LTD model) was proposed
Results of the MD and MS simulations confirmed earlier assumptions made
on the basis of ab initio results. The complete parameterization for the mean-field
theory calculations was obtained using the best-fit to the low and high temperature
experimental data.
6.1.4. Continuum scale numerical simulations
On the basis of the physical model a number of numerical simulations were
performed aiming at understanding and analyzing experimental results. Based on
the results of the simulations the following conclusions were made:
The LTD model does not describe the binding of H to vacancy clusters well
enough to model H bubble nucleation and growth. A numerical fit of ab
initio results was used instead. The failure of the LTD model can be ex-
plained by the fact that the parametrization of the model is based on the
data for large vacancy clusters and does not describe atomic features of the
H-dislocation/vacancy interaction in tungsten adequately enough for single
and small H clusters;
The "Jog punching" mechanism of bubble nucleation and growth was linked
to the loop punching mechanism operating for large bubbles. This parametri-
sation was used in simulations to explore flux-temperature exposure condi-
tions under which the "jog punching" operates leading to bubble formation
and blistering;
The universal H binding energy function, linking the H binding to vacancy
clusters and large bubbles, allowed one to simulate H trapping and release
in the TDS experiment and link position of the release peaks to the bubble
size distribution function;
Model of H trapping at LAGB (relevant for the high temperature exposures)
was proposed and allowed one to investigate the influence of the H depth
distribution on the shape of the TDS spectra;
6.2. Outlook
Based on the results presented in this thesis a number of topics for further in-
vestigation can be proposed. It can be divided into two parts: atomistic simulations
and continuum scale simulations.
Atomistic simulations:
CONCLUSIONS AND OUTLOOK 6-5
Further investigation of the interaction of H/He with microstructural defects
in W: low angle grain boundaries (dislocation networks), triple junctions
and high angle grain boundaries. This involves both ab initio and MD sim-
ulations in order to validate the available interatomic potentials needed to
perform simulations at finite temperature. The primary aim would be the
estimation of the influence of microstructure on H and He retention and pa-
rameterisation of H trapping and diffusion at natural microstructural defects
(i.e. existing in commersially produced tungsten) for upper scale models;
Another line of investigations is clarification of the synergetic effects be-
tween H and He during plasma implantation which can be done by large
scale MD simulations with implantation conditions similar to real plasma
exposure;
Large scale MD simulations to directly see bubble and blister formation in
the bulk and at different microstructural defects
Continuum scale simulations:
Not all the parameters derived from the MD simulations were used in current
numerical simulations. The extension of the model by including H and He
synergy effects as well as defects produced by neutron irradiation is to be
implemented;
The proposed model gives an opportunity to predict the results of experi-
ments involving high flux plasma exposure. The model gives predictions
in terms of flux and temperature conditions for blister formation: this can
be checked by choosing a set of experimental conditions and investigating
blister formation;
The analysis done for TDS release after exposure was performed for limited
number of experiments and can be extended for bigger range of exposure
conditions in terms of flux and temperature;
The significance of H depth distribution for TDS release demonstrated by
the model can be validated by polishing the sample after the exposure and
before the TDS measurement in order to remove sub surface H and thus
extract only the information about H stored in the bulk;

English summary
Nuclear fusion can be regarded as a potentially clean, secure and virtually
unlimited source of energy for the future. Currently, the most promising reac-
tor concept – the so-called "tokamak" device employs magnetic confinement of
fusion plasma. One of the most ambitious energy-related projects today is the
construction of the world’s largest tokamak, also known as ITER, “The Way” in
Latin. The experimental campaigns planned at ITER aim at testing integrated tech-
nologies, materials and physical regimes necessary for commercial production of
fusion-based electricity. In other words, ITER aims at bridging the gap between
today’s smaller fusion devices and the demonstrational power plant of the future,
the DEMO reactor.
One of the main goals for the operation of ITER is to demonstrate the control of
fusion plasma with negligible consequences for the environment. Hence, special
attention is drawn to tritium (T) regarding its intrinsic toxicity and radioactivity.
The limit of 700 g of T accumulated in the ITER chamber was set by the safety
authorities in order to limit possible environmental hazards in the unlikely event
of T release. A full understanding of the mechanisms governing T penetration,
accumulation and retention in the materials that are in contact with plasma is thus
important.
In the current ITER design, tungsten (W) is retained as armour material for
the divertor – the exhaust system of ITER – that is subjected to harsh conditions in
terms of heat flux and particle bombardment. The choice of W is mainly motivated
by its outstanding properties, such as high melting point, high thermal conductivity
and resistivity to sputtering. This thesis focuses on studying the mechanisms of
retention and release of T from W.
ITER-relevant conditions in terms of particle bombardment, cyclic thermal
loads and neutron irradiation are, unfortunately, hard to achieve with existing ex-
perimental set-ups . Up to now, linear deuterium plasma devices are used to mimic
the effects of tritium under ITER relevant conditions. Thus, many experimental
studies reported in the scientific literature are based on this technique. After ex-
posure to plasma, the samples are typically examined using the following three
techniques. Firstly, Nuclear Reaction Analysis (NRA) provides information about
the depth profile of the deuterium concentration found in the material, as implanted
during the exposure. Secondly, Thermal Desorption Spectroscopy (TDS) follows
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the release of deuterium from the sample during linear heating. The analysis of
the shape of the release spectra gives an idea about the possible trapping sites in
the material, at the microscopic level. Thirdly, electron microscopy techniques are
used to assess the surface degradation of the material by the plasma. However,
none of the mentioned techniques provide direct or conclusive information about
the mechanisms responsible for deuterium retention in tungsten. Hence, computer-
based multiscale modelling approach can be regarded as a complementary tool,
providing a full-depth understanding of all involved mechanisms interplaying at
the atomic level.
As a starting point towards this objective, a model for hydrogen retention go-
verned by accumulation at dislocations was proposed, based on first principles
calculations. In a nutshell, the interaction of H with dislocation lines was com-
puted using Density Functional Theory (DFT), which is an approximate scheme
to solve the Schrödinger’s equation for the many body problem. A mechanism
for the nucleation and growth of hydrogen bubbles on dislocation lines under high
flux plasma exposure of tungsten was put forward after analysis of the DFT results.
The mechanism comprises of the following stages: (1) interstitial H atoms getting
trapped at dislocation lines due to favourable energetics; (2) their very fast one di-
mensional migration along the dislocation core because of low migration energies;
(3) the growth of multiple H atom clusters, eventually resulting in the creation of
a vacancy jog on the dislocation core. Implementation of these mechanisms in
a simple Rate Theory (RT) model allowed reaching relevant trends in agreement
with experimental evidence. This part of the research is described in chapter 3 of
this thesis.
Next, the model was further improved using Molecular Dynamics (MD) sim-
ulations, where Newton’s classical equations of motion are integrated over much
longer time and length scales. In this approach the atomic interactions are para-
metrized by an empirical interatomic potential (IAP) for the W-H-He system in the
framework of Embedded Atom Method (EAM). The potential was benchmarked
by comparison with DFT data and predictions of a Bond Order Potential (BOP)
from the literature. A number of Molecular Static (MS) and MD simulations were
performed in order to parametrize the stability of Vacancy-H-He clusters, diffu-
sion and thermal stability of H and He single atoms and their clusters in bulk W as
well as in the vicinity of dislocations. In the case of screw dislocations one dimen-
sional migration was not observed, which was related to the fact that the potential
does not predict all the attractive positions of H in and near the screw dislocation
core. The result of atomistic simulations are reported in chapter 4 and provide a
thorough insight into the mechanisms that determine H retention in W.
However, in order to properly investigate the effect of all the considered mech-
anisms on the H retention during real experiments one has to perform a full scale
mean field theory simulation using the parametrizations obtained by atomistic
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simulations. Chapter 5 describes the implementation of the model of dislocation
driven H retention in tungsten in a numerical simulation tool using the parametriza-
tion obtained from atomistic simulations. The model was used to predict plasma
exposure conditions in terms of flux and temperature for the nucleation of sta-
ble bubbles, their growth and subsequent blister formation. The extension of the
model with a universal binding energy function describing binding of H to a bubble
depending on the growth stage of the bubble, allowed one to analyse high temper-
ature release stages of TDS spectra. The shape of the considered spectra was re-
lated to the mechanism of H bubble formation and the size of the bubble. Finally a
two-zoned depth distribution model of H retention in W with non-equilibrium trap
nucleation in the subsurface region was proposed. The model was combined with
a classical diffusion-trapping code in order to simulate and analyse TDS spectra
obtained after high - flux high temperature exposures. From the performed com-
putational analysis, it was concluded that high flux high temperature exposures
(T = 1000 K, flux = 1024 D/m2s and fluence of 1026 D/m2) result in the gener-
ation of sub-surface damage and bulk diffusion, so that the retention is driven by
both sub-surface plasma-induced defects (bubbles) and trapping at natural defects
(such as cavities and grain boundaries). Experimental conditions and procedures
for further validation of the predictions of the simulations were proposed.

Nederlandse samenvatting
–Summary in Dutch–
Kernfusie wordt gezien als een potentieel schone, veilige en quasi onuitputbare
bron van energie voor de toekomst. Momenteel is het meest belovende reactor
concept de zogenaamde "tokamak", waarbij magnetische velden gebruikt worden
voor de opsluiting van het fusieplasma. Op heden is een van de meest ambitieuze
energie gerelateerde projecten de bouw van ’s werelds grootste tokamak, beter ge-
kend als ITER, wat "de weg" betekent in het Latijn. De geplande experimenten
in ITER beogen het testen van de geïntegreerde technologieën, de materialen en
de fysische regimes die nodig zijn voor de commerciële uitbating van fusie geba-
seerde elektriciteitscentrales. Met andere woorden, ITER vormt de brug tussen de
huidige kleinere fusiemachines en de grotere toekomstige DEMO-reactor.
Een van de belangrijkste doelstellingen van de uitbating van ITER is om aan
te tonen dat gecontroleerde fusie geen negatieve gevolgen voor het milieu heeft.
Daarom wordt extra aandacht besteed aan tritium (T), dat intrinsiek giftig en ra-
dioactief is. Door de autoriteiten is de geaccumuleerde T-limiet vastgelegd op 700
g voor het volledige vacuümvat om zo het milieu te beschermen bij een eventueel
verlies van T. Een gedetailleerde kennis van de mechanismen die verantwoorde-
lijk zijn voor de penetratie, accumulatie en retentie van T in de materialen die in
contact komen met het plasma is dus essentieel.
In het huidige ITER-design is wolfraam (W) weerhouden als pantser materiaal
voor de divertor – het uitlaatsysteem voor ITER – dat onderhevig is aan moeilijke
omstandigheden inzake warmte en deeltjes flux. De keuze voor W is voornamelijk
gemotiveerd door zijn superieure fysische eigenschappen, zoals bijvoorbeeld, hoge
smelttemperatuur, thermische geleidbaarheid en weerstand tegen sputteren. Deze
thesis concentreert zich op de studie van de mechanismen die verantwoordelijk
zijn voor de retentie en ontsnapping van T in W.
Het bereiken van ITER relevante omstandigheden met de huidige experimen-
tele opstellingen met betrekking tot deeltjes flux, cyclische thermische belastin-
gen en neutron bestraling is moeilijk te bereiken. Tot nog toe worden lineaire
deuterium plasma opstellingen gebruikt om de effecten van T onder ITER rele-
vante omstandigheden te bestuderen. Dus, veel experimentele studies in de weten-
schappelijke literatuur volgen deze werkwijze. Na de blootstelling aan het plasma
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worden de monsters typisch met drie technieken onderzocht. Ten eerste is er de
Nucleaire Reactie Analyse (NRA) die informatie verschaft over het diepteprofiel
van de deuterium concentratie in het materiaal. Ten tweede, Thermisch Desorptie
Spectroscopie (TDS) volgt de ontsnapping van deuterium van het monster tijdens
lineaire verhitting. De analyse van de vorm van de ontsnappingsspectra geven een
idee over de mogelijke types van vallen in het materiaal, op het microscopisch
niveau. Ten derde, elektron microscopie wordt gebruikt om de oppervlaktedegra-
datie van het materiaal door het plasma te bestuderen. Echter, geen van de drie
vermelde technieken levert directe of eenduidige informatie over de mechanis-
men die verantwoordelijk zijn voor de deuterium retentie in wolfraam. Daarom
wordt multi-schaal modellering beschouwd als een complementaire aanpak, die
een diepgaande kennis van alle betrokken interagerende mechanismen op het ato-
maire niveau bevordert.
Het startpunt van deze doelstelling is een model voor de waterstof retentie dat
gedomineerd wordt door de accumulatie van H-dislocaties en gebaseerd is op ab
initio berekeningen. Kort samengevat wordt de interactie van H met dislocaties
berekend door middel van dichtheidsfunctionaaltheorie (DFT), welke een bena-
dering is van de oplossing van de Schrödingervergelijking voor het veel deeltjes
probleem. Na een grondige analyse van de DFT resultaten werd een mechanisme
voorgesteld voor de nucleatie en groei van waterstof bellen op dislocaties onder
hoge flux plasma blootstelling in wolfraam. Het mechanisme wordt gekarakteri-
seerd door de volgende drie stappen: (1) interstiële H-atomen worden gevangen
op dislocaties door de gunstige energetische omstandigheden; (2) ze migreren snel
in één dimensie langs de dislocatiekern door de lage migratie energieën; (3) de
groei van vele H-clusters, die uiteindelijk resulteren in de creatie van een jog van
vacatures op de dislocatie. Deze mechanismen werden geïmplementeerd in een
eenvoudig "Rate Theory Model" dat toelaat de relevante experimentele trends te
reproduceren. Dit deel van het onderzoek wordt beschreven in hoofdstuk 3 van
deze thesis.
Vervolgens werd dit model verbeterd door middel van klassieke moleculaire
dynamica (MD) simulaties, waarin Newtons vergelijkingen geïntegreerd worden
over langere tijds en lengte schalen. Op deze manier worden de atomaire inter-
acties geparametriseerd door empirische potentialen voor het W-H-He systeem
volgens het ëmbedded atom model". De potentiaal werd uitgebreid getest door
te vergelijken met DFT data en voorspellingen van een Bindings Ordering Poten-
tiaal (BOP) uit de literatuur. Moleculaire Statica (MS) en MD-simulaties werden
uitgevoerd om de stabiliteit van vacature-H-He clusters te parametriseren, de dif-
fusie en thermische stabiliteit van geïsoleerde H en He atomen en hun clusters in
zowel bulk W als in de buurt van dislocaties te bestuderen. Voor schroefdislocaties
werd geen 1-D migratie geobserveerd wat toegeschreven wordt aan het feit dat de
potentiaal niet alle aantrekkende posities van H in en nabij de schroefdislocatie-
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kern reproduceert. De resultaten van de atomaire simulaties worden beschreven
in hoofdstuk 4 en geven een gedetailleerd inzicht in de mechanismen die verant-
woordelijk zijn voor de retentie van H in W.
Echter, om het werkelijke effect van de verschillende mechanismen op de H
retentie onder experimentele omstandigheden te begrijpen is er nood aan groot-
schalige "mean field theory"simulaties gebaseerd op de resultaten van atomaire
simulaties. Hoofdstuk 5 beschrijft de implementatie van zo een model voor dis-
locatie gedreven H retentie in W gebaseerd is op de resultaten van atomaire si-
mulaties. Het model werd gebruikt om de nucleatie van stabiele bellen, hun groei
en vervolgens blaarvorming te voorspellen onder werkelijke experimentele om-
standigheden. Het model werd uitgebreid met een universele functionaal voor de
bindingsenergie van H tot een bel, die afhankelijk is van de groeifase van de bel
en laat toe de experimentele ontsnappingsfases van hoge temperatuur TDS-spectra
te analyseren. De vorm van de beschouwde spectra werd gerelateerd aan het me-
chanisme dat verantwoordelijk is voor de vorming van de H-bel en de grootte van
de bel. Uiteindelijk werd een twee-zones dieptemodel van H-retentie in W met
een dynamische val nucleatie net onder de oppervlakte. Het model werd gecom-
bineerd met een klassiek diffusie-vallen programma om TDS-spectra te simuleren
en analyseren zoals verkregen na hoge temperatuur-hoge flux blootstellingen. Uit
de computeranalyse werd besloten dat de hoge temperatuur-hoge flux blootstel-
lingen (T = 1000 K, flux = 1024 D/m2s en fluence van 1026 D/m2) resulteren
in de creatie van plasma geïnduceerde defecten net onder het oppervlak en hun
bulk diffusie, zodat de retentie bepaald wordt door plasma geïnduceerde defecten
(bellen) net onder de oppervlakte en natuurlijke vallen (zoals bijvoorbeeld holtes
en korrelgrenzen). Mogelijke experimentele omstandigheden en procedures voor
de verdere validatie van de voorspellingen van de simulaties worden voorgesteld.

Resumen en Español
–Summary in Spanish–
La fusión nuclear puede ser considerada como potencialmente limpia, segura
y virtualmente una fuente ilimitada de energía para el futuro. Actualmente, el con-
cepto mas prometedor – el llamado “tokamak” utiliza el confinamiento magnético
del plasma de fusión. Uno de los proyectos mas ambiciosos relacionados con la
energía es hoy en día la construcción del tokamak mas grande del mundo, también
conocido como ITER, El Camino en Latin. La campaña experimental planeada en
ITER tiene como objetivo probar las tecnologías, los materiales y los regímenes
físicos necesarios para la producción comercial de electricidad basada en la fusión
nuclear. En otras palabras, el objetivo de ITER es de tender un puente entre el dis-
positivo de fusión mas pequeño que existe hoy y la planta de fusión nuclear del
futuro, el reactor DEMO.
Uno de los principals objetivos para el funcionamiento de ITER es de demos-
trar el control del plasma de fusión con consecuencias insignificantes para el me-
dioambiente. Por lo tanto, una atención especial ha sido puesta sobre el tritio (T)
respeto a su toxicidad y radiactividad intrínsecas. El límite de 700 g de T acumu-
lado en la cámara de ITER fue determinada por las autoridades de seguridad para
limitar posibles daños medioambientales en el caso improbable de una fuga de T.
Por lo tanto, un conocimiento de los mecanismos que gobernan la penetración,
acumulación y rentención de T en materiales que están en contacto con el plasma
es crucial.
En el diseño actual de ITER, el tungsteno (W) fue retenido como material blin-
daje para el divertor – el sistema de escape de ITER – y estará sujeto to condiciones
extremas en términos de fluoj de calor y de bombardeo por partículas. La elección
del W es principalmente motivada por sus increíbles propiedades, como un punto
de fusión muy alto, una conductividad térmica alta y una buena resistencia a la
erosión. Esta tesis doctoral se centra en el estudio de los mecanismos de retención
y desorción del T en W.
Sin embargo, alcanzar condiciones relevantes para ITER con configuraciones
existentes en términos de bombardeo de partículas, ciclos de cargas térmicas e
irradiación por neutrones es, desgraciadamente, difícil de conseguir. Hasta aho-
ra, dispositivos lineares de plasma de deuterio han sido utilizados para reproducer
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los efectos del tritio bajo condiciones relevantes para ITER. Asi, muchos estu-
dios experimentales encontrados en la literatura científica se basan en esta técnica.
Después de exposición al plasma, las muestras son típicamente examinadas utili-
zando las tres técnicas siguientes. Primero, el análisis de reacción nuclear (NRA)
aporta información sobre el perfil en profundidad de la concentración de deute-
rio en el material, después de su implantación durante la exposición. Segundo, la
Espectroscopia de Desorción Térmica (TDS) sigue la desorción de deuterio de la
muestra durante un calentamiento lineal. El analisis de la forma de los espectros
de desorción aporta una idea sobre los posibles sitios de atrapamiento en el mate-
rial, a nivel microscópico. Finalmente, técnicas de microscopía por electrons son
utilizadad para evaluar la degradación de la superficie del material por el plasma.
Sin embargo, ninguna de las técnicas mencionadas aporta una información directa
o concluyente sobre los mecanismos responsables para la retención del deuterio
en el tungsteno. Por consiguiente, enfoques basados en una modelización compu-
tacional multi-escala pueden considerarse como herramientas de apoyo, aportando
un conocimiento en profundidad de todos los mecanismos implicados y que inter-
actúan a nivel atómico.
Como punto de partida hacia este objetivo, un modelo para la retención del hi-
drogeno gobernada por la acumulación en dislocaciones fue propuesto, basado en
cálculos de primeros principios. En resumen, la interacción del H con líneas de dis-
locación fue calculada utilizando la Teoría de la Densidad Funcional (DFT), que
consiste en una aproximación para resolver la ecuación de Schrodinger a varios
cuerpos. En base a estos cálculos de DFT, se propusé un mecanismo de nucleación
y de crecimiento para la burbujas de hidrogeno sobre las líneas de dislocación ba-
jo exposición del tungsteno a un plasma con alto flujo. El mecanismo comprende
las siguientes etapas: (1) los átomos de H intersticial se atrapan en las líneas de
dislocación debido a una variación energética favorablea; (2) una migración unidi-
mensional muy rápida a lo largo del núcleo de la dislocación debido a una energía
de migración muy baja; (3) crecimiento de clusters con varios átomos de H, fi-
nalmente resultando en la creación de un salto de una vacante sobre el núcleo de
la dislocación. La implementación de estos mecanismos en un simple modelo de
“Rate Theory” nos permitió encontrar tendencias relevantes en acuerdo con obser-
vaciones experimentales. Esta parte de la investigación está descrita en el capítulo
3 de esta tesis.
Despues, nuestro modelo fue mejorado utilizando simulaciones de Dínamica
Molecular (DM), donde las ecuaciones clásicas del movimiento de Newton son
integradas para tiempos y distancias mas largos. En este enfoque, las interaccio-
nes atómicas son parametrizadas por un potencial interatomico empírico para el
sistema W-H-He en el marco de un Modelo de Atomo Embebido (EAM). El po-
tencial fue probado por comparación con datos obtenidos por DFT y predicciones
Potencial de Orden de Enlace (BOP) encontradas en la literatura. Numerosas si-
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mulaciones de Estatica Molecular (SM) y DM fueron necesarias para parametrizar
la estabilidad de los clusters de vacante-H-He, la difusión y la estabilidad térmica
de los átomos de H y He y sus clusters en el volumen del tungsteno asi como en
la proximidad de dislocaciones. En el caso de dislocaciones hélice no se observó
migración unidimensional, lo cual fue correlacionado con el hecho que el poten-
cial no predice las posiciones de atracción del H dentro y cerca del núcleo de una
dislocación hélice. El resultado de nuestras simulaciones atomísticas ha sido re-
sumido en el capítulo 4, aportando un conocimiento profundo de los mecanismos
que gobernan la retención del H en W.
Sin embargo, para investigar adecuadamente el efecto de todos estos mecanis-
mos sobre la retención del H en W durante experimentos reales, hay que utilizar
simulaciones de “mean field theory” utilizando los parámetros obtenidos por simu-
laciones atomísticas. El capitulo 5 describe la implementación del modelo inclu-
yendo la retención de H en dislocaciones en tungsteno en una herramienta de simu-
lación numérica utilizando los parámetros obtenidos con simulaciones atomísticas.
Este modelo fue utilizado para predecir la nucleación de burbujas estables, su cre-
cimiento y la formación de blíster, bajo condiciones de exposición de plasma en
función del flujo y la temperatura. La extension de este modelo con una función
universal para la energía de ligadura describiendo el enlace del H a una burbuja
nos permitió analizar etapas de desorción obtenidas a partir de espectros de TDS.
La forma de los espectros fues relacionada con los mecanismos de formación de
burbujas de H y con su tamaño. Finalmente, proponemos un modelo incluyendo
dos zonas de penetración para la desorción del H en W con nucleación por atrapa-
miento fuera de equilibrio en la zona bajo la superficie. El modelo fue combinado
con un código clásico de atrapamiento-difusión para simular y analizar espectros
de TDS obtenidos después de una exposición a alto flujo y alta temperatura. A par-
tir del analisis computacional, concluimos que una exposición a alta temperatura y
alto flujo (T = 1000 K, flujo = 1024 D/m2s anddosis of 1026 D/m2) resulta en la
generación de difusión en el volumen y daño bajo la superfie, de tal manera que la
retención es gobernada por defectos creados bajo la superficie (burbujas) y el atra-
pamiento en defecto naturales (como cavidades y bordes de grano) Condiciones
experimentales para una validación futura de las predicciones han sido propuestas.
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a b s t r a c t
Tungsten is a primary candidate for plasma facing materials for future fusion devices. An important
safety concern in the design of plasma facing components is the retention of hydrogen isotopes. Available
experimental data is vast and scattered, and a consistent physical model of retention of hydrogen iso-
topes in tungsten is still missing. In this work we propose a model of non-equilibrium hydrogen isotopes
trapping under fusion relevant plasma exposure conditions. The model is coupled to a diffusion-trapping
simulation tool and is used to interpret recent experiments involving high plasma ﬂux exposures. From
the computational analysis performed, it is concluded that high ﬂux high temperature exposures
(T ¼ 1000 K, ﬂux ¼ 1024 D/m2/s and ﬂuence of 1026 D/m2) result in generation of sub-surface damage and
bulk diffusion, so that the retention is driven by both sub-surface plasma-induced defects (bubbles) and
trapping at natural defects. On the basis of the non-equilibrium trapping model we have estimated the
amount of H stored in the sub-surface region to be ~105 at1, while the bulk retention is about
4  107 at1, calculated by assuming the sub-surface layer thickness of about 10 mm and adjusting the
trap concentration to comply with the experimental results for the integral retention.
© 2016 Elsevier B.V. All rights reserved.
1. Introduction
The current choice of materials to be used for ITER plasma-
facing components (PFCs) includes tungsten (W) [1], which is due
to its low sputtering yield, high melting point and high thermal
conductivity. One of the issues still to be clariﬁed is the retention of
hydrogen (H) isotopes e deuterium (D) and radioactive tritium (T)
e inW, as PFCs are supposed to sustain high ﬂux plasma irradiation
combined with neutron and heat ﬂuxes. In the ITER divertor,
plasma-facing surfaces will be exposed to a very high plasma ﬂux
(~1024 D/m2s) [2] with ion energies below 100 eV, i.e. well below
the atom displacement threshold (the energy needed to generate a
stable Frenkel pair), and the implantation range will be limited to
several nanometers. Following the implantation, plasma ions are
thermalized and their permeation deeper in the material depends
on hydrogen diffusion and solubility properties in W. According to
the phase diagram of a W-H system, in the temperature region of
300e1000 K relevant for ITER conditions, an equilibrium concen-
tration of H dissolved in a-W ranges from 1018 to 106 at.% [3,4].
High ﬂux plasma implantation introduces H concentration in the
material signiﬁcantly higher than the solubility limit. It is known
that under such conditions H in W does not form hydrides and
rather precipitates in the form of bubbles ﬁlled with H2 molecules.
Moreover recent ab initio calculations followed by statistical esti-
mations [5] demonstrated that high H concentration in W reduces
vacancy formation energy thus increasing the probability of bubble
nucleation. However, the thermodynamic diagram does not indi-
cate the mechanism of the bubble formation, which should occur
via H diffusion, trapping, bubble nucleation and growth. Trapping
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of H in W is deﬁned by the implantation conditions and interaction
of implanted H with microstructural defects [6]. The critical issue
here is the determination of mechanisms leading to the nucleation
of initial hydrogen clusters turning into bubbles at a higher ﬂuence.
Commercially available tungsten grades are usually heavily
deformed polycrystalline materials with relatively high dislocation
densities, low angle grain boundaries (LAGB) of sizes up to several
micrometers, high angle grain boundaries (HAGB) of sizes up to
tens of micrometers, and minor impurities in amount of up to
0.1e0.4 at%, which are all contributing to trapping of H atoms.
However, typical impurities dissolved in W matrix (such as carbon
and oxygen) do not bind H strongly and usually affect the uptake of
H indirectly, e.g. by precipitation or grain boundaries segregation
[7e9]. Dislocations and grain boundaries are usually considered as
major traps in the powder metallurgy-produced polycrystalline
tungsten grades. Due to the low solubility and low migration en-
ergy of H in W (0.25e0.4 eV [3,10,11]), even under room temper-
ature exposure conditions, H promptly occupies different
microstructural traps in the material so that there are almost no
dissolved interstitial H atoms in W lattice.
As has been recently summarized by Tanabe [6], H depth pro-
ﬁles under high ﬂux exposures typically consist of three compo-
nents, namely: (1) top-most layer: several nano-meters); (2)
saturated sub-surface layer: several micrometers and (3) bulk: from
several micrometers to millimeters depths, basically across the
whole sample. Due to small thickness of the top-most layer, the
fraction of H trapped there is usually rather low as compared to the
total retention. Therefore upon high ﬂux/ﬂuence and high tem-
perature exposures, the retention is deﬁned by the partition of H
trapped at plasma-induced microstructural defects (e.g. cavities,
bubbles), established in the saturated sub-surface layer, and in the
bulk. The bulk retention, in turn, is deﬁned by the initial micro-
structure of the material and the H ﬂux coming through the sub-
surface layer.
Experimentally available microstructure and depth distribu-
tions of retained H represent important information that is used to
establish and verify principal physical models describing retention
and release of hydrogen isotopes in fusion materials. Linear plasma
accelerators are conventionally used to simulate fusion-relevant
high ﬂux plasma conditions utilizing D ions. Thus, while discus-
sing the experimental results we use D notation. However in
atomistic simulations H is used. Since chemical properties of these
two isotopes are the same, we use H notation while discussing the
theoretical model. Nuclear reaction analysis (NRA) and scanning
electron microscopy (SEM) are the most conventional tools used to
study surface modiﬁcations and depth distribution of D after
plasma exposure [12e16]. Typical measurements done by NRA
show that the concentration of retained D sharply decreases within
ﬁrst several mm of the exposed surface (see e.g. Refs. [6,15,17,18])
after high ﬂux (>1022 ion/m2/s) exposures performed at material
temperatures in the range of 300e800 K. However, the NRA tech-
nique does not allow probing thematerial deeper than about 10 mm
from the surface. Additional information comes from measure-
ments by secondary ion mass spectrometry (SIMS) as well as from
the thermal desorption spectroscopy (TDS). A comparison of the
integral retention measured with NRA and TDS conﬁrms the above
mentioned division of D retention into three zones: top-surface
layer, sub-surface layer and the bulk. The bulk retention compo-
nent depends strongly on the exposure temperature and ﬂuence,
and for high temperature exposures (800 K and above) the D
permeation can reach mm depth [6,19,20].
The microstructural modiﬁcation expressed in the formation of
cavities at a depth of tens of micrometers and deeper is reported in
Ref. [21], which conﬁrms that increasing exposure temperature
enhances the permeation of D towards bulk. The initial
microstructure appears to play an important role in hydrogen
retention properties of the material. Formation of cavities deeper
than several micrometers was observed at 500 K exposure under
low ﬂux conditions (1020 ion/m2/s) in the case of recrystallized and
large-grain materials [22]. Besides SEM-visible cavities, a signiﬁ-
cant amount of D can be retained in nanoscale bubbles formed as a
result of plasma exposure and located within ﬁrst micrometers, as
was recently reported by direct TEM observations [23]. Dislocation
networks can offer nucleation sites for the formation of such bub-
bles at sufﬁciently high plasma ﬂuxes, as was recently suggested in
Ref. [24]. Therefore the initial density of dislocations plays an
important role especially at low temperature conditions.
Computational assessment of H retention by diffusion-trapping
codes like TMAP7 [25e27] provides the possibility to associate
features of experimental TDS spectra with particular trapping sites
in the material. Experimental TDS spectra can be rather well ﬁtted
by assigning three trapping site energies of 0.45 eV, 1.05 eV and
1.44 eV to dislocations, vacancies and pores, respectively [27e29],
however the amount of traps used in these models was limited. A
thorough theoretical study highlighting how characteristic tem-
peratures of TDS spectra depend on hydrogen retention parame-
ters, such as trap concentration depth distribution or activation
energy of detrapping processes was reported in Ref. [30]. Following
the ab initio studies [5,31], trapping of multiple H atoms in one
vacancy is possible and the binding energy of subsequent H atoms
decreases from 1.28 eV for one trapped atom down to 0.32 eV for
six atoms. In order to utilize these results, a number of works
aiming on extension of the reaction diffusion models for higher
amount of traps treating a vacancy ﬁlled with different number of
trapped H atoms as a separate traps were done in Refs. [32e35], as
well as an introduction of traps with continuum binding energy
distribution [35e37]. Using the multiple trap model with an NRA
proﬁle as trap concentration depth distribution allowed accurate ﬁt
of TDS spectra at different ﬂuencies in Ref. [32] with a possible
attribution of the traps to vacancies located near material surface.
Special attention to the role of voids and blisters in the molecular H
release during TDS and was drawn in work [38]. However the
mechanism of formation of such voids remains unclear.
Theoretical formulation of the high ﬂux plasma-induced bubble
formation at dislocations has been recently performed using ab
initio atomistic calculations [23]. By exploring the interaction of H
atomswith dislocations inW, it was demonstrated that H atoms are
bound to the screw dislocation core with the energy of ~0.6 eV and
an interstitial H exhibits fast one-dimensional migration along the
dislocation line. An elementary dislocation segment accepts up to
six H atoms gradually losing its interaction strength. Here
elementary segment means a dislocation line with a length of a
translation vector in the direction of the dislocation line. For½〈111〉
screw dislocations this length is
ﬃﬃﬃ
3
p
a0 since dislocation line is ori-
ented along the direction of burgers vector 〈111〉 direction. Once the
cluster of eight atoms is formed, it spontaneously transforms into
an immobile conﬁguration by punching out a jog and thus creating
an open volume jog on a dislocation line. Ab initio suggests that no
more than 6 H atoms can be trapped by perfect dislocation core.
However in real material imperfections on the dislocation such as
kinks and jogs together with intersection of dislocations exist.
Properties of such imperfections are similar to vacancy in tungsten.
Thus they can play a role of nucleation sites for clustering enough H
atoms to initiate jog formation. In this way, the dislocation network
may act not simply as aweak trap, but also as an extended defect for
heterogeneous nucleation of stable hydrogen clusters, potentially
converting into bubbles by punching the dislocation jogs. We
would call such process “non-equilibrium trapping”meaning that it
is governed by trapping of H at the defect created during the
implantation.
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However, the dislocation-driven trapping mechanism can
operate only at a certain plasma ﬂux and material temperature
combination: the higher is the temperature e the higher must be
the ﬂux to sustain the jog nucleation. According to the estimations
done in Ref. [39], plasma exposure at temperatures above 800 K
requires a ﬂux of at least 1025 m2 s1 for the H clustering to take
place. However, recent experiments employing ﬂuxes of about
2024 m2 s1 at 50 eV-biased D plasma exposure of polycrystalline
tungsten (non-recrystallized gradewith average grain size of 20 mm
[16]) demonstrated the presence of blisters with high areal density
and the high temperature TDS release peak around 800e1000 K,
suggesting the presence of D-ﬁlled bubbles. Dome-shaped blisters,
observed on the exposed surface, also support the assumption of
the presence of bubbles growing by plastic deformation. SIMS
measurements have conﬁrmed signiﬁcant trapping of deuterium
within ﬁrst 200 nm under the surface. At the same time, NRA
analysis shows that the uptake does not vanish beyond 200 nm and
in fact remains constant at a level of 5  104 atomic fractions
through the maximal probing depth of 10 mm. These experimental
facts suggest that non-equilibrium trapping in the sub-surface
leading to the formation of bubbles also occurs at high tempera-
ture exposures where the trapping on bulk dislocation lines should
be ineffective.
In addition to dislocations and vacancies, ab initio calculations
addressing the dissolution and segregation of H at high angle grain
boundaries in W also provide evidence for strong binding. Zhou
et al. [40] have shown that an H interstitial can be bound to a HAGB
of S5{013} typewith an energy of up to 1.11 eV, which is close to the
value for a single vacancy. However, contrary to an isolated vacant
site, the capacity of the studied HAGB to accept additional H atoms
was found to be limited to a 2-H cluster (not amolecule) onlywith a
weak binding of 0.13 eV [40].
In this work, we perform a theoretical analysis of trapping of
hydrogen in polycrystalline W under high temperature high ﬂux
plasma exposure. To explain the high temperature retention, we
put forward the hypothesis of H trapping at low angle grain
boundaries (LAGB), which, in fact, represent a network of edge,
screw and mixed dislocations with a relatively small spacing. The
network nodes are suggested to act as trapping sites, which attract
and emit hydrogen atoms simultaneously. Hydrogen atoms
escaping from LAGB trapping sites diffuse along LAGB interfaces
either towards the surface or deeper into the bulk and can be
captured only by stronger traps such as open volume sites on
random (high angle) grain boundaries. Hence, we consider a two-
zone model where sub-surface trapping (within the ﬁrst sub-
grain) occurs as a non-equilibrium process, i.e. via over-saturation
with H leading to the formation of H-ﬁlled bubbles, while beyond
the ﬁrst sub-grain H diffuses in a ﬁeld of static traps and its
resulting depth distribution is deﬁned by the concentration and
strength of intrinsic traps (e.g. open volume sites on HAGBs).
Following the above described model, we have performed a
computational analysis of the H trapping and release by combining
the two trapping processes: non-equilibrium and diffusion-based
ones. We simulate the high ﬂux D plasma exposure at 1000 K of
well pre-characterized polycrystalline tungsten of 1 mm thickness.
The exposurewas performed at Pilot-PSI [41] plasma generator. The
exposure was applied in a single plasma shot of 70 s with the
particle ﬂux in the center of the sample in the range
(0.8e1.0)  1024 m2 s1. The ﬁrst 10 mm (i.e. the ﬁrst sub-grain)
was treated using the non-equilibrium retention model, while the
trapping in the rest of the sample was accounted for by the
diffusion-based approach. Based on the comparison of computa-
tional results with experimentally obtained TDS spectra and TEM
microstructure observations, we draw a conclusion on the partition
of deuterium retention between the sub-surface region and the
bulk.
2. Computational model for sub-surface trapping
As we have outlined in the introduction, upon high temperature
exposure (above 800 K), the ﬂux of 1024 D/m2/s is estimated to be
not sufﬁcient for the nucleation of bubbles on dislocations by
clustering and subsequent punching out of an interstitial atom on a
dislocation line [39]. However, a strong gradient of the concentra-
tion of the retained D within the ﬁrst micrometer depth of poly-
crystalline W is still detected by the SIMS even at temperatures as
high as 1000 K [42] also blistering is reported. This observations
point out the formation of bubbles driven by microstructural de-
fects spatially distributed within several micrometers beneath the
exposed surface. The size of sub-grains in polycrystalline W is
typically of about several micrometers [43], meaning that spacing
between LAGBs is much smaller than between that for HAGBs.
Therefore, the LAGBs are considered in this work as the major
source of H trapping sites in the sub-surface region eventually
leading to the nucleation of stable defects.
In particular, we consider the nucleation of bubbles to take place
on dislocation networks (triple junctions) made of screw, edge and
mixed dislocations with frequent nodes, where trapping is ex-
pected to be especially strong. In the following, we shall formulate a
set of equations deﬁning the growth of bubbles at dislocation nodes
of LAGB and evaluate the limiting cases for the concentration of
those nodes, given the high ﬂux high temperature exposure
conditions.
To apply the mean ﬁeld rate theory, we consider that a LAGB
dislocation network represents an array of traps (associated with
dislocation nodes) homogenously distributed over the sub-surface
layer of a width comparable to the sub-grain size (~10 mm). Upon
implantation, H thermalizes andmigrates in the sub-surface region.
Diffusion of H in a static ﬁeld of traps with a sink strength k2 is
described by the equation [24,44]:
vCH
vt
¼ Dd
2CH
dx2
 k2DCH ; (1)
The steady-state solution of the above equation reads [45]:
CHðxÞ ¼ C0 expðxkÞ; C0 ¼ CR ¼
F$R
D
; (2)
where Fe plasma ﬂux, Re particle penetration range,De diffusion
coefﬁcient. The LAGB sink strength is k2 ¼ 24d2 , for the grain size d, as
adopted from Ref. [46].
Accounting for the desired plasma exposure conditions, the
steady state solution of Eq. (1) leads to depth proﬁles of the H
concentration plotted in Fig. 1 for LAGB sizes d ¼ 1, 10 and 100 mm.
One can see that the steady-state H concentration quickly decreases
within 1e10 mm permeation depth, depending on the grain size.
Later on we shall apply these H concentration proﬁles to estimate
the rate of nucleation and growth of H clusters on LAGB triple
junctions depending on the LAGB size.
At a high temperature exposure (i.e. 1000 K), the diffusion of H
in a perfect W bulk is extremely fast and all incoming H atoms are
almost immediately trapped at LAGBs, as we can neglect bulk screw
dislocations due to high rate of detrapping (i.e. low binding energy).
Let us estimate the diffusion range along the LAGB within which an
H atom is detrapped. The mean free path along a linear defect is
given by Ref. lLAGB ¼ a0 exp
 
EbmELAGBm þEb
2kT
!
[21], where Ebm - migra-
tion energy in the bulk, ELAGBm - migration energy along the grain
boundary, Eb e binding energy to the linear defect, a0 e lattice
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constant. If we consider the LAGB as an array of straight disloca-
tions, we can use the value of the migration energy along disloca-
tion core (~0.1 eV [47]) to describe the migration along the LAGB.
The value for the bulkmigration energy is taken to be 0.4 eV [3] and
the value for the binding energy to dislocation is taken to be 1.0 eV,
considering that edge dislocation segments will provide the
strongest trapping [48,49]. At 1000 K, the mean free path along the
LAGBwill amount to 0.5 mm. Assuming that nucleation of H clusters
occurs at dislocation junctions, the H trapping on the junctions will
be deﬁned by the ﬂux of H from the bulk to the unit length of LAGB
(JLAGB(x)) multiplied by the Hmean free path along the LAGB (lLAGB),
i.e. the LAGB effective length that gather H atoms contributing to
the bubble growth as is written below:
Rþ ¼ lLAGBJLAGBðxÞ; where JLAGBðxÞ ¼
ZLAGB
u
DHCHðxÞ; (3)
Where ZLAGB ~ 1 e geometrical capture efﬁciency, u e atomic vol-
ume. As can be seen from Eq. (3), the incoming ﬂux depends on the
depth, because the ﬂux of free H atoms moving in a trap ﬁeld re-
duces with the permeation depth due to the trapping. Therefore a
sufﬁciently high ﬂux of H is needed at a given depth to sustain the
growth of H clusters and to initiate their transformation into stable
bubbles. If the ﬂux is not sufﬁcient, H clusters dissolve by emitting
H atoms. The emission rate depends on the binding capacity of a
particular defect, where the binding energy for H atoms depends on
the cluster size. That is why the nucleation of the bubbles is fav-
oured close to the surface and assisted by open volume defects such
as grain boundaries, edge dislocations and vacancies.
As the nucleation of stable clusters (i.e. bubbles) progresses, at a
certain point the distance between them will become shorter than
the mean free path lLAGB (see Fig. 2), and the arrival rate to each
stable cluster will be deﬁned by their mean spacing lcl ¼ pd2=N ,
where N is the volumetric concentration of the clusters. In this case
the average arrival rate of H atoms to clusters will decrease if their
concentration increases. Fig. 3 shows the balance of rates for the
arrival (Rþ) to and dissolution from the clusters
R ¼ Cn exp

 EbinkT

, considering different detrapping energies
(tentatively attributed to the detrapping from a screw dislocation
line, edge dislocation line, vacancy and void). The nucleation of
bubbles will occur only if the trapping rate is higher than
dissolution rate (Rþ > R-). As can be seen from the graph, depending
on the grain size, the critical cluster density varies from 1018 to
1021 m3 (1011e108 at1) and is marked as a green area on the
graph.
In Ref. [52], the trapping rate of H at a dislocation segment was
derived. It can be modiﬁed for LAGB as:
Rþb ¼ k2Db
h
CHðxÞ  CLAGBTh
i
; (4)
where k is the sink strength of LAGB and CLAGBTh ¼ exp

 EbþEmkT

is
the equilibrium concentration of H atoms per trapping site deter-
mined by the emission rate [24]. Expression (4) predicts a constant
increase of the amount of H trapped at the LAGB interface and does
not take into account the diffusion along the LAGB interface, which
would reduce the H concentration in sub-surface bubbles and
promote deeper diffusion of H atoms. Following the same
description as it was introduced for bulk dislocations in
Refs. [24,52], the effect of diffusion along LAGB (via trapping-
detrapping from dislocation nodes) is accounted for by the
following expression:
dCLAGBH
dt
¼ Rþb 
Deff
x2 þ d2C
LAGB
H ðxÞ; (5)
where d is the LAGB length, and Deff is the effective diffusion co-
efﬁcient along the LAGB interface taken as Deff ¼ a20n exp

 EmeffkT

.
A steady state solution of Eq. (5) for the concentration of trapped H
reads
CLAGBH ðxÞ ¼
x2 þ d2
Deff
Rþb ; (6)
The solution of Eq. (6) is drawn in Fig. 4 for two particular values
of the effective migration energy and LAGB size. It can be seen that
due to diffusion along LAGB the steady-state concentration proﬁle
decreases faster as compared to the proﬁles shown in Fig. 1. Proﬁles
for d ¼ 10 and 100 mm are in a good agreement with SIMS results
[42]. The values of the effective migration energy used are 0.45 eV
and 0.55 eV. The total retention predicted by these curves strongly
depends on the effective migration energy. By performing a
parameter study, we reveal the range of migration energies that can
provide a reasonable fraction of the total retention with respect to
the total retention as compared to the experimental results (from
0.1 to 0.5).
The total H concentration stored in LAGB traps lies in the range
of (1.0e8.0)  105 at1 depending on the size of the grain
boundary. This amount of trapped H represents 15 to 45% of the
total H in thematerial for LAGB sizes from d¼ 10 mm to d¼ 100 mm.
These estimates for the fraction of H retained in the sub-surface and
bulk regions are used as a starting approximation to model H
release upon TDS cycle.
3. Construction of the depth proﬁle of trapped H
An initial depth distribution of trapped H is an important input
for the simulation of the release during TDS experiment. As has
been discussed above, all trapped H can be subdivided into two
fractions corresponding to two regions: sub-surface and bulk, as
schematically shown in Fig. 5. The sub surface region is character-
ized by non-equilibrium trapping and bubble formation, while bulk
region is described by classical diffusion-trapping model, so that
bulk retention is deﬁned by ﬁlling natural traps (cavities and open
Fig. 1. Steady state solution for H concentration deﬁned by equation (1) for 3 different
LAGB sizes.
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volumes at HAGB).
The estimation of the amount of H trapped at the sub-surface
region has been made above, and we take the value correspond-
ing to the sub-grain size of 10 mm. This sub-grain size is an adequate
choice for the hot forged W grade relevant to ITER speciﬁcations
[53], for which TDS experimental data after high ﬂux high tem-
perature plasma exposure are available. These results will be used
in the following to validate the proposed model.
Given the known fraction of H stored in the sub-surface region,
the concentration of H trapped in the bulk can be deﬁned by the
following expression:
CB ¼
ð1 f ÞRT
d X1
;
where RT e total amount of retained H (as measured experimen-
tally), f - fraction of trapped H in the sub-surface region as
estimated here, d e sample thickness, X1 e thickness of subsurface
region. This procedure ensures that the total amount of H released
in the simulation will be the same as in the experiment.
Another important input parameter for the modelling of TDS
spectra is the binding state of trapped H. As was deﬁned before (see
Fig. 3), the critical cluster concentration varies from 1018 to
1021 m3 or from 1011 to 108 at1, depending on the grain size
chosen. According to our estimations given above (Fig. 4), the total
H concentration stored in LAGB traps lies in the range of
(1.0e8.0)  105 at1. We use the notation of a vacant site to esti-
mate the size of a cluster or a bubble. Assuming that after im-
plantation the bubbles formed will be under pressure needed for
the bubble growth via jog/loop punching mechanism, we expect,
following the calculationsmade in Ref. [4], that the number of H per
one vacant site within a cluster will be of about 6. This allows us to
estimate the number of vacant sites per cluster. As a result, we
obtain 102-105 vacant sites per cluster, which correspond to bubble
Fig. 2. Schematic picture of the model coupling non-equilibrium trapping and diffusion limited trapping and explanation of the interrelation between the primary microstructural
defects and diffusion/trapping processes. Upper bar represents schematically the mesh of the numerical model integrating the differential equations in time and space; Green and
red full curves denote the concentration proﬁle of the trapped H in the two regions: sub-surface and bulk. Middle bar demonstrates different elements of the microstructure,
experimentally obtained by transmission and scanning electron microscopy, which control the H trapping at different length scales. Namely, dislocation lines e control nucleation of
bubbles in the sub-surface region at low temperatures, low-angle grain boundaries (LAGB) control trapping and diffusion towards bulk and nucleation of bubbles at high tem-
peratures; and ﬁnally high angle grain boundaries control trapping of H in the bulk. These three types of the microstructural features are shown in the middle bar as TEM mi-
crographs and an EBSD polar map with corresponding spatial scales indicated. The experimental data are coming from Refs. [50,51] where the microstructure of the high ﬂux
plasma exposed W was investigated. Bottom bar illustrates physical reactions contributing to the retention process: diffusion, initial trapping, nucleation of bubbles, and growth of
cavities. The distances used in the ﬁgure are lLAGB, lHAGB- mean free paths of H along LAGB and HAGB respectively (see Eq. (3)), ld - mean free path of H along dislocations, lcl- mean
distance between H clusters. Vertical red dashed line going through all three bars represents the boundary between sub surface non-equilibrium zone and bulk diffusion-reaction
zone. (For interpretation of the references to colour in this ﬁgure legend, the reader is referred to the web version of this article.)
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sizes from 2 nm to 20 nm. Given that we address a high tempera-
ture exposure, we assume that all trapped H is stored in bubbles (no
intra-grain H in vacancies etc.) and the trapping energy is about
2.0 eV [11].
4. Modelling TDS spectra and discussion
For the simulation of H release during the TDS experiment we
used the following set of parameters: depth of the sub-surface re-
gion (i.e. region characterized by non-equilibrium trapping)
X1 ¼10 mm, fraction of H trapped in the sub-surface region f ¼ 0.23,
sub-surface concentration CS ¼ 1.16*105, bulk concentration
CB ¼ 3.92*107. The initial guess for f was 0.15 on the basis of the
estimations given in the previous section. However, a limited
variation of f revealed the best agreement with the experiment by
taking f ¼ 0.23.
The detrapping rate is calculated following the Arrhenius
expression: Fdt ¼ n exp

EtkT

. Where, detrapping energy was
assumed to be Et ¼ 2.0 eV, prefactor (attempt frequency) as
assumed to be n¼ 1013 s1. As was noted before, we assume that all
H is stored in nm sized bubbles. Detrapping of H from such defects
is similar to transition of the H atoms from adsorbed state on the
surface to the bulk which was studied in Ref. [11] resulting in value
of 2.0 eV for the barrier for such transition. The diffusion, detrap-
ping, retrapping and surface release of H was followed by solving a
set of differential equations in space and time. Integration of the
system was performed using a code based on Coupled Reac-
tioneDiffusion Systems (CRDS) simulation tool [54] and modiﬁed
for the simulation of H release from tungsten. The spectrum ob-
tained using the above speciﬁed parameter set is plotted and
compared with the experimental result in Fig. 6. The details of the
experimental procedure are brieﬂy speciﬁed in the ﬁgure caption.
The simulated curve is in good agreement with the experimental
result in terms of both peak position and shape of the spectrum.
By analyzing different initial depth distributions of trapped H,
we have revealed the importance of the sub-surface plasma-
induced defects, which act as primary release source and also
retrap H diffusing from the bulk towards the surface. The blue curve
Fig. 3. Trapping and detrapping rate coefﬁcients of H on LAGB calculated for different values of binding energies and effective trap concentrations.
Fig. 4. Depth distribution of trapped H calculated at different LAGB sizes and different
values of effective migration energy.
Fig. 5. Schematic picture of a two-zone depth distribution of trapped H proposed in
this paper.
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in Fig. 6 depicts the release of H applying a ﬂat distribution proﬁle
over the whole sample depth. Such a proﬁle would correspond to
the situation when no plasma-induced defects would be created
and natural traps would be ﬁlled homogeneously. One can see the
classical release peak from a trap with a ﬁxed trapping energy and
uniform distribution. The comparison provided in Fig. 6 demon-
strates that assigning a two-zone depth distribution of trapped H
and assuming only one type of traps (bubbles in the present case),
one can reproduce well the TDS spectrum composed of two peaks.
Note that the impact of H trapped in the sub-surface region on the
appearance of the TDS spectrum can be experimentally revealed by
careful polishing the surface (i.e. removing 10e20 mm) prior to
performing the TDS measurement. By applying such a procedure,
we expect the change of the spectra from the red to the blue curve
as demonstrated in Fig. 6. We plan to perform such an experiment
in near future in order to validate our model.
Another important role played by sub-surface plasma-induced
defects is retrapping of H diffusing from larger depths. To demon-
strate the effect of retrapping, we performed a simulation with the
same parameter set as in Fig. 6, but without retrapping. This means
that once an atom is released from a trap it can freely diffuse to the
surface without interaction with other available traps. The simu-
lated TDS spectrumwithout retrapping is shown by a blue curve in
Fig. 7 in comparison to the best ﬁt curve and experimental data. As
can be seen from the graph, exclusion of retrapping events shifts
the spectrum to lower temperatures by about 200 K, which is well
resolved given the accuracy of the TDS technique. This comparison
demonstrates that the introduction of the two-zone depth distri-
bution and retrapping process in the sub-surface region are
reasonable physical assumptions for computational models, which
can successfully explain experimentally observed TDS results.
5. Conclusions
From the computational analysis performed, we conclude that
high ﬂux high temperature exposures (T ¼ 1000 K, ﬂux ¼ 1024 D/
m2/s and ﬂuence of 1026 D/m2) result in generation of sub-surface
damage and bulk diffusion, so that the retention is driven by both
sub-surface plasma-induced defects (bubbles) and trapping at
natural defects (such as cavities and HAGB). On the basis of the non-
equilibrium trapping model we have estimated the amount of H
stored in the sub-surface region to be ~105 at1, while the bulk
Fig. 6. Comparison of modelling of H release during TDS with experimental results. The sample was exposed to plasma for 70 s with a particle ﬂux in the center of the sample in the
range (0.8e1.0)  1024 m2 s1. The sample temperature was monitored by infrared camera and was kept at 1000 K. The heating rate during TDS measurements was 0.5 K/s.
Fig. 7. Comparison of modelling of H release during TDS with experimental results.
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retention is about 4  107 at1, calculated by assuming the sub-
surface layer thickness of about 10 mm and adjusting the trap
concentration to comply with the experimental result for the in-
tegral retention. The sub-surface to bulk trapping ratio obtained
this way agrees with the fact that NRA measurements usually
provide lower integral retention compared to TDS, especially at
high temperature exposures.
By applying thereby obtained H spatial distribution, we have
performed simulations of a TDS cycle assuming that all retained H
is stored in bubbles heterogeneously distributed in sub-surface and
bulk regions. By applying the rate theory calculations, we have
found a good agreement with the double-peak experimental TDS
spectrum. The reason for the two peaks and non-Gaussian shape
originates from the delayed release from the front surface of the
sample due to retrapping of bulk H at numerous sub-surface de-
fects, and possible H release at the back surface of the sample.
Combination of the non-equilibrium and diffusion-limited
trapping model has proven to be effective in the estimation of
the retention under high ﬂux high temperature exposure condi-
tions and rationalization of the release process under thermal
annealing.
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a b s t r a c t
Tungsten is a primary candidate material for plasma facing components in fusion reactors. Interaction of
plasma components with the material is unavoidable and will lead to degradation of the performance
and the lifetime of the in-vessel components. In order to gain better understanding the mechanisms
driving the material degradation at atomic level, atomistic simulations are employed. In this work we
study migration, stability and self-trapping properties of pure helium and mixed helium-hydrogen
clusters in tungsten by means of molecular dynamics simulations. We test two versions of an
embedded atom model interatomic potential by comparing it with ab initio data regarding the binding
properties of He clusters. By analysing the trajectories of the clusters during molecular dynamics sim-
ulations at ﬁnite temperatures we obtain the diffusion parameters. The results show that the diffusivity
of mixed clusters is signiﬁcantly lower, than that of pure helium clusters. The latter suggest that the
formation of mixed clusters during mixed hydrogen helium plasma exposure will affect the helium
diffusivity in the material.
© 2016 Elsevier B.V. All rights reserved.
1. Introduction
Tungsten (W) is chosen as a divertor armour material for the
International Thermonuclear Experimental Reactor (ITER) and is a
candidate for the ﬁrst wall material for DEMO reactor [1]. During
the operation of a fusion reactor, the plasma facing material will be
exposed to hydrogen (H) isotopes (deuterium and tritium) and
helium (He) particle ﬂuxes as well as high energy neutron irradi-
ation. Thus, both H and He will be present in the material either
coming directly from plasma or from the transmutation reactions
induced by the neutrons. Understanding the effect of the presence
of these elements on the modiﬁcation of the material's properties
and the physical mechanisms guiding the undergoing processes is
of great practical and theoretical interest.
Both experimental and modelling efforts were done to
understand the interaction of H with W under ITER relevant
exposure conditions [2e7]. It was demonstrated that exposure to H
(deuterium) plasma in doses up to ~1026 D/m2 leads to the for-
mation of blisters on the surface of the material and accumulation
of H (retention) accompanied by the bubble formation in the ma-
terial's subsurface. Bubble formation occurred at a depth of several
mm, which exceeds the implantation range by an order of magni-
tude (~10 nm). At the same time, experiments involving He im-
plantation demonstrate the presence of He bubbles and ‘fuzz’
formation in a subsurface region at a length scale comparable to the
implantation depth [8,9]. Atomistic modelling [10e13] revealed a
signiﬁcant difference in the behaviour of H and He atoms in
tungsten. The binding energy of two H atoms in tungsten is nega-
tive (~0.06 eV), meaning that H atoms do not cluster together in a
W lattice unlike He atoms. This also means that accumulation of H
in W will be governed by diffusion and trapping on lattice defects
such as vacancies, dislocations and grain boundaries [14,15]. In
contrast, He atoms exhibit strong attraction (~1.0 eV) and do cluster
together and can even push out a W atom from its equilibrium
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lattice site (to form self-interstitial) once the He cluster reaches a
certain critical size. This mechanism is called self-trapping and it is
believed to be responsible for the bubble and ‘fuzz’ formation under
He implantation.
Ab initio studies of HeeH interaction [16e18] showed that there
is an attractive interaction between He clusters and H atoms sug-
gesting synergetic effects under mixed HeeH plasma implantation.
Suppressing of blistering, conﬁrmed by experimental studies
[19,20], is one of the effects seen under simultaneous H and He
exposures. The suppression of blistering was attributed to a
decrease of H permeability through the subsurface region due to He
bubble formation. Another remarkable effect was a detection of
nanometric He bubbles at a depth signiﬁcantly larger than the He
implantation range [20], not seen in pure He exposures. However,
comprehensive physical mechanisms leading to these synergetic
effects are so far not clear.
To contribute to the understanding of the HeeH interaction in a
W lattice, we perform atomistic simulations using molecular static
(MS) and molecular dynamics (MD) computational techniques. In
this work, we assess the interaction of HeeH clusters of different
sizes and chemical morphology. The obtained MS results are
compared with available ab initio data to validate and substantiate
the application of central-force interatomic potentials for the
studied problem. By means of MD simulations, we study the
diffusion and thermal stability of mixed HeeH clusters to gain an
understanding of the mechanisms causing the above mentioned
synergetic effects under mixed HeeH implantation conditions.
2. Computational details
In this work, we used the interatomic potential for theWeHeHe
system created in the framework of the Embedded Atom Model
(EAM) and published in Ref. [21]. There are two versions referred to
as “EAM1” and “EAM2” in Ref. [21]. Both potentials are based on the
interatomic potential for bccW named “EAM2” fromwork [22]. The
choice of the baseW potential was made on the basis of benchmark
calculations involving 19 up to date available EAM potentials for W
[23]. In the derivation of the EAM1 version, an emphasis was put on
a quantitative reproduction of ab initio data for the binding be-
tween HeH, HeeHe and HeHe pairs [21]. The off-centre position of
a H atom in a vacancy as predicted by DFT [24] was not considered,
and therefore both H and He are described by pair potentials only.
For the EAM2 potential, the focus was made on the stabilizing H in
an off-centre position in the vacancy and therefore an embedding
function was added for the HeH and HeW interaction terms. Both
types of the potentials predict the tetrahedral position for H and He
atoms as the most favourable in bulk W.
MS and MD calculations were performed using the LAMMPS
simulation package [25], where the above-mentioned interatomic
potentials were implemented. Simulations were performed in bcc
W. All MD simulations were performed using a classical MD algo-
rithm in the NVE ensemble, where the number of particles N,
volume V and total energy E in the system are kept constant. Prior
to the NVE run, each sample was thermalized and set to zero
pressure using the Berendsen algorithm [26]. A simulation time-
step of 0.1e1 fs was taken depending on the simulation tempera-
ture and the total simulation time varied from 5 ns for high
temperature simulations up to 25 ns for low temperature simula-
tions. MS calculations were performed using a conjugate gradient
algorithm embedded in the LAMMPS package with a relative en-
ergy change tolerance between iterations of 1010.
The size of the crystallite used in simulations was 10  10  10
a03 (a0 is the lattice constant predicted by the potential: 3.14 Å) and
it contained 2000 atoms before any point defect or cluster was
introduced. Periodic boundary conditions were applied in all three
directions.
The incremental binding energy of a H or He atom to a cluster is
deﬁned as the energy difference between the state where the H or
He atom is far away from the cluster and the state where it is part of
the cluster. As such, the binding energy between an atom A and a
cluster B in W is calculated as,
EbðABÞ ¼ EðAÞ þ EðBÞ  EðABÞ  Eref (1)
Here E(X) is the total energy of the box containing the defect X and
Eref is the total energy of the box containing no defects (bcc W in
our case). In this notation, a positive value of the binding energy
corresponds to attraction between the defects. Prior to the static
relaxation of the considered atomic conﬁguration a short MD run at
300 K for 1 ps was performed after which the systemwas quenched
to 0 K. This procedure allows the possibility for the system to evolve
out of local minima and arrange itself into most stable
conﬁguration.
In order to obtain the diffusion parameters of H andHe clusters a
number of MD simulations were performed at ﬁnite temperature, T,
varied in the range of 200e1700 K. The main goal was to obtain the
diffusion coefﬁcient as a function of temperature, which allows one
to extract the pre-exponential factor D0 and activation energy Em
using the Arrhenius type equation:
D ¼ D0 exp

 Em
kBT

(2)
In each MD run that lasted over a timespan of t (5e25 ns), the
trajectory of the H atom was followed and visualized. Then, the
mean square displacement R2 of the position of the H atom was
calculated to obtain the diffusion coefﬁcient using the well-known
Einstein equation:
DnðTÞ ¼ R
2
n
2nt
ðTÞ (3)
where n is dimensionality of the motion (i.e., n ¼ 3 for three
dimensional bulk diffusion) and t is the simulation time.
To improve the accuracy of the diffusion coefﬁcient estimation,
we employed the so-called independent interval method (IIM) [27].
The idea of the method is to decompose the full time of the
simulation (t) into a number of independent segments (k) with
time length of t/k and calculate the diffusion coefﬁcient using Eq.
(3) on each segment. After that, the mean value of the diffusion
coefﬁcient is taken. This method also allows one to estimate the
uncertainty of the calculation by calculating the standard deviation
of the mean (s) since the trajectory is divided into statistically in-
dependent intervals. Once the diffusion coefﬁcient as a function of
temperature is obtained, the Arrhenius equation (Eq. (2)) is ﬁtted to
extract the activation energy and prefactor. Employing a weighted
least squares method [28] for ﬁtting and using 1/s2 as the weights,
the diffusion parameters together with corresponding errors were
obtained.
In case of simulations with mixed HeHe clusters, only the time
and trajectories where the atoms were clustered together was
taken into account. Some weakly bound clusters have limited sta-
bility at ﬁnite temperature and therefore they decay quickly and
bind back. By applying a post-processing algorithm, we only
consider a set of separate segments where the cluster was stable
and moved as a whole object. If the number of such independent
segments was higher than 10, we used an average value of the
diffusion coefﬁcient calculated over these segments. If the number
of these segments was lower than 10, the IIM method was applied
to the longest time segment. The average time length of the
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segments when the cluster remains stable, t, allows one to calculate
a decay frequencyn ¼ 1
t
. Having a set of data for decay frequency as a
function of temperature, an Arrhenius expression
n ¼ n0 exp

 EdkBT

was ﬁtted to this dataset to deduce the disso-
ciation energy, Ed and pre-exponential factor n0. These values were
compared with the predictions from static calculations as well as ab
initio data.
3. Results and discussion
3.1. Molecular static calculations
As was said before, for our calculations we used both EAM1 and
EAM2 potentials from Ref. [21]. In this work both versions of the
potentials were tested to reproduce ab initio values of the interac-
tion energy of HeHe, HeeHe and HeH pairs, reported in Ref. [18]. It
was demonstrated that both potentials give qualitative agreement
with ab initio data and quantitative agreement is achieved by the
EAM1 potential. In Fig. 1 we compare the results for incremental
binding energy of a He atom to a cluster of He atoms in bulk
tungsten, predicted by both versions of the potential and ab initio
values from Ref. [11]. As was shown in Refs. [21], EAM1 gives better
agreement for the HeeHe pair interaction and EAM2 un-
derestimates the corresponding binding energy. However, as can be
seen from Fig. 1, EAM1 shows a rapid increase of the binding energy
with increasing of the cluster size, which is not in agreement with
the trend coming from ab initio data. At the same time EAM2 gives
reasonable agreement regarding for the binding energy function.
Since in this work we study the mobility of mixed HeeH clusters,
the adequate reproduction of the binding energy function is
important to correctly describe the thermal stability of the clusters
during MD simulations.
An important process that affects the diffusivity of He clusters is
the so called self-trapping mechanism. After a cluster of He atoms
of a certain size is created, it becomes energetically more favourable
to create a Frenkel pair in order to release the stress created by the
interstitial He atoms. After the Frenkel pair is created, He atoms
occupy the vacancy and become immobile. Thus it is important to
test the ability of the potentials to reproduce this mechanism for
reliable simulations of HeHe clusters mobility. MS calculations
were used to assess the energy balance of a system containing a He
cluster in an ideal W matrix and a system where the same He
cluster is placed in a vacancy close to a W self-interstitial atom
(SIA). The same energy balance calculations were also performed
by ab initio techniques in Ref. [12]. The results from this work are
comparedwith ourMS calculations in Fig. 2. It can be seen that both
versions of the potential are in good agreement with the ab initio
values. Regarding the threshold size of the He cluster at which the
formation of a Frenkel pair becomes more favourable the potentials
predict a value for NHe between 5 and 6 atoms. Despite the signif-
icant difference in description of binding of He clusters in bulk
tungsten (see Fig. 1), both versions of the potentials give very
similar values for the formation energy of Frenkel pairs. This
observation is explained by the fact that the bias of EAM1 for the
binding of He atoms in bulk is similar to its bias for He atoms in a
vacancy. Since there is no difference between both EAM potentials
with respect to the He self-trapping mechanism; but the EAM2
potential describes the energetics of He clusters in the bulk W
better, we chose the EAM2 potential for the ﬁnite temperature
simulations.
As we study themobility of HeeH clusters, it is important to ﬁrst
assess the binding energy of He and H atoms in these clusters byMS
calculations. In Fig. 3, the results for the incremental binding energy
of a H atom to HeeH clusters are presented. It is important to note
that the He binding energy is higher than that for a H atom because
of the strong HeeHe bonding (1.03 eV), while the HeeH bond
strength is only 0.2 eV. Thus, the stability of the mixed HeeH
clusters will be determined by the binding energy of a H atom as it
has the lowest binding energy. It can be seen from Fig. 3 that there
is a rapid decrease of the binding energy as the number of H atoms
in the cluster increases. Starting from three H atoms in the cluster,
the binding energy becomes negligible, indicating that the cluster
becomes unstable. This result is in agreement with ab initio data
from Ref. [17] where low stability of clusters containing more than
three H atoms was demonstrated. The most stable atomic conﬁg-
urations for the considered clusters are shown in Fig. 4.
These static calculations deﬁned the conﬁgurations that should
be studied by MD simulations. The energy needed for He-induced
Frenkel pair formation becomes quite low (~2 eV) if the cluster
contains four He atoms. Adding the ﬁfth He atom results in the
spontaneous generation of a Frenkel pair. This means that the
punching of a tungsten self-interstitial is also possible for HeeH
clusters containing four He atoms at sufﬁciently high temperature,
as was actually demonstrated in Ref. [12]. Thus, we decided to study
only clusters containing at most four He atoms to avoid the
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transformation caused by self-interstitial punching. Fig. 3 shows
that starting from three H atoms in the cluster, the latter becomes
unstable, meaning it will decay during MD runs at ﬁnite tempera-
tures. Thus for further MD studies, the pure and mixed clusters
containing from one to four He atoms and up to two H atoms were
considered.
In this work we did not directly test other types of the available
interatomic potentials for WeHeeH system regarding He cluster
formation energy, He assisted Frenkel pair formation and H and He
mobility. However in Ref. [21] a Bond Order Potential (BOP) from
Ref. [30] was benchmarked and validated by comparison with ab
initio data. The results of that comparison allow us to estimate the
relevance of the potential for our study. Both types of the potential
(BOP and EAM) predict the tetrahedral position as the most
favourable for both H and He together with correct ordering of
interstitial formation energies, although EAM potentials show the
best quantitative agreement with ab initio. Both types of the po-
tentials demonstrate good agreement in terms of HeH, HeHe and
HeeHe pair interaction. With respect to the binding energy of a H-
vacancy or He-vacancy pair, EAM potentials reproduce the ab initio
values, while BOP underestimates and overestimates the binding
for H and He, respectively. BOP predicted binding energy of H atoms
to vacancy-H-He clusters is overestimated by about a factor two,
but for He, on the other hand, the values lay within the ab initio
range. These discrepancies would affect the energetics of the HeeH
clustering behaviour together with He assisted Frenkel pair, as
treated by the BOP potential. The migration energy for H interstitial
is well reproduced by all potentials. The migration energy for He
interstitial is well reproduced by EAM potentials, but under-
estimated by BOP by a factor three. Thus, we believe that qualita-
tively simulations using BOP potential would results similar picture
regarding the mobility of HeeH clusters. However, numerical dis-
crepancies between BOP and ab initio data in He migration energy
and H binding energy to vacancy-H-He clusters together with He
assisted Frenkel pair formation energy would lead to essential
quantitative differences in the results and EAM2 potential remains
our choice for dynamic calculations.
3.2. Molecular dynamic simulations
A set of MD simulations was performed to obtain information on
the diffusivity and thermal stability (i.e. lifetime) of the HeeH
clusters. As was described in Section 2, the Arrhenius expression
was used to ﬁt the set of diffusion coefﬁcients and decay fre-
quencies obtained at different temperatures from the MD simula-
tions. In Fig. 5, the decay frequency together with Arrhenius ﬁts for
the HeeH clusters is presented. The slope of the plot corresponds to
the dissociation energy Ediss. The error bars correspond to 1.96
times the standard error around the average, which corresponds to
the 95% conﬁdence interval of the mean value. Following the
standard assumption, the dissociation energy Ediss is a sum of
binding energy and migration barrier (Ediss ¼ Eb þ Em). The average
discrepancy between the values of the dissociation energy Ediss
obtained by ﬁtting the MD data and the results of the static cal-
culations for binding energies Eb (see Fig. 3) is 0.21 ± 0.03 eV. This is
in excellent agreement with the H migration barrier (0.21 eV) in
bulk W both predicted by the potential and obtained with ab initio
calculations (0.2 eV) [18].
As was said before, for obtaining diffusion parameters of He and
HeeH clusters we used independent interval method. However,
another way to obtain diffusivity from particle trajectory is to
calculate the slope of the mean square displacement (MSD) as a
function of time. In IIMmethod theMSD dependence on time is not
calculated directly, thus we can validate the results of the method
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Fig. 3. Incremental binding energy of a H atom to HeeH clusters as predicted by the
EAM2 potential.
Fig. 4. The atomic conﬁgurations of mixed HeeH clusters corresponding to binding energy values reported in Fig. 3. The visualization is done using OVITO tool [29].
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by comparison with the theoretical dependence MSD ¼ 6*t*D. This
comparison is made for He2eH1 and He3 clusters on the Fig. 6. (a)
and (b) respectfully. It can be seen from the ﬁgure that MSD data
lies in the area deﬁned by the values of diffusivity the uncertainties
obtained by IIM method, which conﬁrms the validity of the
method. The similar comparison was made for other clusters
showing the same result.
In Fig. 7, the diffusion parameters for HeeH clusters (a) and He
clusters (b) are shown. From Fig. 7(a) it follows that the slope of the
ﬁts for the clusters with 1 and 2 H atoms is almost the same, while
the prefactor, D0, decreases for the larger cluster. This means that
themigration energy is the same for these clusters, but the effective
attempt frequency is different. The latter indicates a difference in
vibrational entropy between the two clusters. Fig 7(b) demon-
strates that the migration energy of a He cluster increases with its
size.
It is important to note that for the He4 cluster an event of self-
trapping was detected during the MD run at 1700 K, which is in
agreement with the MS predictions as well as with the MD results
from Ref. [12].
The diffusion and lifetime parameters were obtained by ﬁtting
Arrhenius equation to the data. Having the uncertainty of the data
available from IIM method, we can estimate the validity of the
Arrhenius equation for the data. To do this one can use so called
reduced Chi squared test, where the following value needs to be
calculated: ~c2 ¼ 1d
PN
1

yifðxiÞ
si
2
[31], where N is number of data
points, yi and xi is the data set, si e uncertainty of yi, f(x) is the
expected function, in our case it is Arrhenius equation, d e is a
number of degrees of freedom of the data distribution. In our case
d ¼ N c, where N is number of data points and c e number of
constrains. In our study c equals 2 since we deﬁne 2 parameters for
Arrhenius equation from the data. Values of ~c2 close to 1, or lower
indicate high validity of expected function for the data [31]. Using
95% conﬁdence interval for the uncertainty estimation of the data
we calculated reduced Chi squared for diffusion and lifetime data.
Obtained values are reported in Table 1. As can be seen from the
table, most of the values are signiﬁcantly lower or very close to 1,
which conﬁrms the validity of Arrhenius equation for the data.
The migration energy of different HeeH clusters as well as of
pure He clusters obtained by applying the above described tech-
niques are summarized in Fig. 8. It can be seen that indeed the
migration energy of He clusters increases with the size of the
cluster (black curve). If H atoms are added to a He cluster, the
migration energy increases almost by a factor of two and gets close
to the value of the migration energy of a single H atom, denoted by
the green area in the graph (in web version). The increase of the
migration energy of the mixed clusters compared to pure He
clusters is consistent with the fact that it is deﬁned by the slowest
constituent of the cluster, which is H atom. Hence, the formation of
mixed clusters will have a strong impact on the diffusivity of pure
He clusters, which migrate extremely fast in a H-free tungsten
lattice. On the other hand, pure He andmixed HeeH clusters would
act as trapping sites for freely migrating H atoms, which do not
feature self-clustering in bulk W. The obtained values for the
migration barriers and dissolution energies are summarized in
Table 1.
Fig. 5. Arrhenius plot of the decay frequency of HeeH clusters with 1e4 He atoms in
the cluster obtained from MD simulations. The error bars represent 95% conﬁdence
interval around the mean.
Fig. 6. Mean square displacement as a function of time for 2Hee1H (a) and 3He (b) clusters. The dashed lines represent diffusivities obtained with IIM method; the coloured areas
represent the error for diffusivity as 95% conﬁdence interval.
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4. Conclusive remarks
A set of molecular dynamics calculations at ﬁnite temperature
was performed and diffusion parameters for HeeH clusters were
obtained. Prior to performing the MD calculations, two versions of
EAM potential from Ref. [21] were validated by comparison of the
results of static calculations on HeeHe, HeeH and HeH interaction
with ab initio data from Refs. [11,12]. The most adequate potential
was selected and applied in MD simulations. On the basis of the
benchmark MS calculations and results of ﬁnite temperature MD
simulations, the following conclusions can be drawn:
 The static calculations revealed a signiﬁcant difference in the
binding energy of He in the He clusters as predicted by the
EAM1 and EAM2 potentials. The pair interactions of HeeHe
atoms is better reproduced by the EAM1 potential, while EAM2
underestimates the interaction, as compared to the ab initio
results. However, the EAM1 potential overestimates the increase
of the binding energy with cluster size. The EAM2 potential, on
the other hand, shows better agreement.
 Comparison of the energy balance for He assisted Frenkel pair
formation showed that both versions of the potential demon-
strate acceptable agreement with ab initio prediction. The in-
accuracy of the EAM1 potential with respect to the prediction of
the He binding energy in the He clusters should be considered as
an important drawback for the modelling of the diffusion pro-
cess of the small mixed clusters. The EAM2 potential reproduces
the binding energy of He in He clusters in close agreement with
ab initio calculations.
 The binding of a H atom in HeeH clusters becomes negligible if
the mixed clusters contains three H atoms or more. Thus, stable
mixed clusters contain no more than two H atoms.
 On the basis of the diffusion coefﬁcients of pure He and mixed
HeeH clusters deduced from the MD simulations, we conclude
that the migration energy of pure He clusters increases with
Fig. 7. Arrhenius plot of the diffusion coefﬁcients for He clusters containing 1 to 4 He atoms obtained from MD simulations. The error bars represent 95% conﬁdence interval of the
mean.
Table 1
Migration barriers and dissolution energies together with ~c2 values for He and mixed HeeH clusters.
Cluster type Migration barrier (eV) ~c2 for Diffusion data Dissolution energy (eV) ~c2 for Lifetime data
1He 0.071 ± 0.007 0.61 e e
2He 0.09 ± 0.01 1.23 e e
3He 0.17 ± 0.01 0.42 e e
4He 0.28 ± 0.02 1.24 e e
1Hee1H 0.21 ± 0.03 0.08 0.52 ± 0.02 0.50
1Hee2H 0.25 ± 0.03 0.02 0.51 ± 0.04 0.13
2Hee1H 0.23 ± 0.02 0.12 0.79 ± 0.01 0.23
2Hee2H 0.25 ± 0.04 0.07 0.77 ± 0.08 0.11
3Hee1H 0.40 ± 0.03 0.67 0.98 ± 0.09 1.17
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Fig. 8. Migration energies for HeeH clusters extracted from MD simulations. The error
bars represent the 95% conﬁdence interval.
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increasing cluster size; and for the He3 cluster it is two times
higher than the migration energy of a He interstitial (0.07 eV).
 Mixing of H atom(s) with a He cluster leads to the increase of the
migration barrier, so that the migration energy of the mixed
clusters are comparable to themigration energy of an interstitial
H atom (0.2 eV). This implies that the formation of mixed
clusters primary leads to the suppression of the He diffusivity.
The conclusions listed aboveweremade based on the analysis of
the results of MD simulations using 3D periodic conditions relevant
from the bulk material. In order to properly study synergetic effects
during mixed HeeH implantation one has to perform a full scale
simulation of mixed beam exposure conditions taking account
surface effects. Unfortunately, experimentally-relevant timescales
are not reachable by MD techniques and an upper scale model such
as rate theory is needed. Our work provides diffusion and lifetime
parameters together with self-trapping energetics for HeeH clus-
ters being the necessary input for such simulations.
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Abstract
A recently developed numerical model, based on the dislocation-driven nucleation of gas
bubbles, is used to analyse experimental results on deuterium retention in tungsten under ITER
relevant plasma exposure conditions. Focus is placed on understanding the relation between
exposure temperature and ﬂux on primary features of thermal desorption spectra: peak positions
and intensities of the desorption ﬂux. The model allows one to relate the peak positions with the
size of plasma induced deuterium bubbles and envisage exposure conditions (temperature and
ﬂux) for their formation. Based on the performed analysis, dedicated experimental conditions to
validate the model are proposed.
Keywords: hydrogen, retention, plasma, blisters, bubbles
(Some ﬁgures may appear in colour only in the online journal)
1. Introduction
Development and qualiﬁcation of plasma facing materials is one
of the main challenges in designing large-scale fusion devices
(i.e. ITER and DEMO). Due to its favorable physical properties,
tungsten (W) is considered to be one of the main candidate
materials and is chosen for divertor armour in ITER [1]. The
latter should be able to withstand severe conditions in terms of
heat and particle loads without considerable degradation of
its mechanical and thermal properties within the scheduled
operational time. Moreover, the ITER nuclear licensing imposes
limits on the amount of tritium making the problem of hydrogen
isotope (hereinafter referred to as ‘hydrogen’ or ‘H’) retention
an additional technological challenge.
H retention is expressed in surface modiﬁcation, forma-
tion of subsurface blisters and accumulation of H in the bulk
material. These effects are attributed to trapping of H atoms
on lattice defects such as vacancies, dislocations/grain
boundaries and voids [2–4]. Typical kinetic energy of H ions
coming from plasma (below 500 eV) is far below the
threshold energy needed to create a stable Frenkel-pair defect
in W, and the implantation range of H ions is limited to
several nanometers [5]. Nevertheless, experiments with ion
beams and linear plasma generators show that H penetrates up
to a depth of several μm [6–8]. H retention under such con-
ditions cannot be assigned to vacancies since the thermal
concentration of vacancies is negligible and no vacancies are
created during plasma exposure directly via displacement
| Royal Swedish Academy of Sciences Physica Scripta
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damage. However, thermal desorption spectroscopy (TDS)
demonstrates three typical release stages, attributed to static
traps in the material or also called ‘natural traps’: dislocations,
grain boundaries, vacancies and voids [8]. The formation of
the vacancy-like trapping defects with subsequent bubble
nucleation/growth and blistering under sub-threshold expo-
sure conditions was proposed to originate from the dynamic
plasma-induced material modiﬁcation in the vicinity of a
trapping lattice defect, namely: a screw dislocation line.
An alternative model of plasma-induced dislocation-dri-
ven bubble formation was proposed recently on the basis of
ab initio calculations [9]. It was demonstrated that H atoms are
attracted to a screw dislocation core and exhibit fast one-
dimensional migration along the dislocation line. However, the
binding energy of this interaction of 0.5 eV is not high enough
to keep H atoms trapped at experimental temperature range
(usually above 400 K). According to the calculations, once a
cluster of eight H atoms is formed, it should spontaneously
transform into a vacancy-like defect (jog) on a dislocation line,
and this defect traps H with a considerably higher binding
energy. Thus, dislocations (and dislocation junctions) are
suggested to act as nucleation sites for stable H bubbles. The
interaction strength of H with a newly formed jog on a dis-
location is very similar to vacancy-H, as was conﬁrmed by
ab initio calculations in [9]. Further growth of H-jog clusters
and accumulation of vacancy jogs will lead to the formation of
a nanometric cavity-like defect. These defects will exhibit
extended open volume, and thus, H interaction with such traps
will be similar to nano-voids and cavities. The role of dis-
locations in bubble formation was validated in recent experi-
ments involving the plasma exposure of annealed and
plastically deformed W samples [9, 10]. Based on the dis-
location-driven nucleation, a numerical simulation tool was
developed and used to predict the conditions for the bubble
formation depending on exposure temperature and ﬂux [11].
However under the conditions where dislocation-driven
mechanism is not active, other microstructural features may act
as nucleation sites for bubble nucleation. For example in work
[12], the observation of bimodal size distribution of blisters
was attributed to an alternative mechanisms—cavity growth
and coalescence on grain boundary interfaces.
In [13], the effect of exposure ﬂux–temperature on sur-
face modiﬁcation and TDS spectra was studied by a set of
experiments varying the ﬂux and exposure temperature,
respectively, in the range of 9×1021−5×1023 Dm−2 s−1
and 530–870 K. The goal of this work is to estimate H release
from H-jog and void-like (multiple vacancy jogs) defects
formed during the exposure by successive jog-punching
events in support of interpretation of the desorption spectra.
We propose a parameterization of the binding energy, deﬁn-
ing the H release based on ab initio results for H interaction
with jogs and cavities as limiting cases. For describing the
binding of H to jogs, and jog clusters (in transition state from
jogs to bubbles), we use size-dependent ﬁtting. By comparing
the release rate, computed following our model, with
experimental TDS spectra we establish a relation between
positions of release stages and mean size of the defects
releasing H.
2. Model description
Following the above mentioned dislocation-driven model of
H trapping, one can distinguish the formation of four types of
defects: (I) sub-critical H clusters (up to eight H), which are
not yet capable to punch out W matrix atoms; (II) super-
critical H clusters, whose transformation into jog-HN conﬁg-
uration is energetically favorable; (III) large super-critical
clusters, which already released several jogs for itself and
grow further; and ﬁnally (IV) nanometric bubble attached to a
dislocation line, whose properties (in terms of H trapping) are
equivalent to the usual bubble in W bulk. Here, we will not
consider the trapping and release from the defects of type I,
since these clusters are unstable above 450 K, while the latter
being the lower bound of the relevant temperature range.
In work [3], a rate theory model of H desorption from
tungsten surface and subsurface defects demonstrated that H
release at temperatures, higher than 600 K is not affected by
surface recombination. Here, we deal with assessment of high
temperature desorption stage (above 600 K), and therefore
assume an immediate release of H from the surface after
detrapping from the nano-cavities and vacancies. The main
parameter of the model that deﬁnes the release rate of H from
a certain type of a trapping defect is the binding energy (Eb).
As mentioned before, ab initio calculations showed that dis-
location jogs exhibit trapping properties similar to vacancies
[9]. The corresponding value of the binding energy is 1.24 eV
for one H atom and it decreases with an increase of H atoms
trapped at the jog. The dependence of HN-jog binding energy
on N in a cluster is plotted in ﬁgure 1. We ﬁtted these data
points to generate a family of Eb functions for super-critical
clusters. The release rate from such defects is deﬁned as:
R C
E E
T
exp
k
, 1J H
b m ( )⎜ ⎟⎛⎝
⎞
⎠n= -
+-
where CH—concentration of trapped H atoms (assuming
that each H in a cluster has equal probability for
detrapping event), Debye—n frequency, Eb—binding energy,
Figure 1. Illustration of binding energy master curve used in
simulations. R—defect open volume radius, NV—corresponding
number of W lattice sites that defect occupies.
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Em—migration energy (0.4 eV is taken from Frauenfelder’s
data [14]), k—Boltzmann constant and T—temperature.
For large vacancy clusters (i.e. nano-voids, type IV
defects in the above notation) it is reasonable to consider that
the binding energy is equal to the permeation energy, i.e.
∼2.0 eV [15]. Under this assumption, one can assign the high
temperature TDS peak (usually seen in low ﬂux exposures
around 700–900 K) to the release from bubbles [16]. How-
ever, the TDS spectra obtained after the high ﬂux exposures,
at high temperature (above 600 K) and/or high dose (above
1026 D m−2), reveal broadening or presence of extra peaks
above 900 K [13, 17]. These high temperature release stages
cannot be simply explained by detrapping from voids with the
binding energy of 2.0 eV, while there are no reasons to
assume the presence of any stronger traps than voids/cavities.
To address the issue of high temperature detrapping
stage, we analyse the information available from atomic scale.
Ab initio and molecular dynamics simulations showed that H
tends to occupy off-centred position in a vacancy, experien-
cing weak attraction to W atoms [18, 19]. This implies that H
atoms, when ﬁlling a void, ﬁrst should occupy the inner
surface positions and then ﬁll the centre.
Thus for the binding energy corresponding to the H
trapped at nm size bubbles (type IV defects) we used the
results of ab initio calculations to account for the transition of
H atom from adsorbed state on W surface into the bulk
material [15]. These calculations reported 1.96 eV as a value
of the binding energy and attempt frequency of
1.07×1013 s−1. However, the expression for the release rate
should be different from equation (1), since only atoms in
adsorbed state on the inner surface of the bubble are available
for the detrapping reaction. Thus, the release from nm-scale
bubbles is deﬁned by:
R C N
E E
T
exp
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where CT—trap concentration, NS—number of available sites
for the reaction, we estimate this as a ratio between an inner
surface area of the bubble and unit surface for the reaction
reported in [15] ( a2 ,0
2 a0—lattice unit), ,adsn Ebads attempt
frequency and binding energy from [15]. To create a universal
binding energy master curve accounting for a size of the
trapping defect (i.e. number of vacancies released), we
propose the following expression:
R R R R N . 3B J B V
1 3( ) ( )= + -- - - - - /
here RB
- and RJ- are the release rates for bubble and jog
correspondingly, NV—number of empty lattice sites in
tungsten lattice which the trapping defect occupies. The
illustration of the binding energy variation as a function of NV
is presented in ﬁgure 1. To compute the H release proﬁle from
a defect (of a given size and for a given temperature ramp),
we assume that after the exposure the defect is ﬁlled with H
up to a critical pressure (6.5 H atoms per W site), following
the analysis done in [11] based on the jog-punching
mechanism. Then, the H release rate from the defect is
calculated as a function of increasing temperature. The goal of
such calculations is to deﬁne the position of the release peak,
depending on the size of the defect and concentration of H
inside.
3. Results and discussion
Following the above formulated equations, we analyse the
TDS spectra obtained in [13]. In ﬁgure 2, a comparison of
three normalized TDS spectra with the release rate according
to the calculations is represented. Normalization of the TDS
spectra was done by dividing each one by the maximum
release rate value, since here we are interested in correspon-
dence of the peak positions, but not the absolute values of H
release. As can be seen form ﬁgure 2, TDS spectra for the low
ﬂux (ﬁgure (b)) and high ﬂux high temperature exposure
(ﬁgure (a)) reveals similar single peak as in the spectrum
measured after ∼870 K exposure. Temperature position of the
peak corresponds to the release from 5 to 10 nm bubbles,
following our calculations. TDS spectrum for high ﬂux low
temperature exposure (blue triangles) shows two peaks at
lower temperature, whose positions can be well ﬁt by
imposing the release rate from 1.5 and 0.5 nm defects (blue
and green lines in ﬁgure 2(a)).
The difference in shape and peak position of the TDS
spectra can be related to a size of releasing defects, and in turn
interlinked with the trapping mechanism, governing H
retention depending on exposure conditions. In [11], the
prediction of experimental ﬂux–temperature combination for
the dislocation-driven H trapping leading to the formation of
super-critical H clusters (contributing to the TDS release at
high temperature) was made. The ﬂux–temperature combi-
nation favouring the nucleation of super-critical H bubbles is
represented by a grey area in ﬁgure 3. As one can see, only
high ﬂux low temperature exposure is within the range of the
dislocation-mediated retention. At the same time, all three
other dots are outside the deﬁned area. This is consistent with
the fact that only the TDS spectrum after high ﬂux low
temperature exposure exhibits two peaks (low temperature
peak can be attributed to 1 nm size defects). Whereas, all
other spectra show only one peak corresponding to bubbles of
5–10 nm size. Small (1 nm scale) defects can be seen as traces
of bubble nucleation on dislocation and their subsequent
growth. While, if only large defects contribute to the TDS
spectra, it is very likely that other mechanisms (such as triple
junctions, natural porosity, etc) but dislocation-driven trap-
ping govern H retention and bubble formation.
4. Conclusive remarks
The proposed modiﬁcation for H release rate from nano-
metric pressurized bubbles allows one to relate positions of
TDS peaks and explain a shift of high-temperature peak up to
200 K under exposure conditions favoring the growth of
bubbles. The occurrence of a single-peak or multiple-peak in
TDS spectra can be related to the mechanism of H bubble
formation, depending on plasma ﬂux and surface temperature.
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The proposed here computational analysis was applied to
experimental data from [13]. According to it, only a combi-
nation of high ﬂux and low temperature exposure (530 K–
5×1023 Dm−2) promotes the nucleation and growth of H
bubbles on dislocations, as proposed earlier by jog punching
mechanism [11]. In these exposure conditions, the TDS
spectra exhibit two well deﬁned peaks attributed to 1 nm size
H clusters (presumably, H is trapped in jogs on dislocation
lines) and H bubbles (resulting in the high temperature release
peak). The three other TDS spectra exhibit only one peak (at
high temperature) to be attributed to H bubbles with a
size of 5–10 nm, nucleated at other ‘natural’ traps such
as random grain boundaries and their junctions. Validation
of the dislocation-driven mechanism and proposed
here H release model can be realized by performing
dedicated exposures in 450–600 K temperature range at ﬂux
of 1023 D m−2 s−1, which should result in the dislocation-
driven trapping below ∼500 K to be seen in TDS spectrum as
a peak conventionally attributed to vacancy-like defects (i.e.
positioned around 600–700 K).
Acknowledgments
This work was supported by the European Commission and
carried out within the framework of the Erasmus Mundus
International Doctoral College in Fusion Science and Engi-
neering (FUSION-DC). This work has been carried out within
the framework of the EUROfusion Consortium and has
received funding from the Euratom research and training
programme 2014–2018 under grant agreement No 633053.
The views and opinions expressed herein do not necessarily
reﬂect those of the European Commission.
References
[1] Federici G et al 2001 Plasma-material interactions in current
tokamaks and their implications for next step fusion reactors
Nucl. Fusion 41 1967
[2] Van Veen A et al 1988 Hydrogen exchange with voids in
tungsten observed with TDS and PA J. Nucl. Mater. 155–7
(Part 2) 1113–7
[3] Eleveld H and van Veen A 1992 Deuterium interaction with
impurities in tungsten studied with TDS J. Nucl. Mater.
191–4 (Part A) 433–8
[4] Eleveld H and van Veen A 1994 Void growth and thermal
desorption of deuterium from voids in tungsten J. Nucl.
Mater. 212–5 (Part B) 1421–5
[5] Pintsuk G 2012 4.17—Tungsten as a plasma-facing material
Comprehensive Nucl. Mater. 4 551–81
[6] ’t Hoen M H J et al 2012 Saturation of deuterium retention in
self-damaged tungsten exposed to high-ﬂux plasmas Nucl.
Fusion 52 023008
[7] Schmid K, Rieger V and Manhard A 2012 Comparison of
hydrogen retention in W and W/Ta alloys J. Nucl. Mater.
426 247–53
[8] Ogorodnikova O V, Roth J and Mayer M 2003 Deuterium
retention in tungsten in dependence of the surface conditions
J. Nucl. Mater. 313–6 469–77
Figure 2. Comparison of normalized TDS spectra from work [13] with results of simulation for high ﬂux (5×1023 D m−2 s−1 at 530 and
870 K) (a) and low ﬂux (9×1021 D m−2 s−1 at 530 and 630 K)(b) exposures.
Figure 3. Comparison of experimental conditions from work [13]
with prediction of the model for conditions for dislocation mediated
retention.
4
Phys. Scr. T167 (2016) 014039 P Grigorev et al
[9] Terentyev D et al 2014 Dislocations mediate hydrogen
retention in tungsten Nucl. Fusion 54 042004
[10] Terentyev D et al 2015 Effect of plastic deformation on
deuterium retention and release in tungsten J. Appl. Phys.
117 083302
[11] Grigorev P et al 2015 Nucleation and growth of hydrogen
bubbles on dislocations in tungsten under high ﬂux low
energy plasma exposure Nucl. Instrum. Methods Phys. Res.
B 352 96–9
[12] Alimov V K et al 2012 Temperature dependence of surface
morphology and deuterium retention in polycrystalline
ITER-grade tungsten exposed to low-energy, high-ﬂux D
plasma J. Nucl. Mater. 420 519–24
[13] Buzi L et al 2014 Inﬂuence of particle ﬂux density and
temperature on surface modiﬁcations of tungsten and
deuterium retention J. Nucl. Mater. 455 316–9
[14] Frauenfelder R 1969 Solution and diffusion of hydrogen in
tungsten J. Vac. Sci. Technol. 6 388–97
[15] Johnson D F and Carter E A 2010 Hydrogen in tungsten:
absorption, diffusion, vacancy trapping, and decohesion
J. Mater. Res. 25 315–27
[16] Ogorodnikova O V et al 2011 The inﬂuence of radiation
damage on the plasma-induced deuterium retention in self-
implanted tungsten J. Nucl. Mater. 415 (Suppl. 1) S661–6
[17] Jia Y Z et al 2015 Surface morphology and deuterium retention
in tungsten exposed to high ﬂux D plasma at high
temperatures J. Nucl. Mater. 457 213–9
[18] Heinola K et al 2010 Hydrogen interaction with point defects
in tungsten Phys. Rev. B 82 094102
[19] Sun L et al 2013 Hydrogen behaviors in molybdenum and
tungsten and a generic vacancy trapping mechanism for H
bubble formation J. Nucl. Mater. 434 395–401
5
Phys. Scr. T167 (2016) 014039 P Grigorev et al
D
Nucleation and growth of hydrogen
bubbles on dislocations in tungsten
under high flux low energy plasma
exposure
P. Grigorev, D. Terentyev, V. Dubinko, G. Bonny, G. Van Oost,
J.-M. Noterdaeme, E. E. Zhurkin
published in Nuclear Instruments and Methods in Physics Research B, 2015,
Vol. 352, pp. 96-99
Nucleation and growth of hydrogen bubbles on dislocations in tungsten
under high ﬂux low energy plasma exposure
Petr Grigorev a,b,c,⇑, Dmitry Terentyev a, Vladimir Dubinko d, Giovanni Bonny a, Guido Van Oost b,
Jean-Marie Noterdaeme b, Evgeny E. Zhurkin c
a SCKCEN, Nuclear Materials Science Institute, Boeretang 200, Mol 2400, Belgium
bGhent University, Department of Applied Physics EA17 FUSION-DC, St. Pietersnieuwstraat, 41 B4, B-9000 Gent, Belgium
cDepartment of Experimental Nuclear Physics K-89, Institute of Physics, Nanotechnology and Telecommunications, St. Petersburg State Polytechnical University,
29 Polytekhnicheskaya Str., 195251 St. Petersburg, Russia
dNational Science Center, Kharkov Institute of Physics and Technology, Kharkov 61108, Ukraine
a r t i c l e i n f o
Article history:
Received 10 July 2014
Received in revised form 10 October 2014
Accepted 29 November 2014
Available online 26 December 2014
Keywords:
Hydrogen retention
Tungsten
Bubble
a b s t r a c t
A new mechanism for the nucleation and growth of hydrogen (H) bubbles on dislocations under plasma
exposure of tungsten was recently proposed on the basis of direct ab initio calculations. Density func-
tional theory calculations demonstrated that H atoms are strongly bound to a screw dislocation core
and exhibit fast one-dimensional migration along its line. Once the number of hydrogen atoms trapped
on a dislocation segment exceeds eight, the emission of a jog occurs thereby converting a pure HN cluster
into a HN+1-jog conﬁguration. On the basis of these results a kinetic model was formulated to evaluate the
conditions (i.e., range of temperature and ﬂux exposure) for the transformation of pure H clusters into
supercritical hydrogen–vacancy clusters attached to the dislocation line. In this work, a parametric study
employing the kinetic nucleation model was performed to derive the hydrogen bubble formation energy
function that offers the best agreement with available experimental results. The obtained results allow
one to rationalize the depth and temperature dependence of the experimentally observed hydrogen
deposition after high ﬂux low energy plasma exposure for ITER relevant conditions.
 2014 Elsevier B.V. All rights reserved.
1. Introduction
Tungsten is the main candidate material for plasma facing com-
ponents in future plasma devices. It was chosen as the divertor
armor in ITER and is planned to be used in DEMO [1]. Plasma facing
materials in fusion devices will be exposed to severe conditions in
terms of heat loads and particle ﬂux. Moreover, strict safety limita-
tions are imposed on the amount of tritium accumulated in the
reactor’s chamber, because it is a toxic, radioactive and expensive
material. For ITER the limit was set to be 700 g [2]. From this point
of view understanding the mechanism of hydrogen isotopes (HI)
retention is important in order to predict the tritium accumulation
in the reactor and deﬁne its operational regimes.
There is a large amount of experimental studies on HI retention
in tungsten (W) available in the literature and an extensive review
can be found in [3,4]. Experiments involving plasma exposures at
ITER relevant temperatures (400–800 K [1]) showed that after
exposure below 600 K, HI sub-surface bubbles and surface blisters
are formed [5–9]. Such surface modiﬁcations can lead to the ejec-
tion of W atoms or ﬂakes in case of a blister rupture, leading to
plasma disruption and consequently to the reduction in the perfor-
mance of the fusion device. Current models of bubble nucleation
and growth [9,10] are based on the assumption that trapping of
HI originates at vacancies created during implantation and fol-
lowed by their subsequent growth by clustering HI and vacancies.
Such approaches have shown a very good agreement with experi-
ments involving ion beams exposure with an ion energy in the
range 5–30 keV/ion [10]. The energy of such HI ions is above the
threshold energy for the creation of displacement damage in W
(threshold displacement energy for W is 45–90 eV [11]), and
therefore it leads to the creation of stable Frenkel pairs, i.e.,
vacancy–interstitial defect pairs. More realistic conditions for the
ITER environment are reached in experiments involving linear
plasma generators where the energy of ions is around 50–100 eV
[5–7]. This is signiﬁcantly lower than the threshold energy for
the generation of Frenkel pairs and such irradiation conditions will
be referred to as ‘‘sub-thresholds conditions’’. Thus, during the sub-
threshold plasma exposure no vacancies are created directly by
plasma ions due to atomic displacement and the vacancy-trapping
http://dx.doi.org/10.1016/j.nimb.2014.11.103
0168-583X/ 2014 Elsevier B.V. All rights reserved.
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nucleation mechanism imposed in the current numerical models is
not relevant. However, intensive blistering is also observed under
sub-threshold plasma exposures, for which the mechanisms of
bubble nucleation and growth are not properly understood yet.
Homogeneous nucleation of hydrogen clusters is highly unlikely
due to a very low binding energy between two hydrogen atoms
in the bulk 0.01 eV [12], which does not allow reaching a cluster
of critical size to punch out a self-interstitial atom and convert into
a stable nucleus.
Recently, a new model of HI retention was proposed, based on
the assumption that dislocation networks serve as nucleation sites
for HI bubbles [13]. This assumption was conﬁrmed by ab initio cal-
culations addressing the interaction of hydrogen with a ½h111i
screw dislocation, which showed that the dislocation can attract
up to six H atoms and that the migration barrier of a H atom along
the dislocation line (computed to be 0.15 eV) is signiﬁcantly lower
than in the bulk, i.e., 0.24–0.27 eV [14–16]. Moreover, the calcula-
tions suggested that the so-called jog-punching mechanism of
bubble growth is initiated as soon as eight hydrogen atoms group
on a screw dislocation segment. The jog-punching implies a
nucleation of two anti-jogs, so that hydrogen atoms occupy a
vacancy-type jog, while an interstitial-type jog migrates away
along the dislocation line. A rate theory model based on these com-
putational results has shown good agreement with the experimen-
tal trends regarding the saturation of HI retention with increasing
implantation dose [5,6]. In this work we implement the previously
formulated rate theory model to perform a numerical integration
and to investigate the exposure conditions (i.e., ﬂux and tempera-
ture) resulting in the bubble growth and blister formation.
2. Model description
A schematic picture of the system used in simulations is shown
in Fig. 1(a). This is a one-dimensional system where material is
divided into slabs of equal width kd. Each slab corresponds to a sin-
gle nucleation site and is fed with H by a source term deﬁned from
the steady state solution for the bulk concentration of H atoms dis-
cussed in [13]:
SðxÞ ¼ xZqRF expðx
ﬃﬃﬃﬃﬃﬃ
Zq
p
Þ; ð1Þ
with Z – geometrical factor (Z = 1), q – dislocation density, x –
atomic volume, F – particle ﬂux, R – particle range.
H atoms accumulate into HN clusters at dislocation trapping
sites following a binding energy function, and H atom can be dis-
solved from a HN clusters at a rate deﬁned by the equation:
RðiÞ ¼ mCTðiÞ expðEbinðNÞ=kBTÞ; ð2Þ
with m – the attempt frequency, CT(i) – the trap (or trapped cluster)
concentration at slab number i, Ebin(N) – the binding energy of a H
atom to the trapped HN cluster, kB – Boltzmann constant. The
amount of H atoms that escapes from the traps is redistributed
between neighboring slabs. Thus, the amount of trapped H at each
nucleation site is deﬁned by the balance of trapping, dissolution and
exchange between neighboring slabs (Numbers i1 and i + 1):
@CHðiÞ
@t
¼ SðxÞ þ 0:5½Rði 1Þ þ Rðiþ 1Þ  RðiÞ; ð3Þ
The size of HN clusters growing during the exposure is deter-
mined by a simulation that follows the number of vacant sites gen-
erated by the jog-punching mechanism. To introduce the jog
punching mechanism that allows a bubble to grow, we must intro-
duce a threshold value for the number of trapped H atoms per
vacancy (NH/NVac) beyond which the jog punching mechanism
starts to operate. The main parameters of the model, which deﬁne
the conditions for the bubble growth, is the binding energy of a H
atom to a trapped HN–VM complex, and the threshold size for a HN
cluster beyond which it is converted into HN+1-jog conﬁguration.
3. Parametrization of the model
To parameterize the model, let us ﬁrst consider the binding
energy of HN to a screw dislocation and to a vacancy jog on the
screw dislocation. Fig. 1(b) compares the binding energy of a H
to a HN1 cluster trapped at a vacancy [17–19] and trapped at
the dislocation vacancy jog [13], obtained by ab initio calculations
from the cited works. As can be seen, there is no signiﬁcant differ-
ence between the evolution of the binding energy at a vacancy and
at the dislocation jog. The red dashed line is a ﬁt of these ab initio
results, which are valid for small HN clusters forming as nuclei for
H bubbles. For the well-developed H bubbles, one cannot apply the
ab initio ﬁtted function. As a limiting case we used the formula
obtained within the so-called liquid tear drop (LTD) model, param-
eterized using a recently developed W–H–He potential in [20], and
based on the balance of volume and surface energy, shown in
Fig. 1(b).
To deﬁne the jog punching threshold parameter (NH/NVac), let us
consider the loop punching mechanism. Pressure is exerted on the
bubble surface and the critical one needed to create a dislocation
loop is deﬁned as [21]:
Plp ¼ 2c=Rb þ lb=Rb ð4Þ
where c = 2.65 N/m is the surface tension, G = 158.6 GPa is the shear
modulus, b = 2.7 Å is the Burgers vector of the ½h111i loop, and Rb
is the bubble radius. The values for the surface tension (c) and shear
modulus (G) were taken from [22,23]. The variation of the critical
pressure as a function of bubble size (expressed as a number of
vacant sites) is plotted in Fig. 2(a) on the right-hand side Y axis.
To estimate the critical concentration of hydrogen contained in
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Fig. 1. (a) Schematic description of the model; (b) bubble-H binding energy data and approximations.
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the bubble to induce the dislocation loop emission, we used the
equation of state [24]:
Nb ¼ 4pR
3
bNa
3mðp; TÞ ð5Þ
where Rb is the bubble radius, Na is the Avogadro constant, and
m(p,T) is the molar volume from the equation of state.
The resulting NH/NVac ratio corresponding to the loop punching
pressure is shown in Fig. 2(a) on the left Y axis. As one can see, the
ratio obtained using elasticity theory and equation of state goes
from 6 to 4 with increasing bubble size up to 4 nm (1000 vacan-
cies). On the other hand, the critical ratio obtained from ab initio
calculations is 8. Here, we shall explore the sensitivity of the
results by varying the NH/NVac ratio within these two limits.
4. Fitting the model to experimental data
Firstly, we addressed the inﬂuence of the choice of the binding
energy function on the nucleation of a H bubble, which initiates by
the punching of the ﬁrst jog. As said in the previous section, there
is an uncertainty associated with the critical pressure and NH/NVac
ratio for the jog punching. The uncertainty comes from the two
models for the binding energy function, namely: LTD model and
the ﬁt to ab initio results, shown in Fig. 1(b). We applied these
two models to investigate the evolution of the growth of HN clus-
ters and see whether the condition for the jog-punching was met.
To deﬁne the simulation system, we stuck to the experimental con-
ditions, where the intensive blistering (presumably originating as a
result of loop punching) was reported [6], namely, exposure at
450 K with an ion ﬂux of 1024 m2 s1. We found that using the
LTD model the average size reached by the clusters is 3.6 H atoms
per trapping site, while using the ab initio ﬁt it is 7. Clearly, the LTD
model does not satisfy the condition for the jog-punching in the
nucleation regime when H clusters are still very small. That was
expected because the extrapolation of the linear elasticity theory
to describe atomic-size bubbles is inappropriate. The ab initio
parameterized model allows for the jog punching mechanism to
take place. However, the ab initio data are available only for the
punching of the ﬁrst jog, while the further growth of the HN-jog
cluster has not yet been studied by atomistic calculations. Obvi-
ously, the information about the binding energy function for the
transition from atomic-scale bubbles to classical bubbles should
be ﬁlled using empirical interatomic potentials.
To provide a physical choice for the critical pressure, we per-
formed a parametric study varying NH/NVac from 5.0 to 7.0 and
computed the distribution of the depth of H deposition for the
experimental conditions applied in [6], where the H distribution
proﬁle was measured by nuclear reaction analysis (NRA). In partic-
ular, we modeled the plasma exposure of 50 eV ions at 450 K with
a ﬂux of 1024 m2s1. In these calculations, the critical nucleation
depth was the primary result of interest. Experimental proﬁles
practically ceased at a depth around 4–5 lm. Three different pro-
ﬁles for threshold NH/NVac values of 5.0, 6.5, and 7.0 are shown
on the Fig. 2(b). In case of a low value of the threshold (5.0), the
evaporation of H atoms from the trap at 450 K is too low to inﬂu-
ence the growth of the bubble and the threshold value for jog-
punching is reached easily (this also explains the fact that there
is almost no ﬂuctuations in this depth proﬁle). The calculations
are performed for the system with a depth up to 5 lm, but we
can state that in case of NH/NVac = 5.0, the growth of the bubble
continues at a depth deeper than several tens of lm, which is
not in line with the NRA measurements. In case of a high value
of the threshold (7.0), nucleation of bubbles ceased at a depth
around 2.5 lm meaning that beyond this level dislocations do
not serve anymore as nucleation sites for bubbles and act as migra-
tion networks for HI diffusion. The best ﬁt for the experimental
proﬁle is obtained for NH/NVac = 6.5, at which the nucleation stops
at a depth around 4.5 lm. Therefore, this threshold will be used
for the calculations addressing the effect of temperature and ﬂux
on the nucleation of stable bubbles.
5. Exposure conditions for the bubble growth
To study the conditions for the bubble formation and growth,
we have performed a parametric study employing the above for-
mulated kinetic model and here derived binding energy function.
The incident ﬂux and ambient temperature were varied to cover
the ranges relevant for ITER conditions. The value of the critical
temperature was deﬁned for every value of the ﬂux. At a tempera-
ture higher than critical value, no bubble formation at dislocation
networks by the jog- and then later by loop-punching is foreseen.
As a result of the calculations, we provide boundaries correspond-
ing to the conditions in which the loop punching is expected to
operate and in which HI clusters do not convert into stable bub-
bles. The boundaries obtained for W with dislocation density of
0.5  1012 m2, which is typical for a stress-relieved BCC metal, is
shown in Fig. 3.
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Fig. 2. (a) Estimation of the threshold value for the loop punching mechanism; (b) sensitivity of the system to the loop punching parameters.
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Several experimental works addressing the effect of a low
energy ion beam or plasma on the surface of tungsten reported
blistering [4,5,7,8]. The range of doses and temperatures in which
blisters were reported is shown in Fig. 3 by dashed rectangulars. In
general, the observation of blisters is registered below 700 K for
ﬂuxes up to 1024 m2 s1, which is in line with the prediction of
our model. The major exception is the observation of the blisters
by Alimov et al. under low ﬂux ion beam exposure (1022 m2s1)
at 580–670 K. Their work reported a bimodal size/shape distribu-
tion of blisters: large low-dome and small cone-shaped blisters.
The authors mentioned that around 400–500 K the small blisters
disappear, while the large blisters with a size of a few tens of
microns become evident. Most likely, the small ones are the signa-
ture of the loop punching of bubbles nucleated on dislocations,
while the large ones appear as the result of the coalescence of
the bubbles nucleated at grain boundary interfaces.
6. Summary
A parametric study employing a model for the bubble nucle-
ation and growth at dislocation networks was performed. Based
on the presented results and their discussion we can outline the
following:
 The conditions for the transformation of a HN cluster into
HN+1-jog conﬁguration strongly depend on the underlying cohe-
sive model and binding energy function. The comparison with
the experiment performed at 450 K employing a high ﬂux
plasma conﬁrms that only the ab initio parameterization can
provide the necessary binding to initiate the bubble nucleation
by the jog-punching mechanism.
 Following the comparison of the critical nucleation depth, the
computational model provides the best agreement with the
experimental results by taking 6.5 as a critical H–to–vacancy
ratio to initiate the jog-punching.
 The parameterized model was used to predict the exposure con-
ditions for the nucleation of stable bubbles, their growth and
subsequent blister formation.
As a whole, this work aims at revealing a range of fusion rele-
vant exposure conditions in which intensive subsurface degrada-
tion is expected. This degradation is expressed in the formation
of bubbles that reduce the ductility and crack resistance of the W
subsurface. Further improvements of the model and its parameter-
ization are still necessary. For instance, it is essential to reﬁne the
binding energy function in the transition range of sizes to link
ab initio data and the LTD model. Once the bubbles reach a signif-
icant size (exceeding nano-meters), the growth of the bubbles by
continuous loop punching should take into account matrix harden-
ing induced by already emitted dislocation loops. At the same time,
the punched out dislocation loops will also serve as additional
traps for the incoming hydrogen. The importance of this secondary
dislocation family is still unclear. Nevertheless, the presented here
computational model already allows one to rationalize the depth
and temperature dependence of the experimentally observed
hydrogen deposition after high ﬂux low energy plasma exposure
within a dose up to 1026 m2, as was demonstrated by the compar-
ison with the experimental data.
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a b s t r a c t
The interaction of interstitial hydrogen with a dislocation and point defects in tungsten is studied by
means of atomistic simulations. Two different types of interatomic potentials were tested by comparing
their results with available ab initio data. The recently developed embedded atom method potential
showed a better agreement with ab initio results than the bond order potential. Static calculations
involving screw and edge dislocations showed that hydrogen is attracted to the dislocation core in both
cases. It is also found that hydrogen atoms prefer to arrange themselves as elongated clusters on
dislocation lines. Molecular dynamics simulations of hydrogen migration along the edge dislocation core
conﬁrmed the results of the static calculations and demonstrated a strong attraction to the dislocation
core and one-dimensional migration along it.
© 2015 Elsevier B.V. All rights reserved.
1. Introduction
Tungsten (W) is one of the currently considered in-vessel
plasma-facing materials for ITER [1]. During ITERs exploitation,
cyclic thermal stresses coupled with radiation damage and trap-
ping of plasma components (retention) impose a serious uncer-
tainty regarding the lifespan of the components made of W.
Hydrogen (H) retention is a speciﬁc problem, since it has a dual
impact deﬁning the degradation of W-based components. On the
one hand, the maximum retention is limited by the safety limits,
and on the other hand, the storage of hydrogen provokes further
embrittlement to be added to the detrimental effect of neutron
irradiation and thermal fatigue.
Despite signiﬁcant efforts done in past investigations to explore
the main mechanisms of H retention in W [2e6], a complete
physical model capable of describing a broad set of experimental
data does not yet exist. In our recent works [7,8], we have drawn
attention to the role played by dislocations in the trapping, trans-
port and nucleation of hydrogen bubbles. Based on the ab initio
calculations we have proposed the so-called 'jog-punching' process
as the mechanism to explain the transformation of a meta-stable
hydrogen cluster into a stable hydrogen-vacancy cluster e nu-
cleus for a future hydrogen bubble [7].
The idea of the jog-punching mechanism and the obtained ab
initio data was then implemented in a new theoretical model for
the H retention based on H trapping at dislocations and transport to
the surface via the dislocation network [8]. Such a model was used
to explain the experimentally observed saturation of H retention
with dose in different W grades under high ﬂux plasma implanta-
tion conditions. One of the principal conditions of this model was
the assumption about transport of hydrogen atoms along a dislo-
cation network. Although the ab initio calculations have demon-
strated that the migration barrier for H to move along the core of a
½<111> screw dislocation is smaller than the bulk migration en-
ergy, no direct dynamic simulations have so far been performed to
demonstrate the preferential diffusion of H in the dislocation core.
Moreover, ab initio techniques are not suitable for considering de-
fects that produce large stress ﬁelds such as edge dislocations and
therefore classical molecular dynamics (MD) and molecular statics
(MS) studies are still needed to close the gap.
In this work we perform an MD study to characterize the
interaction of Hwith screw and edge dislocations at zero Kelvin and
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ﬁnite temperature. The study is performed using two interatomic
potentials, namely: the bond order type potential (BOP) developed
by Li et al. [9,10], and the recently derived embedded atommethod
(EAM) potential [11]. The results are compared with available ab
initio data. By comparing the performance of the two potentials
regarding the description of H-vacancy and H-dislocation interac-
tion, we reveal an uncertainty range of the results obtained by
different atomistic techniques. Based on the preliminary MD data
obtained here, we conclude that H exhibits strong attractive
interaction with the core of the ½<111>{110} edge dislocation and
at ﬁnite temperature performs enhanced one-dimensional migra-
tion as compared to the bulk diffusivity.
2. Computational details
As mentioned before, we used two different types of the inter-
atomic potentials, namely: BOP and EAM. There were two different
versions of the EAM potential, referred to as “EAM1” and “EAM2” in
Ref. [11]. The BOP potential, developed in Refs. [9,10], was ﬁtted to
the H interaction with point defects in W. It reproduces very well
HeW molecules and geometry of H-vacancy system (i.e. off-
centered position of H displaced along <100> direction), however
the resulting H-vacancy binding energy slightly differs from the ab
initio result. Both EAM potentials were based on the interatomic
potential for bcc W named “EAM2” fromwork [12]. The choice was
made after critical review of 19 different EAM potentials given in
Ref. [13]. For the EAM1 potential, emphasis was put on a quanti-
tative reproduction of ab initio data for the binding between HeH,
HeeHe and HeHe pairs [11]. The off-center position of an H atom in
a vacancy as predicted by Density Functional Theory (DFT) [14] was
not considered, and therefore both H and He are described by pair
potentials only. For the EAM2 potential, the focus was made on the
stabilizing H in an off-center position in the vacancy and therefore
an embedding function was added for H. Both types of the poten-
tials predict the tetrahedral position for an H atom as the most
favorable in bulkW,which is important for this work as we focus on
the calculation of the binding between H atoms and defects.
MS and MD calculations were performed using the LAMMPS
simulation package [15], where the above-mentioned interatomic
potentials were implemented. Simulations were performed in bcc
W. All MD simulations were performed using a classical MD algo-
rithm in the microcanonical NVE ensemble with a timestep of 1 fs.
All MS calculations were performed using a conjugate gradient
algorithm embedded in the LAMMPS package with an energy
change tolerance of 1010 eV/atom.
The size of the crystallite used in simulations containing point
defects (interstitial H, vacancies and their combinations) was
10 10 10 a03 (a0 is the lattice constant predicted by the potential:
3.14 Å for EAM potentials and 3.165 Å for BOP), thus it contained
2000 atoms before any point defect or cluster was introduced.
Periodic boundary conditions were applied in all three directions.
For calculations involving a ½<111> screw dislocation box size was
152.9 78.1 32.6 Å (25,920 atoms) with axis orientations [110],
[112], [111], respectively for X,Y,Z principal axes. Free surfaces
along the X and Y were introduced, while periodic boundary con-
ditions were applied along the Z direction, coinciding with the
orientation of the dislocation line and dislocation Burgers vector.
For the calculations involving a ½<111>{110} edge dislocation, the
box size was 80.9  38.8  111.7 Å (22,155 atoms). The X,Y,Z axes
orientations were [111], [112], [110] with periodic conditions
imposed along the X and Y directions and free surfaces perpen-
dicular to the Z direction. The dislocation line was oriented along
[112] direction.
Estimation of the binding energy for point defects (HeH pairs
and H-vacancy clusters) as well as the binding energy for HN
clusters with the dislocation core requires the calculation of the
total energy of the atomic system containing these defects being
placed together and isolated. The corresponding binding energy of
H with different types of lattice defects was deﬁned as:
EBHD ¼ EH þ ED  EHD  NatEcoh (1)
where EHD is the total energy of the system when H is attached to
the defect, EH,ED the total energy of the system containing only H or
only a single considered lattice defect (i.e. a vacancy, another
interstitial H atom or dislocation) correspondingly. NatEcoh is
introduced to respect the particle number balance and to
compensate for the different number of matrix W atoms present in
the conﬁgurations corresponding to EHD, EH and ED energies. Thus,
Nat is the number of atoms, Ecoh e is the energy per atom in pureW.
In this notation, a positive value of the binding energy corresponds
to attraction between the defects.
In order to estimate the diffusion parameters of H atoms and
validate ab initio predictions regarding the preferential one
dimensional H migration along the dislocation core, a number of
MD calculations were performed at ﬁnite temperature, T. The main
goal was to obtain the diffusion coefﬁcient as a function of tem-
perature, which would allow one to extract the pre-exponential
factor D0 and activation energy Em using the Arrhenius type
equation:
D ¼ D0 exp
Em
kBT

(2)
In each MD run that lasted for a time t, the trajectory of the H
atomwas followed and visualized to quantify the dimensionality of
the Hmotion, which depends on the ambient temperature and type
of defect present in the system. Then, the mean square displace-
ment R2 of the position of the H atom was calculated to obtain the
diffusion coefﬁcient using the well-known Einstein equation:
DnðTÞ ¼ R
2
n
2nt
ðTÞ (3)
where n is dimensionality of the motion (i.e., n ¼ 1 for one
dimensional migration along a dislocation core, and n ¼ 3 for three
dimensional bulk diffusion), t e simulation time.
3. Results and discussion
3.1. Benchmark calculations
Prior considering complex interactions of HN clusters with dis-
locations we performed a set of benchmark calculations to compare
the results with well established ab initio data. The benchmark
calculations involved the characterization of the HeH and H-va-
cancy interaction as a function of distance, as schematically shown
in Fig. 1. The corresponding binding energy as a function of dis-
tance, determined by the atomic positions after complete relaxa-
tion, is given in Figs. 2 and 3 for the HeH andH-vacancy interaction,
respectively.
Let us ﬁrst consider the results for HeH interaction presented in
Fig. 2. Although all the presented curves provide the same trend as
the ab initiomethod, we can see that the repulsive interaction in the
ﬁrst nearest neighbor position is signiﬁcantly overestimated by the
BOP. For the conﬁgurations corresponding to the interaction dis-
tance of 0.62 a0 and 0.7 a0, the BOP potential does not return stable
conﬁguration and the H atoms displace either to the 0.55 a0 or 0.8
a0 conﬁgurations, unlike the case of both the EAM potentials pre-
dicting metastable states. Furthermore according to the BOP, the
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repulsive interaction does not vanish with increasing distance in
contrast to the ab initio data. The EAM2 potential also predicts
remarkable deviation from the ab initio data regarding the binding
energy in the range of the interaction distance 0.7e1.1 a0. The EAM1
version provides very accurate agreement with the ab initio data
not only with respect to the binding energy but also regarding the
positions of the H atoms after the relaxation.
The binding energy of an interstitial hydrogen to a HN-vacancy
cluster is given in Fig. 3. We see that the BOP signiﬁcantly over-
estimates the attractive interaction for the ﬁrst, second and third H
atom attached to a single vacancy. In addition, there is a non-
monotonic reduction of the binding energy for the fourth and
ﬁfth H atom. The two EAM potentials provide accurate agreement
for the binding of H1-vacancy and H2-vacancy complexes and sys-
tematically underestimate the biding energy for the larger clusters
Fig. 1. Schematic picture showing the initial positions used to compute the HeH
interaction. Eight pairs of atoms in tetrahedral positions are studied: H atom marked
LE and eight atoms marked in alphabetical order with increasing distance between
atoms. Black atoms (D, C, F) lie in the vertical plane facing the picture, gray atoms (LE,
A, B, E, H, G) lie in vertical midplane marked by gray dashed lines. Tungsten atoms are
presented as empty black circles and form bcc structure.
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by about 0.4 eV.
3.2. Interaction of hydrogen with a screw dislocation
Our second set of benchmark calculations consists of the char-
acterization of the interaction of Hwith a½<111> screw dislocation
(SD). In our preceding work, we have computed the distribution
and corresponding binding energy of H around the core of the SD.
The binding energy map revealed two types of energy minimum
conﬁgurations for the H atom: inside the core (three equivalent
sites, referred to as ‘A’ type) and adjacent to the core (six equivalent
positions, referred to as ‘B’ type), as is shown in the original work in
Fig. 1a [7]. Here, we provide a schematic representation of the
location of these positions superposed on the differential
displacement maps, calculated using the BOP and EAM potentials,
which show the dislocation core structure (see caption of Fig. 4 for a
detailed explanation). Note that the BOP potential predicts the
three-fold split structure for the dislocation core, which contradicts
the ab initio result [13,18e21]. Both versions of the EAM potential
return the isotropic non-degenerate core structure, which complies
with the ab initio data.
The identiﬁed positions for an H atom near the SD core coincide
with tetrahedral interstitial sides, which are preferentially occupied
by H atom in bcc W bulk as well. According to the ab initio results,
the binding energy in the two conﬁgurations amounts to 0.55 eV
and 0.54 eV, i.e., practically being the same. Nor the BOP, neither the
EAM potentials could reproduce the ab initio data in full agreement,
see Table 1. While the BOP model predicts reasonable agreement
for the binding energy in position A, it overestimates the binding
energy by a factor of two in position B. Both versions of the EAM
potential do not predict the binding in position A, instead the
interaction is practically neutral. The binding energy in the position
B is calculated to be 0.42 eV and 0.66 eV for the two versions of the
EAM potential, which bounds the ab initio result.
3.3. Interaction of H with an edge dislocation
A description of the edge dislocations using ab initio calculations
is computationally heavy and that is probably why there is no ab
initio data regarding the interaction of Hwith an edge dislocation in
bcc Wavailable so far in open source literature. Moreover, we could
not ﬁnd even the ab initio data regarding the interaction of H with
edge dislocations in bcc W.
We have constructed a ½<111>{110} edge dislocation (ED), as
described in Section 2, and relaxed the crystal using the three
interatomic potentials. The core structure of the EDwas found to be
symmetric and extended in the {110} glide plane. It was similar
with all the applied potentials, see the comparison between the
BOP and EAM1 potentials presented in Fig. 5.
The interaction of H with the core of the ED was studied in all
non-equivalent tetra- and octahedral positions above and below
the dislocation glide plane. An example of the distribution of the
interaction energy is provided in Fig. 6, which was obtained using
the EAM2 potential. The binding energy maps calculated using the
other potentials were essentially similar. From Fig. 6 it follows that
the maximum binding energy is realized if H is placed in between
the two planes forming the imaginary dislocation glide plane. The
attractive interaction sharply vanishes as the H atom is moved
above or below the glide plane. While inside the glide plane, the
range of the strong interaction is spread over ~10 Å, which can be
expected given the rather extended structure of the dislocation
core (see Fig. 5). The maximum binding energy is found to be
0.63 eV, 0.89 eV and 1.64 eV for the EAM1, EAM2 and BOP,
respectively. As in the case of the interaction with the SD (in po-
sition B) and H-vacancy, the BOP predicts a binding energy of a
factor two higher than the EAM potentials. Even though we do not
have reference ab initio data, we tend to consider that the BOP
model overestimates the binding energy following the previous
comparisons (see Section 3.1 and 3.2).
3.4. Interaction of HN clusters with edge dislocation and screw
dislocations
Our next step is to characterize the formation of HN clusters on
dislocations and deduce the incremental binding energy as a
function of cluster size depending on the character of the disloca-
tion. First, we present the result for the SD as this was also studied
by ab initio calculations providing us important reference data to
judge on the quality of the interatomic potentials.
The incremental binding energy of Hb to HN1-SD complex, i.e.
binding of an interstitial H added from the bulk to the HN1 cluster
Fig. 4. The schematics of the core atoms in a ½ <111> screw dislocation in projection onto the (111) plane. The black arrows indicate the difference between displacements of
neighboring <111> columns forming the dislocation core. The length of the arrow is proportional to the magnitude of displacement difference, and the direction of the arrow
indicates the sign of the displacement difference. Among the three atoms that surround the centre of the dislocation, the arrows form a closed circuit e this is the dislocation core.
Note that while the arrows reveal a displacement component in the (111) plane for convenience of visualization, the displacement component they represent is strictly out of the
plane. Ground state positions in and next to the dislocation core are schematically shown by light- and dark-blue balls, respectively.(For interpretation of the references to color in
this ﬁgure legend, the reader is referred to the web version of this article.)
Table 1
Binding energy of H-SD core as predicted according the EAM, BOP and ab-initio
method.
Position type Binding energy, eV
EAM1 EAM2 BOP Ab initio [7]
A 0.0 0.0 0.41 0.55
B 0.42 0.66 1.03 0.54
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placed on the SD, is presented in Fig. 7a. According to the ab initio
data, adding the second, third, fourth and ﬁfth H atom to the cluster
progressively reduces the partial binding energy down to 0.35 eV. A
sudden drop takes place if the seventh H atom is added, and the
recovery for the ninth atom originates from the jog-punching
mechanism.
The BOP potential predicts much stronger binding for the sec-
ond H atom, while the binding energy for the larger cluster is
adequately described up to size N ¼ 6. The EAM1 also provides a
reasonable description but does not capture the reduction of the
binding energy at N > 6. The EAM2 predicts a ﬂat curve for the
binding energy function, as is the case of the EAM1, but over-
estimates the result by about 0.1e0.2 eV as compared to the DFT
data.
The incremental binding energy of a HSD to a HN1-SD complex,
i.e. binding of an interstitial H attached to the SD corewith the HN1
cluster placed on the SD, is presented in Fig. 7b. Ab initio data
suggest that only two H atomsmay form a stable compact complex.
Adding more H atoms should result in the formation of the HN
clusters 'stretched' along the dislocation line. Both BOP and EAM
potentials correctly predict this trend, however, the strength of the
interaction differs. The BOP potential provides much larger values
for the binding energy, in absolute terms, as compared to the both
EAM potentials. We can conclude that both types of the potentials
predict correctly qualitative trends obtained from the ab initio
calculations, while none of the potentials grasp a good quantitative
agreement.
The incremental binding energy of Hb to a HN1-ED complex is
presented in Fig. 8. It can be seen that all the potentials predict
strong attractive interaction of Hb to the HN cluster up to size N¼ 5.
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The incremental binding energy is of the order of the H-ED binding
energy, which implies that H atoms inside the HN cluster can
accommodate inside the ED core practically not disturbing each
other. This was not the case of the screw dislocation, for which the
reduction of the attractive interaction of Hb to the HN1-SD was
seen already staring from N ¼ 2. This result reﬂects that the space
available for the formation of the energetically stable HN cluster is
essentially larger in the core of the ED as compared to that in the SD
core.
The incremental binding energy of a HED to a HN1-ED complex
is also given in Fig. 8. The data suggest the absence of attractive
interaction between H atoms moving along the ED core. Just as in
the case of the screw dislocation, HN clusters are expected to grow
preferentially forming conﬁgurations 'stretched' along the dislo-
cation line. All three interatomicmodels predict the same trend, but
according to the EAM1 the interaction of a HED with a HN1-ED
cluster is practically neutral.
3.5. Diffusion of H in the dislocation core
MD simulations to study the diffusion of H in a crystal con-
taining an EDwere done only using the EAM2 potential. Since these
calculations were computationally heavy (due to large crystal and a
relatively long MD run necessary to achieve satisfactory statistic),
we have excluded the BOP potential because of larger computa-
tional demand comparing to EAM potentials and also due to the
poor performance regarding the properties of dislocations as
studied earlier [13].
Following and visualizing movement of H atom we found that
it exhibits one dimensional migration along the dislocation core
moving by jumping between the planes bounding the imaginary
dislocation glide plane. At temperatures below 1300 K, H was
attached to ED core for the whole time span of the MD run. This
behavior is consistent with the strong attractive interaction of an
H to an ED (Eb ¼ 0.63/0.89 eV). Above 1300 K, we could regularly
Fig. 7. (a) The incremental binding energy of Hb to a HN1 cluster placed on the SD core. (b) The incremental binding energy of HSD to a HN1 cluster placed on the SD core. Inset
ﬁgures schematically demonstrate the partition of Hb/SD and HN1.
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register detachment of the H atom. The trajectory of the H atom
whilst migrating along the dislocation core was therefore recon-
structed to obtain the diffusion coefﬁcient from high temperature
MD simulations. The example of H atom trajectory near edge the
dislocation and in defect free crystal is available in the Appendix
of the paper. The resulting diffusion coefﬁcient for 1D-migration
along the ED core is drawn in Fig. 9 as a function of temperature.
The extracted D0 and Em are, respectively, 8.1  109 m2/s and
0.17 eV. Note that this value is signiﬁcantly smaller than the
migration energy of an H in W bulk, estimated experimentally to
be 0.4 eV [22] and obtained by MD: 0.23 eV. The experimentally
measured [22] and calculated here with the same potential 3D
bulk diffusion coefﬁcient is also drawn in Fig. 9 for comparison.
Due to the scale of the graph on Fig. 9, the error bars are not seen,
however, the relative error is in range of 5e10 % of the absolute
values. The calculated value of Em is 0.23 eV and is lower than the
experimentally obtained value, but is consistent with the values of
the migration barrier between tetrahedral positions, which is
0.21 eV as predicted by the potential [11], and 0.2 eV as obtained
by ab initio in Ref. [16]. Clearly, the diffusivity of H attached to the
dislocation line is much higher than the bulk diffusivity, especially
at low temperatures as can be seen in Fig. 9.
It is interesting to compare this results with the results reported
by H. Kimizuka and S. Ogata in Ref. [23]. In this work H-diffusion
around a a0/2 <111> screw dislocation in a-Fe was investigated by
means of path-integral molecular dynamics modelling. Despite the
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fact that W and Fe do not necessarily possess the same properties,
we believe that qualitative comparison of the results is possible.
There were two migration paths along the dislocation core
considered: inside the core of the screw dislocation and parallel to
the dislocation core. This can be seen as diffusion along the A and B
positions shown in Fig. 4. The barrier inside the dislocation core
was 0.022 eV at 300 K and parallel to dislocation core was 0.43 eV.
Compared to a bulk diffusion barrier of 0.088 eV, the diffusion
barrier inside the core (A position) is signiﬁcantly lower than the
bulk and parallel to the core (B position) is higher than the bulk
diffusion. Based on the fact that in Fe H does not bond to the po-
sition inside the core (A position), the conclusion about slow H
diffusion along dislocation core was made, which is in contrast to
our results. As was demonstrated by recent ab initio calculations in
[7], H atom has a strong attraction to the A position inside the screw
dislocation core in W. Thus, it appears that there is a principal
difference in the interaction of H with a a0/2 <111> screw dislo-
cation in BCC Fe and W. While in BCC Fe screw dislocations are not
expected to inﬂuence the migration of H, in BCC W they should act
as means for accelerated H diffusion, at least according the ab initio
calculations performed in Ref. [7]. In addition, in the present work,
we studied migration along an edge dislocation as that type of
dislocation can not be accurately treated in the ab initio framework
due to the obvious limitations. The results for edge dislocations are
in the Appendix of the paper [23] and almost no details are given
about these calculations.
4. Conclusions
To summarize, we have performed static and ﬁnite temperature
simulations to characterize the interaction of H and hydrogen
clusters with different types of dislocations in BCC W. Two types of
interatomic potentials were used, namely: the bond order type
developed by Li et al. [9,10], and recently derived embedded atom
method potentials by Bonny et al. [11]. On the basis of the obtained
results we can draw the following conclusions:
a. By comparing the performance of the two types of potentials
with ab initio results regarding the description of H-vacancy
and H-dislocation interaction, we reveal an uncertainty range
of the results obtained by different atomistic techniques. The
BOP model reveals a strong contrast to ab initio calculations
regarding the HeH interaction embedded in bcc W bulk, which
was important for the present study. While the EAM1 potential
provides very good agreement with ab-initio data. The HN-
vacancy interaction is well described by the EAM potential for
N ¼ 1, 2, however, the strength of the binding is systematically
underestimated. At the same time, the BOP potential agrees
very well with ab initio regarding the off centered position of H
in vacancy, which the EAM potentials do not reproduce. The
BOP overestimates the binding by more than 0.5 eV for N ¼ 1, 2
and provides non-monotonic reduction of the binding energy
for N ¼ 4, 5 deviating from the trend obtained using ab initio
techniques while the EAM potentials systematically underes-
timate the value of the binding energy.
b. The results for the interaction of H with a screw dislocation core
reveal that both types of potentials exhibit some disagreements
being compared to the ab initio data. The BOP overestimates the
interaction in the positions adjacent to the SD core, while the
EAM potentials underestimate the interaction in the positions
inside the dislocation core. In addition, the BOP fails to repro-
duce the equilibrium structure of the SD core, and predicts a
dissociated three-fold structure in contrast to the ab initio result.
The EAM potentials do not have this caveat.
c. The interaction of the H with the edge dislocation core was not
studied bymeans of ab initio data so far, and therefore we do not
have reference data to compare the results obtained with the
potentials. However, a qualitative result e strong and localized
attraction of H to the core of the edge dislocation e is inde-
pendent of the applied potential. Quantitatively, the BOP pre-
dicts the binding energy approximately twice as high as
compared to both applied EAM potentials. This is overall
consistent with the deviation of the results obtained using the
BOP and EAM potentials in calculations involving a vacancy and
screw dislocation.
d. The analysis of the interaction of HN clusters with the edge
dislocation reveals a strong tendency to form compact HN
clusters without losing the binding strength up to ﬁve H atoms.
Thus, the core of the edge dislocation can accept twice as much
H atoms as compared to the screw dislocation. This reﬂects the
fact that the space available for the HN cluster is essentially
larger in the core of the edge dislocation, as one should expect.
e. Based on the MD data obtained here using the EAM2 model, we
conclude that H exhibits strong attractive interaction to the core
of the½<111>{110} edge dislocation, consistent withMS results,
and performs one-dimensional migration, which is remarkably
faster as compared to the bulk diffusivity.
The last conclusion implies that not only a single H but also
multiple energetically stable HN clusters may exhibit signiﬁcant
diffusivity along the dislocation core. Investigation of the dynam-
ical behavior of HN clusters and possible mechanisms leading to the
'jog-punching' on the edge dislocation is currently ongoing.
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Appendix
The ﬁgure below demonstrates time dependence of an H atom
position during an MD run in defect-free (a) and edge dislocation-
containing (b) W crystals. These types of trajectories were used to
calculate the diffusion coefﬁcient. One clearly sees that in the case
of an ideal crystal the diffusion is 3 directional as the displace-
ment of an H atom along all three coordinates follows a similar
time dependence. In the case of diffusion in a dislocation-
containing crystal (with dislocation line along Y direction), the
position of H on the Z coordinate practically stays constant. Along
the X direction an H atom moves within 5 A away from the center
of the dislocation core, which demonstrates some ﬂexibility of
the migration of H in the dislocation core extended in the di-
rection of the Burgers vector as is also shown in Fig. 5. The mean
square displacement along the X direction gives only 11.3% of the
total atom displacement. The rest, 88.7% of the displacement is
along the Y direction, which conﬁrms our observation of 1-
dimensional migration along the edge dislocation core. A video
illustration of 1-dimensional migration of H atom along the core
obtained with MD simulation at 430 K is available as
Supplementary Material.
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Abstract
In this work we developed an embedded atom method potential for large scale atomistic
simulations in the ternary tungsten–hydrogen–helium (W–H–He) system, focusing on
applications in the fusion research domain. Following available ab initio data, the potential
reproduces key interactions between H, He and point defects in W and utilizes the most recent
potential for matrix W. The potential is applied to assess the thermal stability of various H–He
complexes of sizes too large for ab initio techniques. The results show that the dissociation of
H–He clusters stabilized by vacancies will occur primarily by emission of hydrogen atoms and
then by break-up of V–He complexes, indicating that H–He interaction does influence the
release of hydrogen.
Keywords: tungsten, bubbles, interatomic potential
(Some figures may appear in colour only in the online journal)
1. Introduction
Tungsten (W) and tungsten based alloys are the primary
candidate materials for plasma facing components (PFCs) in
fusion reactors. In the DEMO and future commercial reactors
PFCs will be exposed to unprecedented and unexplored
irradiation conditions. The exposure to high-energy radiation,
consisting of neutron damage, helium (He) and hydrogen
(H) high temperature/flux plasma, severely damage the
microstructure of the materials by violently displacing atoms
from their lattice and thereby creating vacancy clusters,
dislocation loops, voids and even microscopic bubbles
and cracks. All the above mentioned radiation-induced
processes cause profound macroscopic property changes that
severely degrade the performance and lifespan limits of PFC
materials [1, 2].
One of the issues in the development of PFCs is the
retention of H isotopes (namely tritium) [3], originating
from the trapping of plasma components on pre-existing (i.e.
natural) and radiation-induced lattice defects. Without neutron
irradiation, experiments involving mixed ion beam and plasma
accelerators have shown that under mixed H–He exposures the
interplay between H isotopes and He might have a significant
effect on the enhancement of H retention [4–8]. Moreover,
continuous production of displacement damage by neutron
scattering will generate lattice defects serving as traps for H
and He, and acting as obstacles to dislocation motion thereby
further reducing the ductility of tungsten [2]. Trapping of
H and He at natural and radiation-induced defects as well as
irradiation embrittlement takes its origin at the nano-scale and
therefore a good understanding of these phenomena should
correspondingly be achieved at the atomic level. This is why
the development and application of atomistic tools for W-based
systems have recently received essential attention, for example
in [9–13].
Theoretical attempts to study the synergy between H
and He is so far limited to density functional theory (DFT)
studies regarding the stability of vacancy-hydrogen–helium
(VHlHem) clusters [14–16]. Due to the computational
limitations of DFT calculations only elementary clusters
containing a single vacancy were considered. However,
there is the essential desire to extend our knowledge to the
0953-8984/14/485001+08$33.00 1 © 2014 IOP Publishing Ltd Printed in the UK
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stability and mobility of larger VkHlHem clusters (i.e. for
k, l, m  1) as their formation certainly occurs under high
flux plasma exposure, which typically leads to the formation
of well-resolved bubbles and blisters. Also, the study of H
and He accumulation near extended lattice defects, such as
dislocation lines, dislocation loops and grain boundaries and
their effect on dislocation movement are outside the scope
of DFT calculations. Therefore, all such studies require
large scale atomistic simulations employing semi-empirical
interatomic potentials that are known to offer an acceptable
compromise between computational efficiency and physical
reliability. For the development of such potentials, DFT data
serves as a guide.
In this work we develop an embedded atom method
(EAM) potential for the ternary W–H–He system. The
potential is benchmarked against available DFT data from the
literature and its performance is compared with the only ternary
WHHe potential available so far: the bond order potential
(BOP) by Li et al [9]. As a first step, we apply the developed
potential to extend the information about the thermal stability
of VkHlHem clusters beyond the scale accessible to DFT
calculations. For convenience and further use in kinetic mean
field theory or object kinetic Monte Carlo models, the results
are formatted within a frame of a simple yet accurate liquid
tear drop (LTD) model.
The paper is organized as follows. In section 2 we
explain the fitting strategy followed to fit the potentials and
the procedures applied to obtain the binding energy of any
VkHlHem cluster. In section 3 we validate the potential by
making one-to-one comparisons with both BOP and DFT data.
In section 4 we present and discuss the results concerning
the stability of VkHlHem clusters. The paper is finalized by
conclusions.
2. Methodology
In the literature, many EAM type interatomic potentials for
bcc W are available, see e.g. [10–12, 17–30]. A critical review
assessing their strengths and weaknesses is given in [13]. For
this work, we selected the one, which gives the best ‘global
performance’, i.e. ‘EAM2’ from the work of Marinica et al
[11]. As key features, this potential provides elastic constants,
point-defect, edge and screw dislocation properties as well as
grain boundary energies consistent with DFT calculations or
experiments (see [13] for more details).
In the literature three semi-empirical potentials exist for
WHe [10, 31, 32] and two for WH [33, 34]. From those
potentials, the ones by Wilson et al [31] and Henriksson et
al [32] predict opposite stability for He in an octahedral and
tetrahedral position. The one by Juslin and Wirth [10] provides
a He migration barrier of 0.21 eV, which overestimates the DFT
value (0.06 eV) by more than a factor three. The WH potential
by Juslin et al [33], on the other hand, predicts the < 1 1 0 >
dumbbell self interstitial be more stable than the < 1 1 1 > one
in bcc W, which is in contradiction with DFT data (see [13]
and references therein). The one by Li et al [34] is part of the
ternary WHHe BOP that is used as a benchmark throughout
this work. At this point we also note that none of the potentials
for pure W used in the above works reproduce the key features
as good as ‘EAM2’ by Marinica et al [11]. In addition, a 1/2
< 1 1 1 > screw dislocation in bcc W relaxed by BOP provides
a threefold degenerate core structure, which is contradictory
to DFT results [35] and ‘EAM2’ by Marinica et al [11].
The H–H interaction in bulk W is essentially different
from its description in vacuum. In vacuum, two H atoms form
the strongly bonded H2 molecule (Eb = 4.75 eV) [33]. In
bulk W, on the other hand, two H atoms exhibit repulsion or
weak binding [14] as they cannot form the strongly bonded H2
molecule due to interactions with the surrounding W atoms.
The modulation of such behaviour within the EAM frame
work is difficult to achieve. Therefore, we chose to focus
on the effective interaction of H (and He) in bulk W. As a
consequence, the here derived potentials for H and He should
not be used in vacuum.
We have fitted two sets of WHHe potentials, namely,
EAM1 and EAM2. Both potentials were fitted to reproduce
the relative stability between tetrahedral (T) and octahedral (O)
sites as well as between tetrahedral and < 1 1 0 > dumbbell
position, with the latter serving as saddle for T–T migration.
In addition, the binding between H–H, He–He and H–He pairs
in bulk W and the binding between vacancy-H and vacancy-
He pairs were fitted. For EAM1, emphasis was put on a
quantitative reproduction of DFT data of the binding between
H–H, He–He and H–He pairs. The off-centre position of
a H atom in a vacancy as predicted by DFT [36] was not
considered, and therefore both H and He are described by
pair potentials only. For EAM2 we focussed on stabilizing
H in an off-centre position in the vacancy and therefore an
embedding function was added for H. For both H and He no
density function is defined, i.e. only W adds to the electron
density at a given site and there is no contribution to it by H or
He. The optimized parameters for both EAM1 and EAM2 are
reported in appendix A.
The total binding energy of a VkHlHem cluster, Etotb , was
calculated as,
Etotb (VkHlHem) = k E (V ) + l E(H) + m E (He)
−E (VkHlHem) − (k + l + m − 1) E(W) (1)
Here E(W) is the total energy of the perfect bcc W crystal,
E(V), E(H) and E(He) are the total energy of the bcc W crystal
containing one V, H and He atom, respectively, with H and He
in the tetrahedral position. With this definition, positive values
of Etotb indicate attraction.
In our study, we have considered VkHlHem clusters
containing up to 12 vacancies (in the most compact
configuration) with a H to V ratio, xH, and He to V ratio,
xHe, in the range 0.1–6. For the selected maximum number
of V, xH and xHe, the sequential binding energy of a V, H
and He to a VkHlHem cluster saturates, respectively, so no
larger clusters need to be addressed. In total, 2087 different
VkHlHem clusters were considered. In each cluster the H and
He were introduced at random (with a maximum of 6H/He per
vacancy) and the configuration was relaxed ten times using
a quench method with a molecular dynamics (MD) run at
300 K for 1 ps in between each quench down to 0 K. The latter
procedure allows the system to evolve out of local minima and
2
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Table 1. Point defect properties of H and He in bcc W calculated by DFT and the potentials.
Hydrogen Helium
Property DFT EAM1 EAM2 BOP DFT EAM1 EAM2 BOP
E(Octa-Tetra) (eV) 0.38 0.35 0.38 0.32 0.22 0.19 0.23 0.17
E(< 1 0 0 >-Tetra) (eV) 0.39 0.35 0.38 0.32 0.23 0.19 0.23 0.17
E(< 1 1 0 >-Tetra) (eV) 0.21 0.22 0.21 0.22 0.07 0.09 0.06 0.02
E(< 1 1 1 >-Tetra) (eV) 1.51 2.10 2.70 2.29 0.51 1.40 0.98 0.75
Eb(X-Vac) (eV) 1.19 1.24 1.33 2.03 4.55 4.55 4.54 5.04
Em(X) (ev) 0.20 0.22 0.21 0.22 0.06 0.09 0.06 0.02
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Figure 1. Comparison of the H–H binding energy as a function of
distance as calculated by DFT and the potentials.
was tested to provide an absolute minimum in the case of the
single vacancy. For each configuration, the lowest of the 10
values for the total energy was retained. For all runs, a cubic
bcc W crystal was used containing 2000 atoms with periodic
boundaries in all directions.
3. Validation of the potentials
In table 1 the point defect properties of H and He in bcc W
calculated with our potentials are compared to DFT [14] and
BOP [9]. Clearly, DFT predicts the tetrahedral position to be
the most favourable for both H and He, which is reproduced
by all potentials. In addition, all potentials predict the correct
ordering in interstitial formation energies, although EAM1
and EAM2 show the best quantitative agreement with DFT.
With respect to the binding energy between a H or He to
a vacancy, both EAM1 and EAM2 closely reproduce the
DFT values, while BOP underestimates and overestimates the
binding for H and He, respectively. The migration energy for
H is well reproduced by all potentials, but the one for He is
only reproduced by EAM1 and EAM2, and underestimated by
BOP by a factor three.
In figures 1–3 the binding energy between H–H, He–He
and H–He pairs as a function of separation distance is
plotted as calculated by DFT and the potentials. The
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Figure 2. Comparison of the He–He binding energy as a function of
distance as calculated by DFT and the potentials.
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Figure 3. Comparison of the H–He binding energy as a function of
distance as calculated by DFT and the potentials.
considered configurations are taken from [14] and only the
final distance between the pairs is considered. As with both
DFT and the potentials the distance between H and He pairs
changes considerably during atomic relaxation, a comparison
of binding energy with distance is more sensible than a
3
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Figure 4. Binding energy of a H in a VHlHem cluster as calculated by (a) DFT, (b) EAM1, (c) EAM2 and (d) BOP.
one-to-one comparison between the specific configurations.
Taking DFT as the reference, He–He and He–H attract
with maximum values of 1.03 eV and 0.20 eV, respectively,
while H–H pairs repel with a maximum of −0.47 eV. This
behaviour is qualitatively reproduced by all potentials and also
quantitatively by EAM1. Both BOP and EAM2 have a too
long interaction range for H–H pairs, underestimate the He–
He attraction and overestimate (BOP) the H–He binding or
underestimate (EAM2) the H–He interaction range.
In figures 4 and 5 the binding energy of a H and He atom
to VHlHem clusters calculated by the potentials and DFT [14]
is compared. The DFT results show that He is bound stronger
than H to the same VHlHem cluster by roughly a factor four.
For both H and He, the binding energy slightly decreases
with increasing cluster size. For EAM1, the values for the
binding energy are within the DFT range, but with increasing
He content, the binding of He to the cluster does not decrease.
For EAM2, the values for the binding energy are also within
the DFT range, and qualitatively, also the binding energy
decreases with cluster size. For BOP, the binding energy for H
is overestimated by about a factor two, but for He, on the other
hand, the values lay within the DFT range. Qualitatively, BOP
reproduces the decrease in binding energy with cluster size.
4. Binding energy of VHlHem clusters
From the results presented in section 3 with respect to
VHlHem clusters, EAM2 seems the most suitable to extend
the calculations to VHlHem clusters. In figure 6, the data as
calculated by molecular dynamics (MD) is presented as scatter
for clusters containing 2, 4 and 6 vacancies. For both inter-
and extra-polation purposes, we have fitted a 3D hyper surface
based on a LTD model to represent the data, as detailed in
appendix B. From this function, all sequential binding energies
can easily be derived. Projections for clusters containing 2,
4 and 6 vacancies are superposed in figure 6. The average
deviation between raw data and fitted surface is ∼10%, which
is acceptable for a simple LTD model.
As an additional validation of the model, we show the
binding energy of a He atom to a VHem cluster (figure 7(a))
and of a H atom to a VHl and VHeHl cluster (figure 7(b))
computed with the LTD model, DFT and EAM2. For VHem,
the LTD model slightly overestimates the DFT and EAM2
results, but agreement is nevertheless satisfactory. For VHeHl
and VHl , the difference between the DFT data sets (and EAM2
data sets) is negligible. This trend is followed by the LTD
model, although the values are somewhat underestimated.
Considering all approximations, we find the LTD model
satisfactory and this enables to extrapolate to larger VkHlHem
clusters.
In figure 8 we present the dissociation energy of a V, H
and He in a VHHe cluster as a function of xH and xHe for the
limiting cases of clusters containing two (figure 8(a)) and 12
(figure 8(b)) vacancies. The dissociation energy was obtained
in the standard way as the sum of the sequential binding energy
of a V/H/He atom to the cluster and its migration energy.
For a vacancy the sequential binding energy is obtained as,
4
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Figure 5. Binding energy of a He in a VHlHem cluster as calculated by (a) DFT, (b) EAM1, (c) EAM2 and (d) BOP.
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Figure 6. Total binding energy of VHHe clusters as a function
of hydrogen- and helium-vacancy ratio (xH, xHe) for clusters
containing two, four and six vacancies.
Etotb (VkHlHem)−Etotb (Vk−1HlHem), with similar expressions
for H and He. As values for the migration energy we used
the ones provided by the potential (Em (V ) = 1.85 eV)
[13], which is within the range of experiments and DFT
calculations [13].
We observe that for both limiting cases the binding energy
of H is lower than that of a V or He for all xH and xHe
combinations, consistent with the single vacancy case (see
figures 4 and 5). This implies that any VHHe cluster formed
in W will first release all H before releasing a He or V.
For VHe clusters, an optimum xHe exists above which He
dissociates from the clusters and below which a V dissociates
from the cluster. This optimum, indicated by the dashed line in
figures 8(a) and (b), depends slightly on xH and the number of
vacancies in the clusters. The optimum point slightly increases
with increasing xH and saturates from ∼2 for two vacancies
to ∼1 for six vacancies and more. In addition, the sequential
binding of H to a cluster decreases with increasing number
of vacancies while the sequential binding of He to the cluster
increases with the number of vacancies. For the sequential
binding energy of a vacancy the slope of the surface gets steeper
with increasing number of vacancies.
5. Conclusions
We have developed two versions of a EAM potential for large
scale atomistic simulations in the ternary W–H–He system.
Both potentials reproduce key interactions between H, He and
point defects calculated by DFT. We applied the potentials
to compute the dissociation energy of various VHHe clusters
of nano-metric size and parameterize a simple liquid-tear drop
model applicable to up-scale mean field or kinetic Monte Carlo
simulations. The obtained results show that the dissociation
of mixed VHHe clusters primarily takes place by emission
5
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Figure 8. Dissociation energy for a V, H and He from VHHe clusters as function of hydrogen- and helium ratio (xH, xHe) for a cluster
containing (a) two and (b) twelve vacancies.
of H, whose trapping energy is not essentially changed by the
presence He in the clusters. Hence, the H–He interaction does
not affect the thermal stability of H in the vacancy-stabilized
H–He clusters. Therefore we conclude that the origin of
the H–He synergy expressed by the enhanced H uptake
should be investigated at the stage of the nucleation of H–He
defects.
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Appendix A. Parameterization interatomic potential
The atomic interactions are described using the EAM [37].
In addition to pair interactions, V , this approach includes an
embedding energy, F , dependent on the local electron density,
ρ. The latter term approximates the many-body contribution
of all nearby atoms. The total energy within EAM is given as,
E = 1
2
N∑
i, j = 1
j = i
Vti tj (rij ) +
N∑
i=1
Fti (ρi). (A1)
Here N represents the total number of atoms in the system,
rij is the distance between atoms i and j , and ti denotes
chemical species. The local electron density around atom i,
Table A1. Spline coefficients for the modified embedding function,
Fmod.
Spline coefficient
A0 = −5.524855802E + 00
A1 = 2.317313103E − 01
A2 = −3.665345949E − 02
A3 = 8.989367404E − 03
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Table A2. The optimized fitting parameters for the WHeH potentials.
EAM1 EAM2
k rk (Å) ak (eV Å−3) rk (Å) ak (eV Å−3)
VHeHe
1 2.000000000E + 00 2.106615791E + 00 1.800000000E + 00 2.000000000E + 01
2 3.000000000E + 00 −2.217639348E − 01 2.000000000E + 00 1.051327582E + 00
3 2.100000000E + 00 −4.000000000E + 00
4 3.000000000E + 00 3.203322671E − 02
VHH
1 2.000000000E + 00 4.862785907E − 01 1.600000000E + 00 4.000000000E + 01
2 3.000000000E + 00 1.018797872E − 01 2.000000000E + 00 2.315124670E − 01
3 2.200000000E + 00 −2.000000000E − 01
4 3.000000000E + 00 5.180584543E − 02
VHHe
1 1.800000000E + 00 1.500000000E + 01 2.000000000E + 00 3.256370012E + 00
2 2.000000000E + 00 2.563700119E − 01 2.500000000E + 00 −4.000000000E − 01
3 3.000000000E + 00 −4.489510592E − 02 3.000000000E + 00 −4.489510592E − 02
VWHe
1 1.900000000E + 00 2.100000000E + 01 1.900000000E + 00 0.000000000E + 00
2 2.200000000E + 00 8.565323293E − 01 2.000000000E + 00 1.400000000E + 01
3 3.500000000E + 00 2.750099819E − 01 2.200000000E + 00 −3.712116187E + 00
4 3.500000000E + 00 3.105031456E − 01
VWH
1 2.000000000E + 00 1.375733214E + 01 2.000000000E + 00 4.424459079E + 01
2 3.000000000E + 00 1.296071475E − 01 2.647500000E + 00 −4.993477782E + 00
3 3.295000000E + 00 1.461712984E + 00
contributed from its neighbours is given as,
ρi =
N∑
j = 1
j = i
ϕtj (rij ), (A2)
whereϕ denotes the electron density function of the considered
element.
For pure W, ‘EAM2’ developed by Marinica et al [11]
was used. However, we apply some minor modifications that
do not modify the potential’s properties but exclude possible
future problems when W is alloyed (with e.g. Ta, Re, . . . ).
Firstly, we transform the potential into its effective gauge
[17, 38], characterized by an equilibrium density ρ0 = 1 and
F eff
′
(1) = 0. The gauge transformation is given as,


V eff(r) = V (r) − 2C ϕ(r)
ϕeff(r) = S ϕ(r)
F eff (ρ) = F ( ρ
S
)
+ C
S
ρ
, (A3)
with C = 1.848055990E + 00 and S = 2.232322602E − 01.
After this transformation, the embedding function, F eff , was
modified beyond the inflection point to provide a positive
curvature for all densities. The modified embedding function,
Fmod, is then defined as,
Fmod (ρ) =
{
F eff (ρ) , ρ 6 ρi
A0 + A1 ρ + A2 ρ
2 + A3 ρ
3, ρ > ρi
,
(A4)
with ρi = 1.359141225E + 00 the inflexion point and {Ai}
spline coefficients (see table A1) fitted to be continuous at ρi
up to second derivative with F eff . This modification does not
change the equilibrium properties of the potential, such as,
elastic constants, lattice stabilities, formation energy of point
defects and dislocation core structure.
The pair potentials fitted here are parameterized by the
cubic spline expansion,
V(r) =
N∑
k=1
ak (rk − r)3 H(rk − r), (A5)
where N denotes the total number of knots, rk the knots, ak
the fitting parameters and H the Heaviside unit step function.
The embedding function for H (EAM2) is parameterized as,
F (ρ) = A√ρ + Bρ2, (A6)
with A = −2.610066441E + 01 and B = 4.688963869E −
01. The optimized knots and fitting parameters for the pair
potentials are given in table A2. We note that for both H and
He no density function is defined, i.e. only W adds to the
electron density at a given site and there is no contribution to
it by H or He.
Appendix B. Parameterization of the total binding
energy of VkHlHem clusters
The total binding energy of VkHlHem clusters was
parameterized by a mixture of a LTD model and Redlich–
Kister (RK) expansion. The LTD model consists of two terms:
one proportional with volume, expressing the energy gain
of the defects clustering together; and one proportional with
interface area, expressing the energy loss due to the interface
created between matrix and defect cluster. A RK expansion is
7
J. Phys.: Condens. Matter 26 (2014) 485001 G Bonny et al
Table B1. Optimized parameters for the LTD model.
LTD model parameters
AV = 4.524241E + 00 BV= 5.985280E + 00 L0VH = −3.727769E − 02
AH = −7.277276E − 01 BH = −2.235115E + 00 L0VHe = 2.659537E − 01
AHe = 2.591062E + 00 BHe = −2.592230E + 00 L0HHe = −9.119871E − 03
commonly used to parameterize free energy surfaces of solid
solutions in thermodynamic modelling. It accounts for the
interactions between the different defect types. In our model
we included binary interactions only as the inclusion of ternary
interactions did not improve the fit. Applying both models, the
total binding energy of a VkHlHem clusters is given as,
Etotb (VkHlHem) = AV k − BV k2/3 + AH l − BH l2/3 + AHe m
−BHe m2/3 + L0VH k l + L0VHe k m + L0HHe l m.
(B1)
The optimized parameters for this expression are given in
table B1.
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Abstract
Tungsten and tungsten-based alloys are the primary candidate materials for
plasma facing components in fusion reactors. The exposure to high-energy
radiation, however, severely degrades the performance and lifetime limits of
the in-vessel components. In an effort to better understand the mechanisms
driving the materials’ degradation at the atomic level, large-scale atomistic
simulations are performed to complement experimental investigations. At the
core of such simulations lies the interatomic potential, on which all subsequent
results hinge. In this work we review 19 central force many-body potentials
and benchmark their performance against experiments and density functional
theory (DFT) calculations. As basic features we consider the relative lattice
stability, elastic constants and point-defect properties. In addition, we also
investigate extended lattice defects, namely: free surfaces, symmetric tilt grain
boundaries, the 1/2〈1 1 1〉{1 1 0} and 1/2〈1 1 1〉 {1 1 2} stacking fault energy
profiles and the 1/2〈1 1 1〉 screw dislocation core. We also provide the Peierls
stress for the 1/2〈1 1 1〉 edge and screw dislocations as well as the glide path
of the latter at zero Kelvin. The presented results serve as an initial guide and
reference list for both the modelling of atomically-driven phenomena in bcc
tungsten, and the further development of its potentials.
Keywords: tungsten, interatomic potential, dislocation
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1. Introduction
Tungsten (W) and tungsten-based alloys are the primary candidate materials for plasma
facing components in fusion reactors. In the demonstration power plant (DEMO) and
commercial reactors these materials will be exposed to unprecedented and unexplored
irradiation conditions. The exposure to high-energy radiation (neutron damage, helium
and hydrogen high temperature/flux plasma) severely damages the microstructure of the
materials by violently displacing atoms from their lattice and thereby creating vacancy clusters,
dislocation loops, voids and even microscopic bubbles. All the above mentioned radiation-
induced processes cause profound macroscopic property changes that severely degrade the
performance and lifetime limits of the in-vessel components [1].
In an effort to better understand the mechanisms driving the microstructure and
embrittlement, material modelling is applied to complement experimental investigations [2, 3].
Among different modelling tools, large-scale atomistic simulations such as molecular dynamics
(MD) are employed to investigate the mechanisms of plasticity [4–6] and primary damage
creation [7–10]. At the core of such simulations lies the interatomic potential, which enables
computation of the forces between interacting atoms. Currently, for tungsten more than 30
different interatomic potentials are available in the literature in the form of pair potentials [11–
14], many-body central force potentials [15–31] and its empirical modification [32], bond
order potentials [33–36], modified embedded atom method potentials [37–39] and fourth
moment tight binding potentials [18, 40, 41]. Each potential comes with its strengths and
weaknesses. Since all results hinge on the quality of the interatomic potential, it is important
that its properties are well understood. Given the vast number of available potentials, a review
summarizing their basic properties is in order.
In this work we focus on the many-body central force formalism, which offers a good
compromise between transferability/predictability and computational speed, especially when
it comes to large-scale finite-temperature simulations. The many-body central force framework
was developed independently under the forms: ‘embedded atom method’ (EAM) [42], ‘Finnis–
Sinclair formalism [15]’ and ‘glue model [43, 44]’. We review the properties of 19 such
potentials for W found in the literature [15–31]. As basic features we consider relative lattice
stability, elastic constants and point-defect properties, which are all benchmarked against
experimental data and density functional theory (DFT) calculations. In addition, we investigate
extended lattice defects, namely: free surfaces, symmetric tilt grain boundaries, the 1/2〈1 1 1〉
{1 1 0} and 1/2〈1 1 1〉 {1 1 2} stacking fault energy profiles and the 1/2〈1 1 1〉 screw dislocation
(SD) core. We also provide the Peierls stress for 1/2〈1 1 1〉 edge and SDs as well as the glide
path of the latter at zero Kelvin.
2. Methods
A considerable amount of information on the properties of W is already available in the
literature; however, we have used additional DFT calculations to extend the database for
several defects not yet described in the open literature.
The DFT calculations were performed using the Vienna ab initio simulation package
(VASP) [45, 46]. VASP is a plane-wave DFT code that implements the projector augmented
wave (PAW) method [47, 48]. Standard PAW potentials supplied with VASP were used
with the Vosko–Wilk–Nusair parameterization [49] for the local density approximation
(LDA) combined with the Perdew–Wang [50] parameterization for the generalized gradient
approximation (GGA) correction. A potential with six valence electrons was used and the
plane wave cut-off was set to 450 eV. Brillouin zone sampling was performed using the
2
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Table 1. Details of the calculation set-up for the different DFT and EAM calculations.
DFT EAM
Size Size
Configuration PeriodicityNatoms (a30) k-points PeriodicityNatoms (a30)
Bulk 3D 128 4.0 × 4.0 × 4.0 7 × 7 × 7 3D 2000 10.0 × 10.0 × 10.0
Free surface 2D 2D
{1 0 0} 252 3.0 × 3.0 × 18.7 5 × 5 × 1 2000 10.0 × 10.0 × 10.0
{1 1 0} 144 21.7 × 2.4 × 1.7 1 × 7 × 9 2016 9.9 × 9.8 × 10.4
{1 1 1} 288 4.2 × 4.9 × 11.6 3 × 1 × 1 2016 9.9 × 9.8 × 10.4
{1 1 2} 144 2.8 × 14.5 × 2.6 5 × 1 × 6 2016 9.9 × 9.8 × 10.4
γ -surface 2D 2D
cut
1/2〈1 1 1〉 {1 1 0} 60 18.9 × 2.4 × 0.9 1 × 7 × 11 6300 21.2 × 12.2 × 12.1
1/2〈1 1 1〉 {1 1 2} 90 1.4 × 41.5 × 0.9 9 × 1 × 9 3780 12.7 × 12.2 × 12.1
Grain 3D 2D
boundary
3〈1 1 0〉 {1 1 1} 72 1.4 × 2.4 × 10.6 9 × 5 × 1 2304 5.6 × 7.3 × 27.8
3〈1 1 0〉 {1 1 2} 96 2.8 × 1.7 × 9.9 7 × 9 × 1 1632 5.6 × 5.2 × 28.0
5〈1 0 0〉 {0 1 3} 120 1.0 × 3.2 × 19.2 9 × 5 × 1 3120 9.0 × 12.6 × 22.1
11〈1 1 0〉{1 1 3} 112 1.4 × 6.6 × 6.1 9 × 1 × 1 4032 5.6 × 9.9 × 28.0
9〈1 1 0〉{1 1 4} 192 1.4 × 8.5 × 8.2 9 × 1 × 1 3600 5.6 × 12.7 × 28.1
9〈1 1 0〉{2 2 1} 160 1.4 × 6.0 × 9.7 9 × 1 × 1 2856 5.6 × 9.0 × 28.2
19〈1 1 0〉 {3 3 1} 308 1.4 × 8.7 × 12.7 9 × 1 × 1 5040 5.6 × 13.0 × 28.2
〈1 1 1〉 atomic 3D 36 4.2 × 4.9 × 0.9 3 × 2 × 9 3D 2160 14.1 × 14.7 × 5.2
row
displacement
Dislocation 1D 2D
1/2〈1 1 1〉 108 10.0 × 8.8 × 0.9 1 × 1 × 12 18144 49.5 × 49.0 × 5.2
screw
1/2〈1 1 1〉 NA NA NA 22662 49.5 × 7.3 × 86.6
edge
Monkhorst–Pack scheme, where the k-point meshes differ depending on the box size and
are given in table 1. Finite-temperature smearing was obtained following the Methfessel–
Paxton method with a smearing width of 0.3 eV. The ionic relaxation was performed using the
conjugate gradient optimization scheme with a force convergence criterion of 0.03 eV Å−1.
The EAM calculations were performed using a standard MD code. The ionic relaxation
was performed using the conjugate gradient optimization scheme, a quenching relaxation
scheme or a combination of both, with an accuracy of 1 meV on the total energy.
The specifics of box size and boundary conditions depend on the calculated property
and are summarized in table 1. The bulk properties and {1 0 0} free surface energy were
calculated using a simulation box with principal axes oriented along the [1 0 0], [0 1 0] and
[0 0 1] directions. For all other properties the principal axes of the simulation box were oriented
along the [1 1 0], [1¯ 1 2] and [1 1¯ 1] direction, except for grain boundary (GB) calculations,
which all have different orientations of the axes depending on the GB type (see below).
In the present work all values for the binding energy of a configuration containing the
objects Xi is defined as,
Eb (X1 . . . Xn) =
∑
i
E(Xi) −
[
E
(∑
i
Xi
)
+ (n − 1) Eref
]
, (1)
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where Eref is the energy of the super cell without any objects (bcc W), E(Xi) is the energy
of the supercell containing the single object Xi , and E
(∑
i Xi
)
is the energy of the super cell
containing all interacting objects. Within this definition positive values of Eb denote attraction.
The surface energy for a (klm) free surface, γ(klm), is given as,
γ(klm) = E(klm) − Natoms Ecoh2 S , (2)
with E(klm) the total energy of the crystal with free surfaces, Natoms the number of atoms in the
box, Ecoh the cohesive energy of the perfect crystal, and S the area of the free surface.
The stacking fault energy, γSF, in the γ -line profiles was calculated as,
γSF = ESF − Natoms Ecoh
S
− 2 γFS, (3)
with ESF the total energy of the crystal with stacking fault and γSF the free surface energy as
calculated from equation (2).
The investigated GBs were prepared considering mirror symmetry for bi-crystals. The
principal axes of the crystals x, y and z correspond to the tilt axis, GB axis and normal to GB
plane, respectively. The initial separation between two layers belonging to different grains was
set as equal to that inside the grains. In the DFT calculations 3 D periodic super cells were used
and the GB energy, γGB, was calculated following equation (2), where E(klm) was replaced by
the total energy of the crystal containing the GB. In the EAM calculations 2D periodic super
cells along the x and y directions were used. Free surfaces were applied perpendicular to the
GB plane so the optimal spacing between the two grains was achieved automatically during
the relaxation procedure. In this case, γGB was calculated following equation (3), where ESF
was replaced by the total energy of the crystal containing the GB.
For the study of dislocation properties, the principal axes x, y and z of the bcc crystal
were oriented along the [1 1 0], [1¯ 1 2] and [1 1¯ 1] directions, respectively. All studies were
performed using ionic relaxation at zero Kelvin. The dislocation core structure was analysed
using Vitek differential displacement maps [51]. In the DFT calculations a cylindrical crystal
with periodic boundary condition along the dislocation line (created along the cylinder axis)
was applied. The 40 atoms forming the outer surface of the cylinder were fixed to avoid the
restoration to the perfect crystal upon relaxation. In the EAM calculations we employed the
simulation model developed by Osetsky and Bacon [52]. The initial straight edge dislocation
(ED) or SD with yz slip plane was created along the y or z direction with the Burgers vector
b = 1/2[1 1 1] parallel to z. Standard periodic boundary conditions were applied along the
y and z directions for the ED, while modified periodic conditions (with b/2 shift along the
y direction, as proposed by Rodney [53]) were applied for the SD. The simulation box was
divided into three parts along x. The upper and lower parts consist of several atomic planes in
which atoms were rigidly fixed in their original positions, whereas atoms in the ‘inner’ region
were free to move during the ionic relaxation cycles. A glide force on the dislocation was
generated by the relative displacement of the rigid blocks in the z direction, corresponding
to a simple shear strain, εxz. The corresponding resolved shear stress induced by the applied
deformation was calculated as τ = Fz/Syz, where Fz is the total force in the z direction on
the lower outer block resulting from all atoms in the inner region, and Syz is the area of the yz
cross section of the box. The force, Fz, was computed after relaxation of the crystal so that
the maximum force acting on any ‘inner’ atom in the system did not exceed 1 meV Å−1. It
was verified that the chosen parameterisation, i.e., box size and relaxation criterion, provides
full convergence of the results with a tolerance in the Peierls stress of ∼2 MPa. In addition
to the numerical output, we have visualized the evolution of the dislocation core position
and structure, using a combination of common neighbour analysis and potential energy [53].
4
Modelling Simul. Mater. Sci. Eng. 22 (2014) 053001 Topical Review
Table 2. Nomenclature and remarks on the investigated many-body central force
potentials.
Abbreviation Reference Remark
FS Finnis and Sinclair, 1984 [15]
AT Ackland and Thetford, 1987 [16] Minor upgrade in short
range part FS
JO Johnson and Oh, 1989 [17]
FOI Foiles, 1993 [18]
WB Wang and Boercker, 1995 [19] Fcc more stable than bcc
ZWJ Zhou et al 2001 [20]
KLL Kong et al 2002 [21]
GKL Gong et al 2003 [22] Fcc more stable than bcc
ZSG Zhang et al 2004 [23]
ZKG Zhang et al 2004 [24] Identical to ZSG except for
0.02 Å in cut-off range
ZSY Zhang et al 2005 [25] Fcc more stable than bcc
DLK Dai et al 2007 [26]
DND Derlet et al 2007 [27]
BND Bjo¨rkas et al 2009 [28] Stiffened version of DND
JW Juslin and Wirth, 2013 [29] Minor upgrade in short range
part AT and stiffening
MVG1 ‘EAM-2’ of Marinica et al 2013 [30]
MVG2 ‘EAM-3’ of Marinica et al 2013 [30]
MVG3 ‘EAM-4’ of Marinica et al 2013 [30]
WZL Wang et al 2014 [31]
The latter allowed us to establish the mechanism of dislocation movement and to identify the
glide plane under [1 1 1] (11¯0) pure shear load.
3. Literature study
In this section we describe all many-body central force type potentials that are considered in
the present work. We also correct some typographical errors found in the respective papers
and report upon properties that we could not reproduce. For convenience, an overview of
nomenclature of all considered potentials is given in table 2.
The first potential considered here is the one developed by Finnis and Sinclair (FS) [15]
in 1984. The latter work in fact concerns the development of a new many-body central force
potential formalism, namely, the so called ‘Finnis–Sinclair’ formalism. As an application,
potentials for the bcc transition metals were fitted to the experimental lattice parameter,
cohesive energy, elastic constants and vacancy formation energy.
In 1987 the same potential was modified in the short range region by Ackland and Thetford
(AT) [16] to predict a more realistic pressure–volume relationship. Given the small changes
induced by this modification, all properties obtained for FS are also valid for AT, unless
explicitly stated otherwise.
In 1989 Johnson and Oh (JO) [17] developed an analytical parameterization and
fitting methodology within the EAM for bcc transition metals. The potentials were fitted
to the same experimental properties as FS. We note that although we find the reported
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lattice parameter and cohesive energy, we could not reproduce the elastic constants (see
table 3).
In 1993 Foiles (FOI) [18] developed ‘fourth moment’ Finnis–Sinclair type potentials and
EAM ones for W and Mo. The latter were developed as a benchmark for the fourth moment
ones. The EAM potentials were fitted to the same experimental properties as FS. In his paper
we found a typographical error in the cut-off function that should read: x3(6x − 15x + 10).
In addition, the cut-off distance was not defined for the pair potential, which we chose to be
3.5 Å. The latter distance is close to the zero cross-over of the pair potential function. As a
peculiarity of the potential, we remark that at zero density the embedding function has a value
of −5.16 eV, whereas this value is generally 0 eV.
In 1995 Wang and Borcker (WB) [19] provided EAM-like parameterizations for bcc
transition metals with an emphasis on the reproduction of experimental phonon spectra. This
was realized by the introduction of Friedel oscillations in the density function. To avoid
the possibility of a negative density due to those oscillations, the total density is biased by
an additive constant and therefore the latter is formally not of EAM-type. Nevertheless,
we tested the reported parameterization and could reproduce the reported lattice parameter
(a0 = 3.16259 Å) and cohesive energy (Ec = 8.6588 eV) for the bcc lattice. However,
we found the fcc lattice with lattice parameter (a0 = 4.06877 Å) and cohesive energy
(Ec = 8.7276 eV) to be more stable, in contrast to the claims in the paper. Therefore the
latter potential was not considered any further in the present review.
In 2001 Zhou et al (ZWJ) [20] developed a set of interatomic potentials for 16 transition
metals and their binary alloys. The potentials for the pure elements were fitted to the same
properties as FS and the alloys were fitted to the heats of solution. Although the provided
parameterizations are complete, we could not retrieve any references with respect to the target
data used to fit the potentials.
In 2002 Kong et al (KLL) [21] developed a potential for the WCu system to study bcc/fcc
interfacial reactions. The potential for W was fitted to the same experimental properties as
FS. We remark on a typographical error in the reference to the experimental work reported
in table I of the paper: reference “[14]” should read “[9]” instead. The latter reference refers
to the work of Finnis and Sinclair [15], but we note that for the vacancy formation energy
the calculated value from table 2 of the latter work was used as a fitting target instead of
the experimental value. Finally, we note that although we can reproduce the reported lattice
constant and cohesive energy, the elastic constants cannot be reproduced (see table 3).
In 2003 Gong et al (GKL) [22] also developed a potential for the WCu system to
study glass formation. In the paper we found a typographical error in formula (7), which
must read: ka = 4.5{1 + 4/[ 2C44(C11−C12) − 0.1]}. We tested the corrected parameterization and
could reproduce all reported values, i.e., lattice constant (a0 = 3.16475 Å), cohesive energy
(Ec = 8.6600 eV) and elastic constants (C11 = 533 GPa, C12 = 205 GPa and C44 = 163 GPa).
However, we found the fcc lattice with lattice parameter (a0 = 4.07815 Å) and cohesive energy
(Ec = 8.6719 eV) to be more stable than the bcc one. Therefore the latter potential was not
considered any further in the present review.
In 2004 two binary potentials were developed by Zhang et al [23, 24]. The first one
(ZSG) [23] was developed in the framework of the study of metastable phases in the AgW
system. The second one (ZKG) [24] focussed on glass formation in the CuW system. Both W
potentials were fitted to the same experimental properties as FS and only differ by 0.02 Å in
the cut-off distance. Despite this small difference, both potentials lead to equivalent results.
Therefore all results reported for ZSG are also valid for ZKG unless explicitly stated. We
remark that we could not retrieve the reported target values for cohesive and vacancy formation
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Table 3. Comparison between experiments, DFT and potentials with respect to the lattice
parameter and cohesive energy of close packed lattices, elastic constants, formation
energy of different self-interstitial configurations, vacancy formation and migration
energy and binding energy of di-vacancies. The target data to which the potentials
were fitted are indicated by footnotes a. . .i.
Property Exp. DFT FS JO FOI ZWJ KLL ZSG DLK DND MVG1 MVG2 MVG3 WZL
a0 (bcc) (Å) 3.1652a,d,f,i 3.19 [67] 3.16520 3.16475 3.16347 3.16519 3.16500 3.16500 3.18356 3.16520 3.14000 3.18738 3.14339 3.16519
[54, 68, 69]
3.16475b,c [70] 3.172 [72]
3.1648h [71] 3.14 [73]
3.178j
a0 (fcc) (Å) 4.054h [67] 3.92700 4.11944 4.1193 4.12194 4.05534 4.11222 3.77264 3.98946 4.05340/ 4.19954/ 4.05339/ 3.97810
3.79258 3.82918 3.79588
4.025 [72]
4.029j
Ec (bcc) (eV) 8.90a,d,f,h,i 8.48 [72] 8.9000 8.6600 8.8598 8.7590 8.9000 8.6600 8.4003 8.9000 8.9000 8.8992 8.9000 8.8999
[54, 71]
8.66b,c [57] 9.97 [73]
9.89 [68]
Ec (fcc) (eV) 8.43h,m [67] 8.7454 8.6045 8.8557 8.5969 8.8069 8.6067 7.9088 8.8476 8.4300/ 8.4456/ 8.4300/ 8.8080
8.5272 8.5362 8.5161
8.37m [74]
8.42m [26]
8.41m [72]
Ec (hcp) (eV) 8.34n [26] 8.7454 8.6045 8.8557 8.5969 8.8069 8.6067 7.8601 8.8476 8.5624 8.5445 8.5605 8.8080
C11 (GPa) 522a,b,c,d,f 488 [67] 523 503 543 524 679 533 531 524 523 474 523 523
[56, 75]
533l [54] 517 [66]
523h,k 526 [79]
[54, 71, 76]
529 [77] 515 [64]
521i [78]
C12 (GPa) 204b,c [56, 75] 200 [67] 205 185 215 205 361 205 188 205 203 192 202 205
205a,d,f,k,l 203 [66]
[54, 76]
203h [71] 194 [79]
209 [77] 197 [64]
202i [78]
C44 (GPa) 161a,b,c,d,f,k 137 [67] 161 161 163 161 161 163 147 161 160 148 161 161
[54, 56, 75, 76]
163l [54] 139 [66]
160h,i [71, 78] 146 [64, 79]
162 [77]
Ef 〈1 1 1〉 (eV) 9.55f,g,i 8.87◦ , 8.05 8.48 10.55 16.21 12.22 9.32 9.48 10.40 10.15 10.40 9.48
[80] 9.52p,
10.53h 7.81
[67]
10.44 [67]
9.82 [81]
10.09 [79]
9.73j
Ef 〈1 1 0〉 (eV) 9.84f,g,i 9.62o, 7.77 7.95 9.70 16.22 10.78 8.53 9.78 10.86 10.99 10.89 9.81
[80] 10.19p,
10.82h 8.45
[67]
10.79 [67]
10.10 [81]
10.55 [79]
10.04j
Ef 〈1 0 0〉 (eV) 11.49f,g,i 9.80o, 9.35 9.58 12.20 16.00 14.85 9.05 11.34 12.93 11.32 12.81 11.41
[80] 10.30p,
12.87 h 8.66
[67]
11.74 [81]
12.20 [79]
11.74j
Ef (Octa) (eV) 11.68f,g 9.98o, 9.46 10.71 12.02 20.95 14.90 9.04 11.57 12.73 11.11 12.62 11.59
[80] 10.41p,
13.11h 8.87
[67]
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Table 3. (Continued.)
Property Exp. DFT FS JO FOI ZWJ KLL ZSG DLK DND MVG1 MVG2 MVG3 WZL
Ef (Tetra) (eV) 11.05f,g,i 9.97o, 8.78 9.22 11.52 14.28 13.77 9.12 10.92 12.01 11.39 11.95 10.86
[80] 10.47p,
12.47h 8.82
[67]
Ef (Vac) (eV) 3.15a,d [82] 3.56f,g,i 3.63, 3.55 3.28 3.58 3.42 3.57 3.48 3.56 3.49 4.36 3.82 3.57
[80] 3.71p
3.95b,c 3.49h [67]
[58–60]
3.5 [71] 3.25 [67]
4.1 [71] 3.23 [67]
3.54 [67]
3.67 ± 0.2 [83] 3.20 [21]
4.0 ± 0.3 [58] 3.34 [85]
3.76 ± 0.39 [84] 3.06j
Em (Vac) (eV) 1.7 [71] 1.78 [67, 80] 1.45 1.95 2.25 1.90 1.97 2.29 1.77 2.07 1.85 0.99 1.84 1.43
2.0 [71] 1.66 [81]
1.78 ± 0.1 [83] 1.71 [85]
1.65 [21]
1.68j
Eb(V-V) 1nn (eV) 0.7 [86] 0.41 [27] 0.43, 0.31 0.27 0.37 0.36 0.31 0.37 0.57 0.49 0.46 0.52 0.44
0.01 0.47p
[79]
0.03 [79]
−0.09 [67]
−0.03 [67]
−0.04 [67]
−0.06 [81]
0.05 [87]
−0.18j
Eb (V-V) 2nn (eV) 0.19 0.40, 0.47 0.43 0.46 0.38 0.45 0.37 0.37 0.38 0.61 0.45 0.39
[27] 0.41p
−0.19 [79]
−0.37 [79]
−0.41 [67]
−0.47 [67]
−0.44 [67]
−0.40 [81]
−0.27 [87]
−0.49j
a Target data FS.
b Target data JO.
c Target data FOI.
d Target data KLL.
e Target data ZSG.
f Target data DND.
g Target data JW.
h Target data MVG1, MVG2 and MVG3.
i Target data WZL.
j DFT data obtained in this work.
k Data obtained at 300 K [54].
l Extrapolated data to 0 K [54].
m Experimental value for bcc (8.90 eV) augmented by the DFT calculated energy difference between fcc and bcc.
n Experimental value for bcc (8.90 eV) augmented by the DFT calculated energy difference between hcp and bcc.
oAT.
pJW.
energy from the quoted references, which are [54–56]. Instead, the reported target values
are consistent with [57] and [58–60] for the cohesive energy and vacancy formation energy,
respectively.
In 2005 Zhang et al (ZSY) [25] developed a potential for the ScW system to study the
formation of amorphous alloys by ion beam mixing. We could not reproduce the reported
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cohesive energy for the bcc lattice (Ec = 8.42 eV compared to a reported Ec = 8.66 eV). The
optimum lattice parameter and elastic constants for the bcc lattice, on the other hand, could be
reproduced. Moreover, we found that the fcc lattice with lattice parameter (a0 = 4.08256 Å)
and cohesive energy (Ec = 8.4432 eV) is more stable than the bcc one. Therefore the latter
potential was not considered any further in the present review.
In 2007, independently of each other, two potentials were developed. Dai et al (DLK) [26]
developed long-range Finnis–Sinclair type potentials for bcc transition metals to improve the
prediction of the relative stability between competing close packed lattices. The potentials were
fitted to the same experimental properties as FS. Derlet et al (DND) [27] developed potentials
for bcc transition metals in the framework of a DFT and classical MD study with respect to
the migration of interstitials. The potentials were fitted to the experimental lattice parameter,
cohesive energy and elastic constants. In addition, it was fitted to the DFT calculated formation
energy of the mono-vacancy and several self-interstitial configurations.
In 2009 the latter potential (and the one for molybdenum) (DND) was stiffened to the
Ziegler–Biersack–Littmark (ZBL) [61] function by Bjo¨rkas et al (BND) [28] to simulate
collision cascades in W (and Mo). The stiffening does not affect the equilibrium properties
of DND and therefore all obtained results for DND are also valid for BND, unless explicitly
stated.
In 2013 AT was further modified and stiffened by Juslin and Wirth (JW) [29] to study He
bubble formation in W. Besides the stiffening to the ZBL potential, the AT short range part was
modified to better fit the DFT calculated formation energy of self-interstitial configurations.
As most of the equilibrium properties remain unchanged compared to FS (and therefore also
AT), all properties obtained for FS are also valid for JW, unless explicitly stated.
In the same year, 2013, three potentials were developed by Marinica et al (MVG1, MVG2
and MVG3) [30] to model radiation defects and dislocations in W. The potentials themselves
represent refits of DND and are fitted to the same DFT data on lattice defects (as used for
DND), as well as to new DFT calculated forces from liquid state configurations (see for
example [62, 63]). In addition, the potentials were forced to provide a non-degenerate core
structure for a 1/2〈1 1 1〉 SD, as predicted by DFT [64–66]. We remark a typographical error
in table 1 of paper [30], where reference [42] must be replaced by [67] in the present paper.
We note that for MVG1 and MVG2 the reported elastic constants could not be reproduced (see
table 3).
In 2014 an additional potential was developed by Wang et al (WZL) [31]. The potential is
based on DFT calculations and focusses on self-interstitial defects and the thermal expansion
of W. We note a typographical error in table 2 of the paper: the parameters with and without
primes are switched.
4. Lattice stability, point-defects and elastic constants
In table 3 the lattice stability, elastic constants, interstitial and vacancy formation energy,
vacancy migration and di-vacancy binding energy calculated by the above selected potentials
is presented. In the same table, the obtained values are compared to DFT and experimental
data (target data to which the potentials were fitted are indicated by a . . .i).
Focusing on the lattice stability first, all potentials were fitted to the experimental or DFT-
obtained bcc lattice constants and cohesive energy, in particular, FS, KLL and DND were fitted
to [54], JO, FOI and ZSG to [57, 70], MVG1, MVG2 and MVG3 to [71], and WZL to [54, 69].
For ZWJ and DLK, however, no references regarding the target data were given. In addition to
the bcc data, MVG1, MVG2 and MVG3 were also fitted to the DFT-obtained fcc lattice constant
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Figure 1. The cohesive energy difference for the fcc lattice as a function of relative
lattice parameter variation calculated by both DFT and potentials.
and cohesive energy [30, 67]. We observe that all potentials and DFT data are in excellent
or satisfactory (<10% deviation) agreement with the experimental bcc lattice constant and
cohesive energy. Furthermore, for all potentials the bcc lattice is the ground state, compared
to other close packed structures such as fcc (Strukturbericht A1) and hcp (Strukturbericht A3).
We remark that the lattice constant and cohesive energy for the fcc lattice reported in [30]
for MVG1, MVG2 and MVG3 corresponds to a local minimum in the energy landscape, with
the global minimum about 0.1 eV lower. As shown in figure 1, the latter is an artefact of the
potentials as DFT data shows a single minimum for the fcc lattice. We note that only the latter
potentials exhibit this peculiarity.
With respect to the elastic constants, all potentials were fitted to experimental data, in
particular, FS, KLL and DND were fitted to [75], JO, FOI and ZSG to [56], MVG1, MVG2
and MVG3 to [71], and WZL to [78]. Note that for ZWJ and DLK no references for the
target data were provided. All potentials and DFT data, except for KLL, are in excellent or
satisfactory (<10% deviation) agreement with the experimental data. For KLL the deviations
for C11 and C12 reach 70%, while all reported DFT data are within 10% of the experimental
results.
Regarding the formation energy of self-interstitial configurations, all reported DFT data
suggest the 〈1 1 1〉 crowdion as the most stable configuration. This is respected by FS, AT, DND,
JW, MVG1, MVG2, MVG3 and WZL, while JO, FOI, ZWJ, ZSG and DLK predict the 〈1 1 0〉
dumbbell and KLL the 〈1 0 0〉 dumbbell as the most stable self-interstitial configuration. We
remark that only DND, JW, MVG1, MVG2, MVG3 and WZL were explicitly fitted to ensure
the appropriate order in the formation energy of the interstitial configurations, namely, DND,
JW and WZL to DFT data from [80] and MVG1, MVG2 and MVG3 to DFT data from [67].
All potentials were also fitted to the experimental or DFT calculated vacancy formation
energy. In particular, FS and KLL were fitted to [82], JO, FOI and ZSG to [58–60], DND
and WZL to [80], and MVG1, MVG2 and MVG3 to [67]. We note, that for ZWJ and DLK
no references regarding the target data were given. All potentials and DFT data are in good
agreement with experiments, providing results within the experimental range, i.e., 3.15–4.1 eV.
The vacancy migration barrier was not explicitly fitted for any of the potentials.
Nevertheless, all the potentials and DFT data, except for FS, FOI, ZSG, MVG2 and WZL, are
within 10% of the experimental range (1.7–2.0 eV). Besides the absolute value, the migration
barrier curvature followed by a migrating atom exchanging its position with a vacancy is also
10
Modelling Simul. Mater. Sci. Eng. 22 (2014) 053001 Topical Review
0.0 0.2 0.4 0.6 0.8 1.0
0.0
0.5
1.0
1.5
2.0
2.5
 DFT
FS 
JO
FOI 
ZWJ
KLL 
ZSG
DLK 
DND
MVG1 
MVG2
MVG3
WZL
E m
 
(eV
)
Reaction Coordinate (a.u.)
Figure 2. The vacancy migration energy path calculated by both DFT and the potentials.
of importance. In figure 2 we compare the vacancy migration energy path between DFT and
the potentials. The DFT curve shows a plateau (or shallow minimum) around the saddle point.
This specific shape is reproduced by JO, ZWJ, KLL, DND, MVG1, MVG2, MVG3 and WZL.
However, more important than this specific shape is the overall smoothness of the curve. We
note that in addition to the latter, FS and DLK exhibit a smooth curve, while FOI and ZSG
reveal unphysical humps.
With respect to the binding energy of the di-vacancy, the combined field-ion microscopy
and electrical resistivity experiments by Park et al [86] predict a strong binding (0.7 eV) and
suggest that the first nn configuration is the ground state for the di-vacancy. While all DFT data
indicate lower binding or stronger repulsion for the second nn di-vacancy complex compared to
the first nn configuration, only the study by Derlet et al [27] reports significant binding (0.41 eV)
for the first nn configuration. All other data suggests insignificant binding or repulsion. The
origin of the vacancy–vacancy repulsion in the second nn configuration is explained in [30]
in terms of the shape of the distribution of the local density of states near the Fermi level
obtained by DFT calculations. The latter is a purely quantum mechanical effect that is not
expected to be reproducible by empirical many-body central-force potentials. Indeed, DND,
JW, MVG1 and MVG3 predict the first nn configuration of the di-vacancy to be significantly
more stable than the second nn one. All other potentials, except for FS, AT, DLK and WZL that
provide similar binding for the two configurations, underestimate the experimental binding
energy.
5. Extended defects
5.1. Surface defects
In figure 3 we present the relative energy difference of several low index free surfaces, namely:
{1 0 0}, {1 1 1} and {1 1 2}, taking {1 1 0} as baseline, which has the lowest formation energy.
The presented DFT data sets give similar results, except for the {1 1 1} free surface that shows
a discrepancy of about 200 mJ m−2. As shown in the figure, all potentials predict the {1 1 0}
surface to be the most stable, consistent with DFT. With respect to the DFT trends, only
DND consistently predicts the highest formation energy for the {1 0 0} surface orientation.
In fact, the resulting curve from DND is also in good quantitative agreement with the DFT
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Figure 3. Free surface energy per unit area for various low index surface configurations.
Table 4. Reference value for the (1 1 0) free surface energy obtained from experiment,
DFT calculations and the potentials.
Property Exp. DFT FS JO FOI ZWJ KLL ZSG DLK DND MVG1 MVG2 MVG3 WZL
γ(1 1 0) 3250 [89] 3197a 2575 2600 2440 2566 2435 2629 2649 2402 2306 3096 2509 2402
(mJ m2)
3675 4005
[90] [88]
a DFT data obtained in this work.
data from [88]. Other potentials predict that the {1 1 1} surface requires the highest formation
energy. In table 4 we report the absolute values for the {1 1 0} surface as calculated by the
potentials and DFT [88], as well as the experimental data [89, 90]. While the DFT values
and results for MVG3 are within 10% of the experimental data range, the other potentials
remarkably underestimate the formation energy of the {1 1 0} surface.
In figures 4 and 5 we present the stacking fault energy for 1/2〈1 1 1〉 {1 1 0} and 1/2〈1 1 1〉
{1 1 2} shear, respectively, calculated by both DFT [91] and the potentials. The stacking
fault energy profiles (henceforth referred to as γ -line) provide information about the energy
landscape for the shear process of a perfect crystal in {1 1 0} and {1 1 2} atomic planes, and
can be used to compute the dislocation core structure and Peierls stress [92, 93]. As shown
in the figures, all DFT data predicts smooth curves with a single well-defined maximum. On
the γ -lines obtained using FOI, ZSG and DND we identify unphysical humps, while other
potentials provide a curvature in agreement with the DFT result. The saddle point in the
γ -lines predicted by JO, KLL, ZWJ, MVG1 and MVG3 is within 10% of the DFT data, in the
case of the 1/2 〈1 1 1〉 {1 1 0} shear. In the {1 1 2} plane, a good quantitative prediction (i.e.
within 10%) is achieved only by MVG1 and MVG3.
Comparison of the GB energies is presented in figure 6. All the potentials accurately
predict the energy of the 3〈1 1 1〉 {1 1 2} tilt boundary as compared to the DFT data. The
deviation from the DFT results is especially significant in the case of GBs with 〈1 1 0〉 tilt
axis. Indeed, these GBs reveal essential reconstruction of the atoms at the interface, which
apparently cannot be easily reproduced by the potentials. Regarding quantitative accuracy,
none of the potentials is capable of predicting the interface energy within 10% of all the DFT
data. FOI and ZSG reveal the strongest deviation from the DFT prediction. The appropriate
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Figure 4. Comparison between DFT and the potentials of the 1/2〈1 1 1〉 {1 1 0} stacking
fault energy profile.
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Figure 5. Comparison between DFT and the potentials of the 1/2〈1 1 1〉 {1 1 2} stacking
fault energy profile.
trend with respect to the order by which the interface energy depends on interface orientation
is adequately predicted only by MVG1, DND, FOI and ZWJ. This agreement, however, does
not imply that the structure of the GBs is also correctly predicted by these four potentials.
5.2. Line defects
Figure 7 presents the 1/2〈1 1 1〉 atomic row displacement energy curves, also known as inter-
row potential (IRP), calculated by both DFT and the interatomic potentials. The IRP provides
information with respect to the SD core structure and can be used to model its movement
(see, e.g., [94]). The DFT calculated IRP shows a wide plateau near the middle of the
reaction path, which is only reproduced by MVG2. While the curves for FOI, ZSG and
DND exhibit unphysical humps, the other curves show smooth behaviour with a well-defined
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single maximum. From all the smooth curves, only FS, MVG2 and WZL provide results
within 10% of the DFT data.
In table 5 we present the SD core structure, movement mechanism under the 〈1 1 1〉 {1 1 0}
shear load and the corresponding Peierls stress, calculated using the potentials. The Peierls
stress for a 1/2〈1 1 1〉{1 1 0} ED is also presented in table 5. The dislocation core structure
is visualized by means of differential displacement maps [51]. For all bcc transition metals,
and W in particular, DFT predicts a compact isotropic core structure for a 1/2〈1 1 1〉 SD
[64–66, 91, 95–98]. Consistent with DFT results, the compact core is reproduced by ZSG,
DLK, MVG (all), FOI and ZWJ. The three fold core structure is predicted by FS, JO, KLL,
DND and WZL. Note that FOI and ZSG fail to reproduce (even qualitatively) the DFT-predicted
γ -lines and IRP profile, but adequately describe the SD core structure. Hence, there is no
direct correlation between the shape of the IRP profile and SD core structure, although such
correlation has been speculated in the literature [99]. We note that similar calculations for FS,
ZWJ and MVG3 were performed in [100]. Except for ZWJ, which was found to exhibit a
degenerate core in [100], our results are in agreement with [100].
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Table 5. SD core structure, SD glide path and Peierls stress for ED and SD. The SD and
ED were generated and loaded in crystals so that the maximum resolved shear stress
(MRSS) was exerted in a {1 1 0} plane. EDs were always seen to glide in the MRSS
plane, i.e., {1 1 0} plane.
Mechanism of
Method Core structure SD movement τP screw τP edge
DFT Glide in {1 1 0} [66] 1.71 GPa [66]
FS Split & glide in {1 1 0} 3.98 GPa 38 MPa
JO Split & glide in {1 1 2} 4.4 GPa 85 MPa
FOI Transformation into 15 GPa 6 GPa
degenerate core and
glide of 1/6 〈1 1 1〉
partial in {1 1 2}
with formation of fault
ZWJ Glide in {1 1 2} 4.1 GPa 50 MPa
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Table 5. (Continued.)
Mechanism of
Method Core structure SD movement τP screw τP edge
KLL Split & glide in {1 1 2} 4.2 GPa 85 MPa
ZSG Transformation into 8.2 GPa 4.2 GPa
degenerate core and
glide of 1/6 〈1 1 1〉 partial
in {1 1 2} with formation
of fault
DLK Glide in {1 1 2} 2.9 GPa 10 MPa
DND Transformation into 5.5 GPa 1.4 GPa
degenerate core and
glide of 1/6 〈1 1 1〉 partial
in {1 1 2} with formation
of fault
MVG1 Glide in {1 1 2} 3.55 GPa 1 MPa
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MVG2 Glide in {1 1 0} 0.98 GPa 3 MPa
MVG3 Glide in inclined {1 1 0} 4.43 GPa 3 MPa
WZL Split & glide in {1 1 2} 1.9 GPa 180 MPa
The mechanism of dislocation movement under 〈1 1 1〉 {1 1 0} shear load was also found
to essentially depend on the applied potential. Overall, it is possible to distinguish three
frequently observed mechanisms, namely: (i) glide of the compact core; (ii) split of the core
into a planar structure and glide of the two dissociated dislocations; (iii) transformation of the
core into a three fold degenerate structure and the emission of a gliding 1/6〈1 1 1〉{1 1 2} partial
dislocation (gliding in a {1 1 2} plane) with the formation of a planar fault. We remind that
according to DFT, the dislocation overcomes the Peierls barrier without changing its compact
structure [66]. Among the tested potentials, qualitatively, the movement mechanism was
predicted correctly by ZWJ and MVG (all), but the expected {1 1 0} glide plane is reproduced
only by the MVG2 and MVG3 potentials. The latter two potentials predict the Peierls stress
to be 0.98 and 4.43 GPa, which bound the DFT value of 1.7 GPa [66]. The values of the
Peierls stress of the SD obtained with other potentials are not discussed as the movement
mechanism is inconsistent with the DFT predictions. We note that for FS, ZWJ and MVG3
similar calculations were performed in [100]. While the same Peierls stress is obtained for
ZWJ, the values reported in [100], i.e., 2.0 and 1.8 GPa for FS and MVG3, respectively, are
about a factor two lower than the ones reported in table 5. The discrepancy might be related
to the calculation method, from which the Peierls stress was obtained. In [100], the Peierls
stress is derived from the energy barrier obtained using a nudged elastic band method (NEB)
relaxation-activation method [101] in a manner proposed by Gro¨ger and Vitek [102]; while in
this work the Peierls stress follows from static loading of a crystal (see section 2), applied in
small increments to achieve the displacement of the core.
With respect to the ED, in all cases its core structure was found to be planar non-split, being
very similar to that studied previously in bcc Fe [103, 104]. Three potentials (FOI, ZSG, DND)
17
Modelling Simul. Mater. Sci. Eng. 22 (2014) 053001 Topical Review
0.0 0.2 0.4 0.6 0.8 1.0
-4500
-3000
-1500
0
1500
3000
4500
 DFT
ZWJ
DLK
MVG1
MVG2
MVG3
γ'
 
(m
J/
(m
² b
))
1/2 <111> {110} displacement (b)
0.0 0.2 0.4 0.6 0.8 1.0
-6000
-4000
-2000
0
2000
4000
6000
FOI
ZSG
DND
γ'
 
(m
J/(
m²
b))
1/2 <111> {110} displacement (b)
0.0 0.2 0.4 0.6 0.8 1.0
-3000
-2000
-1000
0
1000
2000
3000
FS
JO
KLL
WZL
γ'
 
(m
J/(
m²
b))
1/2 <111> {110} displacement (b)
(a) (b) (c)
Figure 8. Derivative of the 1/2〈1 1 1〉{1 1 0} γ -line corresponding with DFT and
potentials that exhibit, a) glide of the compact SD core, b) planar split and glide of
the dissociated SD, and c) threefold degenerate split of the SD and glide of a partial.
have shown exceptional results: a split in the {1 1 0} plane into two partials connected by a
stacking fault. Note that exactly those three potentials were also found to predict an unphysical
shape for the {1 1 0} γ -line (see figure 4). As a result of the splitting, the dislocation moves
by removal and generation of stacking faults in the {1 1 0} glide plane, which requires a very
high critical shear stress exceeding 1 GPa. All other potentials reveal a Peierls stress in the
range of 1–180 MPa, which is consistent with the values obtained in bcc Fe using DFT-derived
potentials [105]. Experimental data for the Peierls stress of EDs in bcc W is not available, to
our knowledge.
Based on the results of this section, we conclude that the most appropriate potentials, i.e.,
describing properties of extended defects in line with DFT data (qualitatively or quantitatively),
are MVG2 and MVG3.
To conclude this section, we attempt to correlate the γ -line (for {1 1 0} planes, but the same
holds for {1 1 2}planes) corresponding to the different potentials with their observed dislocation
behaviour. In figure 8 the derivative of the {1 1 0} γ -lines from DFT and the potentials are
summarized and classified into three categories. The derivative characterizes the force to be
overcome by a dislocation in the {1 1 0} plane. The first class (figure 8(a)) is consistent with
DFT data, which predicts a single maximum and is consistent with the observed glide of the
compact SD core (mechanism (i)). The second class (figure 8(b)) is characterized by a shallow
maximum just beside the global maximum and is representative of the observed planar split
and glide of a SD (mechanism (ii)). The third class exhibits two clearly distinct maxima of
similar height and is representative of the observed transformation of a SD into a threefold
degenerate core and glide of a partial (mechanism (iii)) or planar split and glide of an ED.
Thus, figure 8 suggests a correlation between the stacking fault energy derivative and the path
that the SD follows under shear of the crystal due to externally applied stress. The potentials
predicting the barriers to be comparable to the DFT value result in stable SD glide in a {1 1 0}
or {1 1 2} plane. However, the core of the SD apparently undergoes essential modification
prior to the Peierls stress being reached in the case of the potentials grouped in figure 8(b). For
that reason, the glide of the SD is realized along with the well-pronounced dislocation split.
For the potentials grouped in figure 8(c), the resistance against shear is apparently so strong
that the resolved shear stress is high enough to emit a partial dislocation in a {1 1 2} plane, as
we observed in the static simulations involving load. With these observations we conclude
that adequate reproduction of the equilibrium core structure and γ -line curve is not enough to
ensure a stable {1 1 0} glide by the SD upon external load at 0 K. For instance, no clear reason
was found for the difference in the SD glide plane for MVG1 and MVG3, given that they
provide almost identical γ -lines and SD core structures. Apparently, competing mechanisms
such as glide in an inclined {1 1 2} plane or partial dislocation emission may come into play
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Table 6. Schematic summary of the performance of the potentials for different physical
properties.
Property FS JO FOI ZWJ KLL ZSG DLK DND MVG1 MVG2 MVG3 WZL
Elastic constants C C C C IC C C C C C C C
Ef (Vac) C C C C C C C C C C C C
Em (Vac) UE C IC C C IC C C C UE C UE
Eb (Di-Vac) IC IC IC IC IC IC IC UE UE IC UE UE
Ef (SIA) UEa IC IC IC IC IC IC C C C C C
〈1 1 1〉 row potential C OE IC OE OE IC OE IC OE C OE C
Screw dislocation core IC IC C C IC C C IC C C C IC
Screw dislocation glide IC IC IC C IC IC IC IC C C C IC
Edge dislocation glide C C IC C C IC C IC C C C C
Free surface UE UE UE UE UE UE UE UE UE C UE UE
Grain boundary UE C C C C C C UE C UE C UE
Gamma surface cuts UE C IC C C IC UE IC C UE C UE
Rcut 2nn 2nn 2nn 2nn 2nn 2nn 6nn 2nn 5nn 4nn 5nn 2nn
IC–Inconsistent with experimental or DFT data.
C–Consistent with experimental or DFT data.
OE–Overestimation compared to experimental or DFT data.
UE–Underestimation compared to experimental or DFT data.
a Both AT and JW are consistent with the DFT data.
depending on the other properties of the potential, i.e., generalized stacking fault energy surface
and polarizability of the SD core as a function of external load. As an indication as to what
may be done towards further development of the potentials, we suggest verifying, or even
including in the fitting, the core structure of the dislocation in the saddle point of the Peierls
barrier, which could be obtained by ab initio calculations.
6. Summary
In this last section we summarize the performance of the tested potentials by identifying
their strong and weak points. Table 6 presents a schematic summary of the potentials’
performance, which is evaluated as ‘consistent’ (C) with experimental or DFT data if there
is a qualitative (correct order or smooth curve) and quantitative (within 10% of the given
range) agreement; ‘inconsistent’ (IC) if there is no qualitative agreement; ‘underestimated’
(UE) if there is qualitative agreement but the target value is underestimated by more than
10%; and ‘overestimated’ (OE) in the case of qualitative agreement but the target value is
overestimated by more than 10%. Depending on the target application, a compromise between
the performance and computational speed (Rcut) can be achieved by selecting an appropriate
version of the potential. The results presented here can serve as an initial guide and reference
list for both the modelling of atomically-driven phenomena in bcc tungsten, and the further
development of its potentials.
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Abstract
In this letter, a comprehensive mechanism for the nucleation and growth of bubbles on dislocations under plasma exposure
of tungsten is proposed. The mechanism reconciles long-standing experimental observations of hydrogen isotopes retention,
essentially defined by material microstructure, and so far not fully explained. Hence, this work provides an important link to
unify material’s modelling with experimental assessment of W and W-based alloys as candidates for plasma facing components.
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S Online supplementary data available from stacks.iop.org/NF/54/042004/mmedia
(Some figures may appear in colour only in the online journal)
Development of fusion technology for electrical power
production is one of the biggest challenges faced in 21th
century. Its realization must overcome a number of
challenges, one of which is the selection of appropriate
plasma facing materials (PFM). High flux plasma exposure
degrades properties of materials and leads to permeation and
trapping of plasma components including highly toxic tritium
(phenomenon known as retention). Low erosion/sputtering,
high melting point and controlled retention are typical
prerequisites of PFM, among which tungsten (W) is the main
candidate [1, 2].
The retention of hydrogen (H) isotopes is attributed to
their trapping at lattice defects resulting in the formation
of bubbles and their subsequent growth into sub-surfaces
blisters. The conventional analysis of the retention under
high energy ion implantation is based on the premise that
vacancies, generated in collision cascades, are responsible
for the nucleation of stable H-vacancy clusters [3–5]. In
International Thermonuclear Experimental Reactor (ITER),
the energy of impinging ions (<100 eV) is well below the
displacement threshold, and the implantation range is limited
to several nanometers. Nevertheless, samples exposed at
linear plasma generators, demonstrate that the H permeation
extends up to several micrometers (µm) [6, 7]. At such depths,
deep permeation of H cannot be assigned to the vacancy
trapping as their equilibrium concentration is negligible at
typical temperatures accessible to existing plasma generators,
i.e. 300–800 K.
Grain boundaries were suggested as nucleation sites for
bubbles [8], however, the retention also takes place in the
recrystallized W [9] and even in single crystal W [10]. The
self-trapping and nucleation of stable H clusters in W bulk is
ruled out as a pair and triplet of H atoms exhibit negligible
binding energy (∼0.01 eV [11]). Moreover, different impurity
concentrations do not result in any significant difference in
the H depth profiles. Hence, the mechanisms of H retention
provoking intensive blistering and bubble formation under sub-
threshold plasma exposure are still to be identified.
In this letter, we explore the interaction of H with
screw dislocations (SDs), the main microstructural features
of metals including W. Using density functional theory (DFT)
calculations, we demonstrate that H atoms are strongly bound
to the SD core and exhibit fast one-dimensional (1D) migration
along the dislocation line. An elementary dislocation segment
accepts up to six H atoms practically without losing the
interaction strength. Once the cluster of eight H atoms
0029-5515/14/042004+05$33.00 1 © 2014 IAEA, Vienna Printed in the UK
Nucl. Fusion 54 (2014) 042004 Letter
is formed, it spontaneously transforms into an immobile
configuration by punching out a jog on a dislocation line. The
DFT data are incorporated in continuum rate theory model
to evaluate the nucleation rate of H bubbles on a dislocation
network as a function of depth. A good agreement with the
experimental profiles suggests that dislocation microstructure
is primarily responsible for the trapping of H isotopes under
high flux plasma exposure. The TEM analysis performed on
the W samples, exposed to plasma in our previous work [12] in
conditions not yet featuring the blisters, reveals the presence
of numerous nanometric cavities decorating dislocations with
a linear density matching the predictions of our calculations.
To assess H–SD interaction we used the Vienna Ab-Initio
Simulation Package (VASP) [13]. The projected augmentation
wave [14] and the generalized gradient approximation [15]
were used for the pseudopotential and the exchange-correlation
potential, respectively. The 1s state for H and 5d6s states
for W are treated as valence states. The atomic relaxation
is carried out using the conjugate-gradient algorithm with the
force convergence criterion of 0.03 eV Å−1. The migration
energy barrier is calculated using the nudged elastic-band
(NEB) method with the quick-min algorithm [16], considering
seven intermediate images with the same force convergence
criterion of 0.03 eV Å−1.
The dislocation dipole approach [17] is applied to
model a 1/2〈1 1 1〉 SD in a periodic crystal. Two SDs
with antiparallel Burgers vectors are inserted into an ideal
bcc W crystal, forming a dislocation quadruple [18]. A
principal unit cell consists of three non-equivalent (1 1 1)
atomic layers and has dimensions of 41.01 × 38.82 × 2.75 Å3
in the [1 1 2] (x), [1 1 0] (y) and [1 1 1] (z) directions,
which amounts to 135 W atoms in total. It is known
to provide a reliable core structure and dislocation self-
interaction brings negligible effect on the core properties [19].
This and twice larger (replicated in the [1 1 1] direction)
unit cells are used in this work. More details on VASP
parametrization are provided in the online supplementary
material (stacks.iop.org/NF/54/042004/mmedia).
Firstly, the site preference for an interstitial H near the
SD core was determined. The H–SD binding energy for all
tetra- and octahedral interstitial sites (henceforth TIS and OIS)
was computed as EbH–SD = (EH+SD + EBulk) − (ESD + EH).
EH+SD, ESD, EH are the total energy of the crystals containing,
respectively, H and SD dipole simultaneously, only the SD
dipole or H atom. EBulk is the total energy of the perfect W
crystal with the same dimensions as used to model the SD
dipole. Negative EbH–SD implies that a system gains energy
due to association of objects. Therefore, attractive interaction
between two objects will correspond to the negative binding
energy. The resulting 2D map zoomed near the SD core
is given in figure 1(a). The SD core is composed of three
〈1 1 1〉 atomic rows connected by the dashed black arrows in
figure 1(a) (as it is conventionally represented by differential
displacement analysis [20]). H atoms placed in OISs far from
the core are unstable and relax to TISs. Few metastable OIS
near the core are defined, but still occupation of TIS is more
favorable. This corresponds to the fact that in W bulk, H
also prefers to occupy TIS rather than OIS, with the energy
difference of ∼0.4 eV [21].
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Figure 1. (a) H–SD binding energy map. Color code denotes the
binding energy value in eV, note that H exhibits negative binding
energy (i.e. attracted) in all positions near the dislocation core.
Filled triangles display all metastable H positions, black circles
display W atoms. Three dashed arrows show the 〈1 1 1〉 atomic rows
forming the SD core. (b) Left axis—incremental binding energy of
H to HN cluster placed in W bulk, or on the perfect dislocation core,
or on the jogged dislocation core. Right axis—the excess energy as
a function of HN size to punch out the jog. (c) Migration energy
paths between the metastable positions indicated in (a).
The binding energy map reveals three deep (equivalent)
energy minima states for H atom inside the core and six es-
pecially favorable (and again equivalent) positions adjacent to
the core, enumerated from 1 to 9 in figure 1(a). These posi-
tions coincide with TISs, where H atom is bound to the core
with the energy of ∼0.55 eV. Analysis of the charge distribu-
tion reveals that these positions coincide with the regions de-
pleted by charge density (see the online supplementary material
figure S.1(a)(stacks.iop.org/NF/54/042004/mmedia)), also
interrelated with the distribution of local stress around the core.
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The strong binding therefore originates from the compensa-
tion of local charge density (see the online supplementary fig-
ure S.1(b)(stacks.iop.org/NF/54/042004/mmedia)). Adding
the second and the third H reduces the depleted re-
gion (see the online supplementary figures S.1(c) and
(d)(stacks.iop.org/NF/54/042004/mmedia)) but does not cover
it completely, pointing at a possibility of multiple trapping.
We therefore explored the binding energy and site
preference for multiple HN clusters adding them on a SD
line in the nine revealed local minima i.e. forming a (1 1 1)
platelet (henceforth HN–SD cluster). For each relaxed HN–SD
configuration we computed the incremental binding energy
for an extra H atom, presented in figure 1(b). A progressive
removal of the depleted zone begins once N > 3. Addition of
the fourth H atom results in a decrease of the absolute value of
the binding energy. The most energetically favorable sequence
to add H atoms is shown by numbers in figure 1(a). Starting
from the seventh H atom, it is more favourble to continue
growing the cluster along the dislocation line (i.e. place H in
the next in-core position) rather than to build a (1 1 1) platelet.
After adding the 8th H atom, we observed a considerable
reconstruction of the HN–SD cluster accompanied by a shift
of W atoms forming the SD core. We attribute this to the
formation of a pair of jogs, namely: a vacancy jog occupied by
HN cluster and an interstitial jog pushed aside. This process is
analogous to the interstitial punching mechanism in the case
of He self-trapping in bulk Fe [22].
To validate this hypothesis, we have computed the energy
balance EEX = [E(HN − SD) + E(SD)] − [E(HN − JOGV) +
E(JOGI)]. Here, E(SD) and E(HN–SD) are the total
energies of the crystals containing, respectively, SD dipole
and HN cluster attached to SD core, while, E(HN–JOGV) and
E(JOGI ) are the energy of crystals with HN cluster attached
to a vacancy jog and SD dipole containing an interstitial jog.
A positive value of EEX implies that the jog-punching is not
favorable, while a negative value points to an exothermic
reaction expected to occur spontaneously.
The vacancy and interstitial jogs were constructed,
respectively, by removing and adding one W atom from/to
the core of the SD. The formation energies for JOGI and
JOGV were computed to be 7.2 eV and 2.23 eV, respectively.
Their sum is by 3.8 eV lower than the Frenkel pair formation
energy in W bulk, which is 9.73 + 3.5 eV being the formation
energy for a vacancy and a self-interstitial atom, computed
here in a 128 atomic supercell. As the creation of a pair of
anti-jogs costs less energy than the Frenkel pair formation,
a threshold for jog-punching on SD core may occur for a
relatively low N still affordable for DFT techniques. EEX as
a function of N is shown in figure 1(b), which proves that the
spontaneous jog-punching occurs once N > 8. In addition,
we have calculated the binding energy of H to a HN cluster on
a vacancy jog. Note that the trapping of H at a pre-existing
jog is much stronger, practically comparable to the binding
energy for a single vacancy [5]. Therefore, jogs on dislocation
lines, formed due to e.g. cyclic deformation under transient
heat loads, will act as additional trapping sites for hydrogen
and its isotopes.
Finally, we explored a possibility for H atom trapped
on the SD core to exhibit 1 D migration that is viewed as a
mechanism by which HN clusters may grow and reach the
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Figure 2. Left Y axis presents the reaction rates for H trapping by
stable HN-SD clusters versus depth calculated using equations (2a)
and (2b)–(3) at 460 K, varying dislocation density in the range
1011–1013 (m−2). Horizontal black dashed lines reveal dissociation
rates, w¯n, of H from HN–SD clusters with N = 1–3 (Eb = 0.55 eV),
N = 4–6 (Eb = 0.45 eV), N = 7–9 (Eb = 0.35 eV) obtained using
equation (3). A vertical red dashed line specifies the depth threshold
until which the nucleation of supercritical H9–SD clusters takes
place given the dislocation density and exposure temperature. Right
Y axis displays the concentration of H isotope, deuterium, as a
function of depth measured using nuclear reaction analysis
techniques applied to the samples exposed to high flux plasma at
460 K as described in [23, 27]. The total fluence corresponding to
the two exposures is given in figure on the inset.
critical size. Considering the site preference near the SD core,
shown figure 1(a), we have explored two migration trajectories,
namely: ‘in-core’ and ‘out-core’ paths. The former migration
mode involves jumps between positions 1–2–3. The migration
from the inner (shown by three arrows in figure 1(a)) to outer
part of the core requires a jump from ‘2’ to ‘O’ (octahedral
site) and from ‘O’ to’5’. By performing a sequence of ‘O–5–
O’ jumps H atom may migrate along the dislocation line being
adjacent to its core. The computed excess energy profiles
are provided in figure 1(c). In all the cases, the migration
barrier does not exceed 0.1 eV, proving a possibility for fast
1D migration of H along the SD line at room temperature and
above. In addition, H is fully flexible to occupy any of the nine
trapping TISs (see figure 1(a)), as the transition barriers are
also extremely low.
The above presented DFTC results are applied to treat
a series of recent experiments on H retention in W exposed
to high flux plasma (see our previous work [23]). We used
the kinetic rate theory method and couple 3D bulk and 1D
dislocation diffusion modes (see e.g. [24, 25]). The duration
of the plasma impulse was 70 s and the surface temperature
was 460 K. A typical retention profile obtained by nuclear
reaction analysis (NRA) in such experiments shows that the H
concentration drops sharply after several µm (see right hand-
side Y -axis in figure 2).
A free path of the H along a dislocation before its
detrapping to the bulk is given by [24]
λ0d = b exp
(
Ebm − Edm + E1b
2kBT
)
(1)
where E1b = −EbH–SD i.e. the absolute value of the H–SD
binding energy, Edm and Ebm is, respectively, the migration
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energy of H along SD core and the migration energy in the
bulk (Ebm = 0.4 eV [26]); b is the dislocation Burgers vector
∼2.8 A. At 460 K, λ0d exceeds 10 µm implying that trapped H
atoms practically do not dissociate from the dislocation core
prior to reaching a grain boundary interface or a free surface.
While migrating along the core, H atoms will form HN–SD
clusters.
The rate of the formation of HN–SD clusters on a
dislocation segment of length λd located at a depth x, hereafter
called w+n(x) [s−1], is given by the product of the H flux
from bulk to the dislocation unit length, J dH [particles m−1 s−1],
and λd:
w+n = J dHλd, (2a)
J dH =
Zd
w
DbHC
b
H(x) (2b)
where Zd ∼1 is the dimensionless dislocation capture
efficiency for H atoms diffusing from the bulk [25] with the
diffusion coefficient, DbH, and ω is the atomic volume ∼15 A3.
λd therefore becomes the mean spacing of HN–SD clusters
forming on dislocation lines. w+n(x) depends on the depth
via the bulk H concentration, CbH(x), given by a steady-state
solution of the diffusion problem of H in the effective medium
with homogeneously distributed sinks:
CbH(x) =
ωFHxH
DbH
exp (−xkH) , kH ≈ (Zdρd)0.5 (3)
where FH is the H flux, xH is the implantation straggling
(∼1 nm), and kH (m−1) is a measure of the sink strength for
migrating H atoms to be absorbed by dislocations with density,
ρd [m−2]. Equation (3) is valid at a steady-state condition (i.e.
for times longer than it takes for H to reach a depth x). Given
the duration of plasma exposure (70 s), H migration energy
(0.4 eV) and sample temperature (460 K), a steady-state profile
of equation (3) is established at a longer time than H diffusion
through the region of interest takes (i.e. H covers 10 µm per
second). The depth of H penetration and the corresponding
H clustering rate are therefore essentially determined by the
dislocation density, as shown in figure 2.
The balance of trapping (equations 2(a)–(b)) and
detrapping of H atoms to/from HN–SD clusters will define the
condition for the formation of critical H8–SD clusters and the
condition for the jog-punching. The detrapping rate, w−n , is
independent of depth and is defined as
w−n = w0 exp
(
−E
n
b + E
d
m
kBT
)
(4)
where Enb is the incremental binding energy of H to HN−SD
cluster given in figure 1(b) and ω0 is the attempt frequency
factor (taken as 1013 s−1) The rates, w−n , obtained for the
relevant exposure conditions [23] are plotted in figure 2. For
the medium dislocation density (i.e. typical for annealed BCC
metals) H permeation extends to a several µm thick layer, in
which w+n(x) > w−n and therefore the supercritical clusters are
expected to form there, which is in a good agreement with the
NRA profiles, also shown in figure 2.
As the clustering process starts, the actual linear number
density of HN–SD clusters (NC [m−1]) will define λd as soon
as NC will exceed ρd · λ0d. Accordingly, the trapping rate will
Figure 3. Dark field TEM image of screw dislocations decorated by
H clusters. Two examples are indicated by the white circles.
decrease inversely proportional to NC, which will limit the
number density of HN–SD clusters. Applying the DFT data
on HN -SD binding, we estimated NmaxC ≈ 1019–1020 m−3,
corresponding to the mean cluster spacing λd ≈ 100–10 nm.
Following the analytical assessment, the samples exposed
in the above discussed experiment (i.e. with pre-defined
depth profiles) have been inspected by transmission electron
microscopy (TEM). To retain the plasma-induced damage, the
samples were polished from the opposite site of the plasma
exposure only. As an example, a typical dark field image
showing SD lines decorated by cavities is given in figure 3. The
dislocation density was roughly estimated to be in the range
of 1012–1013 m−2, i.e. above the ‘medium’ value as expected
since the exposed samples were double forged. The amount of
visible hydrogen clusters is rather low for an accurate statistical
determination, but based on the inspection of dozens of images,
a mean linear spacing of 100 ± 20 nm was obtained, which is
in the range estimated using the rate theory analysis.
We have therefore proposed and defended a comprehen-
sive mechanism for the nucleation and growth of hydrogen
bubbles on dislocation lines under high flux plasma exposure of
tungsten. The mechanism comprises the following stages: in-
terstitial H atom trapping at dislocation lines, its fast 1D migra-
tion, growth of multiple HN clusters eventually resulting in the
punching of a jog. DFT data points that the jog-punching op-
erates spontaneously once the number of clusterized H atoms
exceeds eight. This information coupled with the continuum
rate theory model provides an adequate description of the depth
profile typically observed after high flux plasma exposure in W.
The density of supercritical hydrogen bubbles, predicted by
the proposed model, was also confirmed by the TEM study.
Hence, the proposed mechanism reconciles long-standing ex-
perimental observations of hydrogen isotopes retention and
debates about its dependence on W microstructure. Moreover,
this work provides an example of how the microstuctural fea-
tures interfere non-equilibrium material properties becoming
dominant in e.g. determination of susceptibility of W and its
alloys to plasma exposure.
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Additional information
Details on parametrization of DFTC and charge density maps
explaining the origin of the ‘hydrogen compensation’ effect are
provided as supplementary information and available online
(stacks.iop.org/NF/54/042004/mmedia).
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1. Introduction
The current choice of materials to be used in ITER plasma-
facing components includes tungsten (W) and beryllium [1]. 
The sputtering yield of tungsten is much lower than that of 
beryllium, while its melting point is significantly higher. 
However, the practical use of W is hindered by its high 
ductile-to-brittle transition temperature, and therefore 
risk of brittleness between plasma pulses in the course of 
operation. In order to improve the mechanical properties, 
tungsten alloys are considered. One of the issues still to be 
clarified is the retention of hydrogen (H) isotopes (including 
deuterium and radioactive tritium) in tungsten alloys, as the 
plasma-facing components are supposed to sustain high-
flux plasma.
As hydrogen isotope ions are neutralized and thermal-
ized following the implantation, further evolution depends on 
hydrogen solubility in W – i.e. the energy of H solution in W, 
which is positive. According to the phase diagram of a W-H 
system, in the temperature region of 300-1,000 K, relevant 
for ITER conditions, an equilibrium concentration of H dis-
solved in α-W ranges from 10–18 to 10–6 at.% [2]. Above this 
solubility limit (e.g. under plasma exposure that implants H 
ions into material), H does not form hydrides with W, but pre-
cipitates in the bubbles filled with H2 molecules [2]. However, 
the thermodynamic diagram does not indicate the ways of the 
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2
bubble formation, which occurs via diffusion, trapping, nucle-
ation and growth. The critical issue here is to determine the 
mechanisms of trapping and nucleation of H bubbles, which 
basically define the retention of hydrogen in material.
Recently a significant amount of works have been dedicated 
to both computational assessment of hydrogen permeation in W 
(see e.g. [3–6]) and experimental characterization of this phe-
nomenon (see e.g. [7–12]). Experimental investigations of trap-
ping and release of D in pure tungsten (W) and tungsten-tantalum 
(W-Ta) alloys [6–8] show that there is a considerable amount of 
trapped D in the bulk within a depth of several microns, which 
is similar to the case of He trapping in W. However, the essen-
tial difference between hydrogen and helium agglomeration 
in tungsten is that the binding energy between two hydrogen 
atoms is an order of magnitude lower than that for helium. It 
means that, in a marked contrast to He, a homogeneous nuclea-
tion of D clusters is highly improbable. Accordingly, nucleation 
of hydrogen clusters requires binding cites. In current models 
dealing with deuterium (D) retention in tungsten [2], it is argued 
that the nucleation of D-complexes is determined crucially by 
the concentration of radiation-produced vacancies, which act as 
traps for fast-migrating D atoms. One vacancy has been argued 
to trap up to 5–6 hydrogen atoms [3–5]. At sufficiently low tem-
peratures considered in ref. [2], vacancies are immobile while 
self-interstitial atoms (SIAs) diffuse and become trapped with 
impurity atoms (mainly carbon, C) or are absorbed by disloca-
tions. Thus, the result strongly depends on the dislocation density 
and C-SIA trapping energy, which have to be high enough to trap 
SIAs so that the remaining vacancies can trap D atoms and act 
as nucleation cites for D-clusters. This model was developed to 
describe ion implantation with energies of 5–30 keV, but cannot 
be applied (even qualitatively) to nucleation of D-clusters at 
sub-threshold implantation conditions, i.e. when the ion energy 
is too low to produce stable vacancy-SIA pairs in the crystal 
bulk, and the operating temperature range is too low (<500 K) to 
induce any significant concentration of thermal vacancies. The 
sub-threshold implantation conditions are important, however, 
since they correspond to the plasma-wall interaction regime 
expected to occur in the ITER and experiments involving high-
flux, high-temperature deuterium plasmas with ion energies of 
up to several tens of eV [6, 7]. Hence, the description of the 
trapping of D at these irradiation conditions requires alternative 
mechanisms to those considered in the current models.
In this work, we analyze the trapping of hydrogen on typ-
ical microstructural features such as dislocations and compare 
the efficiency of this mechanism with the homogenous self-
trapping mechanism (conventionally considered for helium 
retention). Based on  the  available ab initio results, we con-
struct a theoretical model to evaluate the retention of D on dis-
location lines. The model is then applied to describe thermal 
desorption spectroscopy (TDS) results, which are used to 
verify activation energies of deuterium detrapping.
2. Homogeneous self-trapping of deuterium  
in the bulk
Ab initio calculations [5] show that two hydrogen atoms trap 
each other weakly with a binding energy Eb ~0.01 eV, (as 
compared, e.g. with helium forming strong pairs with a binding 
energy of Eb ~1 eV). Figure 1 shows detrapping frequency, wde, 
for D-D pairs based on these estimates, as compared to trap-
ping frequency, wDD, i.e. the frequency of collisions of one D 
atom with others having concentrations of CDb in the crystal 
bulk, given by the following expressions:
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where ω ≈ b0.5 3 is the atomic volume, b is the lattice spacing, 
DDb is the bulk diffusion of D atoms, w0 is the attempt-fre-
quency prefactor, Emb is the bulk migration energy and k TB  has 
the usual meaning.
One can see that the trapping frequency decreases with dis-
tance (depth) from the surface due to decreasing CDb (see the 
next section), and it is several orders of magnitude lower than 
that of detrapping. So a homogeneous nucleation of D (or H) 
clusters is indeed questionable in such implantation conditions, 
and one needs an alternative trapping mechanism for D atoms 
at some intrinsic defects to provide the nucleation sites for the D 
clustering. Grain boundaries were suggested as nucleation sites 
for bubbles [9]; however, the retention also takes place in the 
recrystallized W [10], and even in single crystal W [11]. What 
is more, the presence of different impurities does not result in 
any significant difference in the D depth profiles, either [6, 7].
In the next section  we consider a model of D retention 
mediated by dislocations, which are proven to act not only 
as trapping sites, but also as pathways for preferential D dif-
fusion through bulk. This complex trapping-detrapping D 
 diffusion along dislocation lines results in the removal of D to 
the exposure surface and in-bulk penetration.
Figure 1. Trapping and detrapping frequency for D-D pairs in W 
bulk as a function of depth. Implantation conditions correspond to 
those applied in [6, 7], i.e. D flux FD = 1020 m−2s−1 and temperature 
T = 460 K.
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3. Trapping of hydrogen isotopes mediated by 
dislocations
3.1. Ab initio calculations
The microstructure of tungsten below 0.1 Tm (melting temper-
ature) is characterized by long a0/2 < 111 >  screw dislocation 
lines [13], as is usual for BCC metals, where a0 is the lattice 
constant. Density functional theory (DFT) calculations have 
been applied to compute the interaction of D with the screw 
dislocation (SD) core in our previous work [14]. Here we 
extend these calculations further to assess HN-SD interaction 
for different configurations of hydrogen clusters. We used the 
Vienna Ab-Initio Simulation Package (VASP [15]). The pro-
jected augmentation wave  [16] and the generalized gradient 
approximation (GGA [17]) were used for the pseudopotential 
and the exchange-correlation potential, respectively. The 1s 
state for H and 5d6s states for W are treated as valence states 
in the calculations. The atomic relaxation is carried out using 
the conjugate-gradient algorithm with the force convergence 
criterion of 0.03 eVÅ−1.
It has been shown that there are at least three positions 
for D inside the core, in which D is trapped with the binding 
energy Eb
1 = 0.6 eV. In addition, there are six positions for D 
adjacent to the dislocation core, in which the binding energy 
is only slightly lower (i.e. being 0.55 eV). The schematic pic-
ture showing the core structure of a0½ < 1 1 1 >  screw dislo-
cation and location of D atoms is presented in figure 2. The 
calculations of the migration barrier between in-core positions 
provide the migration barrier for the H diffusion along the dis-
location  line. The  two migration  paths  (inside  and  adjacent 
to the SD core, as shown in figure 2) were analyzed, and the 
resulting migration barrier, Emd, was computed to be ~0.1 eV.
The in-core migration energy is essentially lower than 
the bulk migration energy, Emb = 0.4 eV [2], which means the 
travel path of H diffusing along the dislocation line before 
detrapping, Ld
0, is expected to be significant. The latter can be 
estimated as follows [18]:
= − +L b E E E
k T
exp
2
,d
m
b
m
d
b
B
0
1⎛
⎝⎜
⎞
⎠⎟ (4)
At T <  460 K, Ld
0 exceeds 10 µm (typical size of subgrains 
in polycrystalline W), implying that D atoms trapped at dis-
locations will remain until they reach another microstruc-
tural feature (e.g. a free surface, dislocation junction or grain 
boundary). Condensation of migrating D atoms on dislocation 
lines will result in the formation of D2 clusters also attached to 
dislocations, as DFT calculations suggest the presence of the 
attractive interaction not only for an isolated D, but for small 
clusters as well [14]. The growth of a DN cluster starting from 
D2 will occur by its extension along the dislocation line. A 
comparison of the interaction energy of D to a DN-1 cluster in 
different configurations is presented in figure 3. The interac-
tion energies were computed following the standard definition 
– i.e. as the difference of the total energy corresponding to the 
states of an atomic system that contains two relevant defects 
together and apart. Following this definition a negative value 
of the interaction energy corresponds to the attractive interac-
tion. The expressions for the interaction energy of a D atom 
with a DN-1 cluster located in bulk, or placed on a dislocation 
or dislocation jog are the following:
+ = + − −− −E D D E E E E( ) ,D ND ND D ND D1 1 1 (5)
+ = + − −− −E D D E E E E( ) ,B ND ND B ND B1 1 1 (6)
Figure 2.  The schematics of core atoms in a ½ < 111 >  screw dislocation in 3 D (left figure) and projection onto the (111) plane (right 
figure). The black arrows indicate the difference between displacements of neighboring < 111 >  columns forming the dislocation core. 
The length of the arrow is proportional to the magnitude of displacement difference, and the direction of the arrow indicates the sign of the 
displacement difference (i.e. the column that the arrow points to has a larger displacement than the column on the other end of the arrow). 
Among the three atoms that surround the centre of the dislocation, the arrows form a closed circuit. Note that while the arrows reveal a 
displacement component in the (1 1 1) plane for convenience of visualization, the displacement component they represent is strictly out of 
the plane. The three ground state positions in, and six ground state positions next to, the dislocation core are schematically shown in the right 
figure by light- and dark-blue balls, respectively. The red arrow connecting three light-blue balls reveals the migration path for H inside the 
SD core. The red arrow connecting one light-blue with two dark-blue balls represents the migration path along the dislocation core.
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+ = + − −− −E D D E E E E( ) ,D NJ NJ D NJ D1 1 1 (7)
+ = + − −− −E D D E E E E( ) ,B NJ NJ B NJ B1 1 1 (8)
where ED is the total energy of the crystal containing the screw 
dislocation (containing m W atoms), and EB is the total energy 
of the perfect crystal with the same dimensions and number of 
W atoms as were used to create the screw dislocation. Cohesive 
energy of a single W atom, defined as =E E m/coh B ; EB1 , is the 
total energy of the crystal containing a single interstitial (tetra-
hedral) hydrogen atom relaxed in a perfect crystal; ED1  and END 
are the total energy of a crystal containing a single interstitial 
hydrogen atom or a cluster of N hydrogen atoms placed at the 
most favourable position(s) on the screw dislocation line and 
relaxed; ENJ  is the total energy of the crystal containing a cluster 
of N hydrogen atoms placed in the jog on the screw dislocation.
 Results in figure 3 show that on a perfect dislocation line, 
the accumulation of D clusters into a compact 3 D structure is 
not a favourable process, and D atoms would prefer to form 
chains decorating the dislocation core. (Note that D chains 
also remain trapped by the dislocation). It means that the for-
mation and growth of compact larger DN clusters will require 
the presence of nucleation  sites,  such as  jogs or dislocation 
intersections, in which D atoms will also become immobi-
lized. To validate this hypothesis, we generated a vacancy jog 
on a screw dislocation line and assessed the interaction of HN 
clusters with that jog. The interaction energy of D with a DN-1 
cluster located on the jog is also given in figure 3 and table 1. 
The figure shows that a compact cluster can grow (being fed 
by D coming from both bulk and dislocation core) and accom-
modate at least eight D atoms.
The DN  clusters  formed  on  jogs  can  grow  and  eventu-
ally reach a supercritical size, at which they transform into 
a  bubble  by  emission  of  secondary  jogs  that  release  neces-
sary volume for the cluster, as more D atoms will approach 
the nucleus. The energetic analysis of this process was per-
formed in [14], where  it  is  suggested  that  a  ‘jog-punching’ 
mechanism operates once the cluster size exceeds D8. (See 
the relaxed configuration of a D8 cluster placed on a disloca-
tion  jog  in figure 4). Once the supercritical size is reached, 
the cluster will grow as a macroscopic bubble by the classical 
loop punching mechanism [19]. The dissolution of D bubbles 
attached to the screw dislocation line may, however, occur by 
Table 1. The interaction energy of − −D DX NY 1, where symbols X 
and Y imply the location of interstitial D and DN-1 cluster.
Number of D 
 atoms in  
cluster − −D DB NB 1 − −D DB ND 1 − −D DB NJ 1 − −D DD NJ 1
2 −0.0652 −0.56 −1.11 −0.62
3 0.02 −0.48 −1.18 −0.69
4 0.11 −0.38 −0.83 −0.34
5 0.16 −0.34 −0.89 −0.4
6 0.16 −0.34 −0.73 −0.24
7 0.39 −0.11 −0.42 0.08
8 0.36 −0.14 −0.66 −0.16
9 0.16 −0.34 — —
Figure 3. The interaction energy of − −D DX NY 1, where symbols X and Y imply the location of interstitial D and DN-1 clusters. This 
correspondingly could be B=bulk, D=dislocation, J=jog on dislocation. The interaction energy is measured as the difference of the total 
energy of configurations, including two objects together and apart. With this notation, the negative value of the interaction energy implies 
attractive interaction (i.e. positive binding energy). Positive values (for DB+DN-1 D) favour dissolution of DN (for N > 2) into smaller ones 
without leaving the dislocation core, while the formation of DN on a dislocation jog is an energetically favourable process.
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two channels: (i) emission of D into bulk or (ii) emission of D 
on a dislocation line. The former is the classical process, and 
its activation energy can be roughly estimated as the permea-
tion energy (which varies in the range 1.25–2.0 eV following 
DFT calculations for H in W [5]). Experimentally, the activa-
tion energy for this process is deduced to be ~1.5–1.7 eV. (See 
the section 4). Emission from bubble to dislocation requires a 
lower energy barrier, since the emitted D would be bound to 
the dislocation core and the corresponding activation energy 
is lower by Eb
1 = 0.6 eV. Taking the permeation energy from 
the experimental assessment (~1.6 eV), we shall consider that 
the activation energy for the D emission from a bubble to the 
dislocation line is ~ 1 eV. Even though there will be a signifi-
cant difference in the activation energy for the two emission 
channels, they will compete with each other as temperature 
rises (especially at high heating rates typical of TDS meas-
urements, which will be discussed further in section 4). The 
reason for the competition originates from the essential dis-
crepancy of the effective emission surface, which is higher by 
a factor of 4πR2/2a02 for the bulk emission as compared to the 
emission directly on the dislocation line. Hence, the first emis-
sion channel will also operate especially for large bubbles and 
at high temperature.
Based on the above-presented DFT results, a model for D 
trapping, transport by dislocation network (accounting for D 
clustering along the dislocation lines) and detrapping at typ-
ical TDS conditions is described in the following.
3.2. Rate theory of D trapping and transport
The model of D-cluster nucleation and growth at dislocation 
junctions is sketched in figure 5. The upper figure shows W 
samples exposed to high-flux D plasma [7, 8] being inspected 
by  transmission electron microscopy  (TEM [13]). A typical 
dark field image shows screw dislocation lines decorated by 
cavities (presumably D bubbles, as such features were not 
detected in the pre-exposed samples). The amount of vis-
ible hydrogen clusters is rather low for an accurate statistical 
determination, but based on the inspection of a considerable 
number of images, a mean linear spacing of 100   ±   20 nm 
was obtained. The lower picture illustrates a mechanism of 
D-transport  via  the  dislocation  network,  in which  junctions 
act as nucleation sites for D-clusters. The exposure surface is 
on the left-hand side.
The trapping rate of an Nth atom by a DN-1 cluster +w x( )n  
formed at such a nucleation site at the depth x can be estimated 
as the product of the D flux from the bulk to the unit length of 
the dislocation Jd
D, and the length along the dislocation, from 
which each cluster is fed with migrating D-atoms, Ld:
ω
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where Zd ~ 1 is the dislocation capture efficiency for D-atoms 
from the bulk [20], C x( )Db  is the mean bulk D-concentration 
determined by trapping at dislocations, and Cd
th is the thermal 
equilibrium concentration determined by detrapping from dis-
locations. The maximum value of Ld is determined by equa-
tion 4 (figure 3), but in reality it should be limited by the mean 
distance between the clusters.
The bulk D-concentration C x t( , )Db  depends on the distance 
from the implanted surface, and can be evaluated by solving 
diffusion problems in the effective medium (see e.g. [20]), 
in which dislocations are the dominant sinks for D atoms 
implanted at the surface (x = 0):
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where ρd is the dislocation density. D concentration at the sur-
face C t(0, )Db  is determined by the implantation flux FD, strag-
gling XD, and D-atom mobility, while deep in the bulk it is 
assumed to be in thermal equilibrium with respect to detrap-
ping from dislocations.
Figure 4. Relaxed configuration of an H8 cluster formed on the jog in a core of a ½ < 111 >  screw dislocation. The dislocation line is 
oriented normal to the paper, and the three W atoms marked by crosses form the SD core. See the atomic core structure in figure 2.
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At times larger than diffusion times through the region of 
interest (~1 s for 10 micron depth at an implantation tempera-
ture of 460 K), a steady-state profile of C x( )Db  is established, 
which is given by:
− = − −C x C C C xk( ) (0) exp( ).Db dth Db dth D⎡⎣ ⎤⎦ (12)
The concentration profile is shown in figure 6(a) for dif-
ferent dislocation densities ranging from annealed to cold 
worked state. It is significantly lower than the profile of the 
D retention measured experimentally [7–9] (figure 6(b)), 
which implies that the transport of D atoms along dislocations 
to the surface should be lower than the transport in the bulk. 
This could be accomplished via formation of traps – stable 
D-clusters attached to dislocations, in the vicinity of which 
the activation energy for D migration is significantly enhanced 
compared to that in a ‘bare’ dislocation core. 
Let us evaluate a steady-state profile of the concentration 
of D atoms attached to dislocation, which is determined by the 
balance between D absorption from the bulk and migration 
along the core:
∂
∂
= − =C x
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The solution of equation  (13) with boundary conditions 
(14) is given simply by:
− = − −C x C D
D
C C xk( ) (0) exp( )Dd d
th D
b
D
d D
b
d
th
D⎡⎣ ⎤⎦ (16)
which differs from the bulk concentration (12) only by the 
ratio of the bulk-to-dislocation diffusion coefficients D D/Db Dd. 
Let us estimate DDd by the following expression:
τ
=D LDd d
d
2
which assumes that migration along the dislocation occurs by 
quick ‘jumps’ (i.e. fast diffusion) between the D-clusters attached 
to the core at spacing Ld, from which D atoms can escape with 
an effective activation energy Emeff. Figure 6 shows the resulting 
profiles for the bulk concentration and retention of D at dislo-
cations, taking Emeff=1 eV and different cluster spacing ranging 
from 250 to 80 nm. Decreasing Ld may be attributed to the 
increasing concentration of D-clusters with implantation time 
rising from 70 to 1,400 s. The choice of Emeffis motivated by the 
discussion provided in the previous section and the estimation of 
the activation energy for the D emission from a bubble attached 
to a dislocation line. (See also the discussion in section 3).
Now let us estimate the mean cluster radius corresponding 
to the D retention at dislocations, which is given by the deute-
rium balance equation and shown in figure 7:
⎛
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⎠⎟πρ=R x
L C x
n
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3 ( )
4
,C
d D
d
d Dv
1
3
 (18)
where ≈n 5Dv  is the number of D atoms per vacancy in the 
cluster, which is estimated from DFT calculations showing 
that a vacancy can trap up to 5–6 hydrogen atoms [4–6].
Now the total D retention can be evaluated by integrating 
C x( )Dd  over the depth, x, up to the depth L, from which deute-
rium can reach the surface during TDS: ∫= C x xRe ( )dDd L Dd
0
.
If one assumes the following decrease of spacing Ld with 
implantation time due to nucleation of new clusters, which 
saturates at 80 nm (figure 8) in accordance with TEM obser-
vations (figure 5), then the retention first increases and subse-
quently saturates, as shown in figure 9.
Figure 5.  Dark field TEM image of screw dislocations decorated 
by D clusters (two examples are indicated by the white circles [14]), 
and schematic illustration of D-transport via the dislocation network 
with D-clusters separated by dislocation segments Ld.
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The comparison with experimental data shows that the pre-
sent model can account for the observed saturation of the D 
retention with  implantation  time  that  adjusts  itself  adiabati-
cally to changing cluster structure. Alloying W with Ta has 
been shown to increase dislocation density [12], which can 
explain the observed decrease in the total retention in the 
W-Ta alloys compared to pure W.
4. Analysis of TDS results
In order to verify activation energies used in the present model, 
let us consider results of thermal desorption spectroscopy 
(TDS [7]) shown in figure 10(a). The rate of deuterium release 
was measured as the sample temperature was increased at a 
constant rate 0.5 K/s, which the defined characteristic time of 
the temperature change as τ ≈ 2T s. During this time, deute-
rium can be transported to the surface via dislocation network 
from a depth τ=x DDd T , which allows one to estimate the 
dependence of the desorption temperature on the depth and 
desorption activation energy Emeff as follows:
τ
=T x E
w L x
( )
ln( / )
.de
m
T d
eff
0
2 2 (20)
Figure 10(b) shows that desorption temperature ranges 
from 450 to 700 K, with depth increasing from 1 nm to 
1 micron, taking Emeff  =1 eV. The profile of retained deuterium 
Figure 6. (a) Steady-state profile of the concentration of D atoms in the bulk, determined by trapping at dislocations with the following 
densities: annealed ρ = ×0.5 10d 11 m−2, typical ρ = ×0.5 10d 12 m−2, cold worked ρ = ×0.5 10d 13 m−2. (b) D retention at dislocations 
at ρ = ×0.5 10d 12 m−2. Implantation conditions [7, 8]: FD = 1020 m−2s−1, XD = b, T = 460 K. Experimental data is shown for different 
implantation times ranging from 70 s (black); 490 s (red) 1,400 s (blue).
Figure 7.  Mean cluster radius corresponding to the D retention at dislocations presented in figure 6(b).
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steeply decreases with depth, so the maximum of released 
deuterium comes from subsurface layers, which explains the 
position of the first TDS peak near 460 K. The second peak 
lies near 750 K, which corresponds to the release of deuterium 
from clusters via bulk diffusion. Activation energy for this 
process is given by the sum of detrapping and bulk migration 
energies, and is equal to 2 eV in order to fit the second peak 
at 750 K (figure 10(b)). It does not depend on the depth since 
the limiting process in this case is detrapping deuterium from 
clusters rather than facilitating its diffusion to the surface. So, 
Figure 9. Total D retention versus the number of shots at different dislocation densities: (a) normal ρ = ×0.5 10d 12 m−2, increased 
ρ = 10d 12 m−2 versus (b) experimental data [8] for W, W-1%Ta and W-5%Ta. Hollow symbols correspond to accumulating exposures, filled 
symbols – to the exposures where TDS measurements were performed after each shot. The lines are to guide the eye.
Figure 10. (a) TDS spectra of the W sample after exposures to 1 plasma shot (70 s) and 20 shots at high deuterium flux FD = 1020 m−2s−1 [7]. 
(b) Calculated dependence of the temperature of desorption via dislocations on the depth, assuming Emeff = 1 eV, versus the temperature of 
desorption via bulk, assuming the activation energy of 2 eV.
Figure 8. Cluster spacing fitted to describe saturation of the total D retention with implantation ‘shots’ (1 shot = 70 s) given by fit 
= ⋅ − −L N nm N( ) 80 exp{exp[ 0.5( 0.1)]}d .
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taking the D migration energy in bulk Emb= 0.4 eV, the detrap-
ping activation energy is estimated as 1.6 eV. This value cor-
responds well to the H absorption barrier (from vacuum to W 
bulk) found by DFT to be 1.7 and 2.0 eV for the (100) and 
(110) surface [5].
Note that the second peak increases with rising implanta-
tion time, which implies that large bubbles formed at high flu-
ence cannot be emptied by deuterium release via dislocation 
channels at the imposed heating rate. Apparently the second 
mechanism (i.e. emission directly to bulk) comes into play at 
sufficiently high temperature and competes with the emission 
via dislocation lines.
5. Conclusions and outlook
We developed a model for D retention in W-based alloys 
under sub-threshold plasma implantation conditions, 
assuming the trapping of D at dislocation network. The latter 
serves not only as the source of trapping, but also as a means 
for D transport deeper in the bulk. The formulation of the 
present model was realized with the aid of ab initio calcula-
tions and experimental estimates deduced from TDS mea-
surements. The model explains the observed saturation of D 
retention with implantation dose and effects due to alloying 
of tungsten by tantalum (which essentially changes grain 
size distribution). Hence, this work provides a link between 
the kinetics of D retention and microstructural features of the 
exposed W samples. Further experimental tests may include 
verification of a strong dependence of the D-penetration 
depth on the dislocation density. The prediction of the pres-
ently developed model for the effect of cold work/deforma-
tion on the dislocation-mediated retention is presented in 
figure  11. The validation of the prediction can be realized 
by exposure and subsequent nuclear reaction analysis (NRA) 
measurements, which offers excellent resolution up to a 
depth of several microns.
As an outlook regarding further development of the 
microstructure-mediated retention models, we consider that 
mobility and ‘loop-punching’ processes on edge disloca-
tions, dislocation junctions and grain boundaries are the pri-
mary issues to be assessed. This information will provide a 
much more accurate description of the nucleation and growth 
kinetics of D-clusters in a wide range of exposure conditions.
Acknowledgments
V Dubinko acknowledges financial support from Erasmus 
Mundus  (FUSION-EP_0).  The  work  is  partially  supported 
by the EUROfusion programme. P Grigorev acknowledges 
the support from the Erasmus Mundus International Doctoral 
College in Fusion Science and Engineering (FUSION-DC).
References
	 [1]	 Clark R and Reiter D 2005 Nucl. Fusion Research (Berlin: 
Springer)
	 [2]	 Frauenfelder R 1968 J. Vac. Sci. Technol. 6 388 Condon J B 
and Schober T 1993 Nucl. Fusion 207 1
	 [3]	 Ahlgren T, Heinola K, Vörtler K and Keinonen J 2012 J. Nucl. 
Mater. 427 152
	 [4]	 Heinola K, Ahlgren T, Nordlund K and Keinonen J 2010 Phys. 
Rev. B 82
	 [5]	 Johnson D F and Carter E A 2010 J. Mater. Res. 25 315
	 [6]	 Henriksson K O E, Nordlund K, Krasheninnikov A and 
Keinonen J 2006 Fusion Sci. Technol. 50 163113
	 [7]	 Zayachuk Y, ‘t Hoen M H J, Zeijlmans van Emmichoven P A, 
Uytdenhouwen I, and van Oost G 2012 Nucl. Fusion  
52 103021
	 [8]	 Zayachuk Y, ‘t Hoen M H J, Zeijlmans van Emmichoven P A, 
Terentyev D, Uytdenhouwen I and van Oost G 2013 Nucl. 
Fusion 53 1
	 [9]	 Schmid K, Rieger V and Manhard A 2012 J. Nucl. Mater. 
426 247
	[10]	 Zhou H B, Liu Y L, Jin S, Zhang Y, Luo G N and Lu G H 
2010 Nucl. Fusion 50 025016
Figure 11. The prediction of the D retention on the dislocation network as a function depth for the same implantation conditions as 
in figure 6.
J. Phys.: Condens. Matter 26 (2014) 395001
V I Dubinko et al
10
	[11]	 Ogorodnikova O V, Roth J and Mayer M 2008 J. Nucl. Mater. 
373 254
	[12]	 Haasz A A, Poon M, Macaulay-Newcombe R G and Davis J W 
2001 J. Nucl. Mater. 290–293 85
	[13]	 Stephens J 1970 Metall. Trans. 1 1292
	[14]	 Terentyev D, Dubinko V, Bakaev A, Zayachuk Y, Van 
Renterghem W and Grigorev P 2014 Nucl. Fus. Lett.  
54 042004
	[15]	 Kresse G and Hafner J 1993 Phys. Rev. B 47 558
	[16]	 Blochl P E 1994 Phys. Rev. B 50 17593
	[17]	 Perdew J, Wang Y and Engel E 1991 Phys. Rev. Lett.  
66 508
	[18]	 Ryazanov A I, Arutyunova G A, Borodin V A, Sikursky Yu N 
and Chuev V I 1982 J. Nucl. Mater. 110 62
	[19]	 Greenwood G W, Foreman A J E and Rimmer D E 1959  
J. Nucl. Mat. 4 505
	[20]	 Dubinko V I, Hu S, Li Y, Henager C H Jr and Kurtz R J 2012 
Phil. Mag. 92 4113
J. Phys.: Condens. Matter 26 (2014) 395001

List of publications
[1] Grigorev, P., A. Bakaev, D. Terentyev, G Van Oost, Noterdaeme, and E. E.
Zhurkin. Interaction of hydrogen and helium with nanometric dislocation
loops in tungsten assessed by atomistic calculations. Nuclear Instruments
and Methods in Physics Research Section B: Beam Interactions with Materi-
als and Atoms, 393:164 – 168, 2017.
[2] Grigorev, P., L. Buzi, A. Bakaeva, D. Terentyev, G. De Temmerman,
G. Van Oost, and J. M. Noterdaeme. Numerical analysis of TDS spec-
tra under high and low flux plasma exposure conditions. Physica Scripta,
2016(T167):014039, 2016.
[3] Grigorev, P., D. Matveev, A. Bakaeva, D. Terentyev, E. E. Zhurkin,
G. Van Oost, and J.-M. Noterdaeme. Modelling deuterium release from tung-
sten after high flux high temperature deuterium plasma exposure. Journal of
Nuclear Materials, 481:181–189, 2016.
[4] Grigorev, P., D. Terentyev, G. Bonny, E. E. Zhurkin, G. van Oost, and J.-
M. Noterdaeme. Mobility of hydrogen-helium clusters in tungsten studied by
molecular dynamics. Journal of Nuclear Materials, 474:143–149, 2016.
[5] Grigorev, P., D. Terentyev, G. Bonny, E. E. Zhurkin, G. Van Oost, and J.-
M. Noterdaeme. Interaction of hydrogen with dislocations in tungsten: An
atomistic study. Journal of Nuclear Materials, 465:364–372, 2015.
[6] Grigorev, P., D. Terentyev, V. Dubinko, G. Bonny, G. Van Oost, J.-M. No-
terdaeme, and E. E. Zhurkin. Nucleation and growth of hydrogen bubbles on
dislocations in tungsten under high flux low energy plasma exposure. Nuclear
Instruments and Methods in Physics Research Section B: Beam Interactions
with Materials and Atoms, 352(0):96–99, 2015.
[7] G. Bonny, Grigorev, P., and D. Terentyev. On the binding of nanometric
hydrogen–helium clusters in tungsten. Journal of Physics: Condensed Matter,
26(48):485001, 2014.
II APPENDIX H
[8] G Bonny, D Terentyev, A Bakaev, Grigorev, P, and D Van Neck. Many-body
central force potentials for tungsten. Modelling and Simulation in Materials
Science and Engineering, 22(5):053001, 2014.
[9] V. I. Dubinko, Grigorev, P., A. Bakaev, D. Terentyev, G. van Oost, F. Gao,
D. Van Neck, and E. E. Zhurkin. Dislocation mechanism of deuterium reten-
tion in tungsten under plasma implantation. Journal of Physics: Condensed
Matter, 26(39):395001, 2014.
[10] D. Terentyev, V. Dubinko, A. Bakaev, Y. Zayachuk, W. Van Renterghem, and
Grigorev, P. Dislocations mediate hydrogen retention in tungsten. Nuclear
Fusion, 54(4):042004, 2014.
Master thesis publications:.
[11] D. Terentyev, G. Monnet, and Grigorev, P. Transfer of molecular dynamics
data to dislocation dynamics to assess dislocation–dislocation loop interac-
tion in iron. Scripta Materialia, 69(8):578–581, 2013.
[12] E. E. Zhurkin and Grigorev, P. Sputtering of Al nanoclusters by 1-13 keV
monatomic or polyatomic ions studied by Molecular Dynamics simulations.
Nuclear Instruments and Methods in Physics Research Section B: Beam In-
teractions with Materials and Atoms, 303(0):136–141, 2013.
